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Dynamic Grain Growth Driven by Subgrain
Boundaries in an Interstitial-Free Steel During
Deformation at 850 �C

THOMAS J. BENNETT IV and ERIC M. TALEFF

A mechanism is proposed for dynamic grain growth (DGG) by subgrain boundaries driving
grain-boundary migration. This mechanism is evaluated against data from an interstitial-free
steel tested in tension at 850 �C and a true-strain rate of 10�4 s�1 and rapidly quenched to
preserve microstructures evolved during deformation. Tensile tests produced steady-state flow,
distinct subgrains, and rapid DGG. Static annealing alone produced static grain growth (SGG)
that was much slower than DGG. Electron backscatter diffraction (EBSD) provided grain size
and orientation measurements. High-resolution electron backscatter diffraction (HR-EBSD)
was used to accurately measure subgrain sizes and subgrain boundary misorientations. The
average grain size increased linearly with strain during DGG, but the average subgrain size
remained constant during straining. The average subgrain boundary misorientation increased
with strain, initially rapidly and then slowly. The dihedral angle imposed in grain boundaries by
intersecting subgrain boundaries decreased with increasing subgrain boundary misorientation,
which supports the proposed mechanism for DGG. The driving pressure for grain-boundary
migration from subgrain boundaries is estimated to be approximately one order in magnitude
greater than that from dislocation density reduction under the conditions examined.
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I. INTRODUCTION

GRAIN growth is the gradual increase of average
grain size in a recrystallized material.1 This study
investigates how the subgrains developed in a recrystal-
lized interstitial-free steel during steady-state deforma-
tion at elevated temperature influence dynamic grain
growth, that is grain growth during plastic deformation.
It is fundamentally concerned with how subgrain
boundaries may interact with high-angle grain bound-
aries to drive grain-boundary migration and, thus, grain
growth during deformation. Grain-boundary migration
is of great practical importance to controlling grain size
in metals and their alloys during thermo-mechanical
processing. Plastic deformation at elevated temperature
can dramatically affect the rates of grain-boundary
migration and grain growth.2–18 Grain growth that
occurs at elevated temperature during concurrent plastic
deformation is termed dynamic grain growth (DGG). By

contrast, grain growth that occurs during static anneal-
ing without concurrent deformation is termed static
grain growth (SGG). DGG phenomena are important
to understanding microstructural evolution and material
behavior during thermo-mechanical processing and
elevated temperature service when creep deformation
may occur.
Grain growth can be further classified as either normal

or abnormal based upon the relative growth rates among
grains. Normal grain growth is characterized by a
continuous uniform coarsening of the microstructure
during which the initial grain size distribution, typically
log-normal, shifts upwards over time without changing
its essential shape.1,19 Abnormal grain growth is char-
acterized by the rapid and often discontinuous growth
of one or a few grains to sizes significantly larger than
those of grains in the surrounding microstructure.1,19

Abnormal grain growth can cause an initially unimodal
grain size distribution to become bimodal.19 Combining
these two classification schemes leads to four categories
of grain growth: 1. static normal grain growth, 2. static
abnormal grain growth, 3. dynamic normal grain
growth, and 4. dynamic abnormal grain growth.18 The
present investigation is concerned with static and
dynamic normal grain growth phenomena.
SGG theory has been treated extensively in the

literature, and current understanding is summarized in
modern textbooks.19,20 The driving pressures for
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boundary migration classically considered of greatest
practical importance are those from grain boundary
curvature and the elimination of stored deformation
energy, synonymous in theory with the elimination of
dislocation density. These driving pressures have been
applied to explain many aspects of SGG20 but are not
always consistent with experimental observations. For
example, recent investigations of grain growth in Ni by
Bhattacharya et al. identified no correlation between
grain boundary velocities and boundary curvatures, a
result that calls aspects of classical theory into
question.21

DGG has received much less attention than SGG.
DGG has been observed in creep tests22 and superplastic
deformation.2–7 DGG during superplastic deformation
has been attributed to effects from grain boundary
sliding, such as excess vacancies near grain boundaries2,3

and damage at triple junctions.4 Rabinovich and Tri-
fonov5 proposed that geometrical effects from grain
elongation during superplastic deformation are signifi-
cant to DGG. These proposed mechanisms are not
applicable to DGG when superplastic deformation
mechanisms are not active. Bate and Hyde7,8 investi-
gated dynamic normal grain growth in superplastic and
non-superplastic Al alloys and proposed that deforma-
tion disrupts Zener pinning effects, accelerating
grain-boundary migration. Bate incorporated a model
for this effect into numerical simulations of DGG.23

Onuki et al.24 investigated dynamic normal grain
growth in Fe-3Si (mass pct) under plane-strain com-
pression and suggested that grains preferred for growth
are those oriented for low Taylor factors and stability
against deformation. Rupp et al.18 investigated dynamic
normal grain growth in a titanium-added interstitial-free
steel and observed the dynamic growth of grains
oriented for high Taylor factors, which contrasts with
the results of Onuki et al. Among the most dramatic
examples of DGG are the observations of dynamic
abnormal grain growth in the body-centered cubic
(BCC) refractory metals Mo and Ta,10–17 which include
the production of Mo single crystals several centimeters
in length.12 Microstructural investigations of dynamic
abnormal grains produced in Mo suggested that sub-
grains may play an important role in dynamic grain
growth.17 A mechanism by which subgrain boundaries
intersecting high-angle grain boundaries provide a
driving force for boundary migration was suggested by
Noell and Taleff based upon those observations.17 The
details and feasibility of this mechanism are explored in
the present study.

For BCC metals and face-centered cubic (FCC)
metals of high-stacking-fault energy, creep deformation
typically produces well-defined subgrains.25–31 Sub-
grains are regions of approximately constant crystallo-
graphic orientation within deformed grains. Subgrains
are separated by distinct low-angle boundaries, termed
subgrain boundaries, with misorientations ranging from
a small fraction of a degree to several degrees. Subgrains
fully develop as primary creep transitions into steady
state, where subgrain diameter is inversely proportional
to stress.25–28 Figure 1 presents the microstructure of a
titanium-added interstitial-free steel that exhibits

subgrains from high-temperature deformation. This
microstructure was produced by tensile elongation at
850 �C in the steady-state creep regime and was pre-
served for subsequent characterization by rapidly
quenching the specimen while holding stress steady.
The present study investigates the role of subgrains in

driving DGG in the same titanium-added intersti-
tial-free (Ti-IF) steel sheet material that provided
Figure 1. DGG was induced following recrystallization
in a series of tensile tests at 850 �C. SGG was similarly
induced in a series of annealing heat treatments at the
same temperature. The resulting microstructures were
characterized using scanning electron microscopy
(SEM) techniques, principally electron backscatter
diffraction (EBSD). Subgrain boundaries can have
misorientation angles on the order of 0.1 deg, smaller
than the typical limits of resolution for standard EBSD
indexing methods based on the Hough transform.
High-resolution electron backscatter diffraction
(HR-EBSD), which provides a relative orientation
resolution sufficient to resolve boundary misorientations
as low as 0.1 deg, was, therefore, utilized for subgrain
characterization. The data produced are used to evalu-
ate the effect of subgrain boundaries on DGG by
interpretation through theory, which is presented next.

II. THEORY

The Einstein relation from kinetic theory embodies
the hypothesis of a mobility defined as the drift velocity
divided by a driving force.32–34 This concept of mobility
has been fundamental to understanding migration
phenomena in force-producing fields. Many theories of
grain-boundary migration borrow this concept to define
the velocity of boundary migration, v, as the product of
boundary mobility, m, and a driving force described by
thermodynamic pressure P on the boundary such that20

v ¼ mP: ½1�

This approach inherently assumes that a continuum
field theory reasonably approximates the physics of
grain-boundary migration. The case of elastic stress
and strain fields obviously fits this approach well for
many examples of practical interest.20,35–39 The influ-
ence of plastic deformation on grain-boundary migra-
tion has been addressed similarly by approximating
dislocation density, q, as a continuum field describing
stored deformation energy from plastic straining.20

The appropriateness of this assumption clearly
depends on length scale. Eliminating dislocation den-
sity, and its associated stored deformation energy,
reduces total energy. Approximating the energy per
unit length of a dislocation line as lb2=2, where l is
the elastic shear modulus and b is the magnitude of
the Burgers vector, produces the usual estimate for the
thermodynamic driving pressure on a grain boundary
to eliminate dislocation density by migration,20

Pd ¼ 1

2
qlb2: ½2�
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This theoretical approach raises a question of informa-
tion passing. Thermodynamics dictates that the grain
boundary will migrate toward the highest dislocation
density to produce the greatest energy reduction. But,
how does the grain boundary know that direction? The
continuum field theory for dislocation density assumes
that the grain boundary can sense this direction through
gradients in dislocation density field intensity. However,
it is not always reasonable to model dislocation density
as a continuous field. The approach suggested by Eq. [2]
must be questioned at small length scales or whenever
dislocation density might be discontinuous. Fortunately,
these issues can be overcome by considering discrete
dislocations.

Consider a nominally planar high-angle grain bound-
ary defined by the unit normal vector n̂ shown in
Figure 2(a). This grain boundary is intersected at
point B by a straight dislocation line with unit sense

vector n̂. The dislocation terminates at point B and

creates there a force on the grain boundary. Here, n̂ is
taken as pointing away from B. The force on the
boundary at B may be approximated using the elastic
strain energy per unit dislocation line length, which is
equivalent to a line tension,

f ¼ alb2n̂ ; ½3�

where a is a constant that depends on dislocation
character and elastic properties40–42 and is typically in
the range of a ¼ 0:5 to 1.0.42 This force encourages

Fig. 2—(a) A single dislocation line intersects a high-angle grain boundary (GB) at point B. (b) A planar array of dislocations forming a
subgrain boundary (SGB) intersects a high-angle grain boundary (GB) along line CC0. (c) Subgrain boundaries spaced a distance L apart
intersect a high-angle grain boundary (GB), producing local curvature near the lines of intersection. (d) The balance of forces between the
high-angle grain boundary and subgrain boundary at C creates the dihedral angle /.

Fig. 1—(a) The microstructure in Ti-IF steel after deformation to �f ¼ 0:225 at _� ¼ 10�4 s�1 and 850 �C is shown in a backscattered electron
image. (b) EBSD data from the same region as (a) are presented as an inverse pole figure (IPF) map; the color key is the same as that shown in
Fig. 6. Solid lines indicate grain boundaries with a misorientation greater than five degrees. Subgrain boundaries in (a) are identifiable upon
comparison with (b). Both images are presented at the same scale (Color images are available online).
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boundary migration along the dislocation line direc-

tion n̂. Considering this discrete dislocation makes clear
that the force for migration of a boundary is commu-
nicated directly by the dislocations that intersect that
boundary, whether the distribution of dislocations is
inhomogeneous or sufficiently homogeneous to merit
the assumption of a continuous dislocation density field.

The action from N dislocations intersecting area A on
one side of a high-angle grain boundary might be
generalized for relatively homogeneous dislocation dis-
tributions by defining the dislocation density as
q ¼ N=A. To determine the driving pressure that acts
normally to the grain boundary, the component of force
normal to that boundary from each dislocation i can be
calculated from Eq. [3] as follows:

fn;i ¼ ailb
2 n̂i � n̂
� �

: ½4�

Summing the contributions from the N dislocations
intersecting the boundary area A produces a driving
pressure,

Pd ¼ 1

A

XN
i¼1

fn;i

¼ qlb2

N

XN
i¼1

ai n̂i � n̂
� �

¼ �aqlb2

; ½5�

where �a is an average value produced by the summation.
If �a � 1=2, then this result is the same as that from the
classical field theory that produced Eq. [2]. As expected,
these two theoretical approaches produce equivalent
results when it is reasonable to model dislocation density
as a continuous field.

Dislocation substructures arrange into low-angle
boundaries that form subgrains during the high-tem-
perature deformation of pure metals and Class II (also
called Class M) alloys with high stacking-fault ener-
gies.26,27,43,44 Examine how these subgrain boundaries
may interact with high-angle grain boundaries using
Figure 2(b). Consider first a simple planar array of
identical dislocations, as shown in Figure 2(b), that
produces a low-angle subgrain boundary (SGB) inter-
secting a high-angle grain boundary (GB) along line

CC0. Equation [5] could be used to calculate the
resulting migration pressure on the grain boundary,
but the forces from the individual dislocations can be

also approximated as a line of force acting along CC0.
That line force is equivalent to the subgrain boundary
energy, csgb. Consider now the more realistic case of a

high-angle grain boundary between two grains, labeled
as Grain 1 and Grain 2 in Figure 2(c). Grain 1 is free of
subgrains, but Grain 2 contains subgrain boundaries
spaced a length L apart and intersecting a high-angle
grain boundary (GB) with Grain 1. Note that the
distance L is related to the subgrain size, k. The

intersection line CC0 in Figure 2(b) would be perpen-
dicular to the figure in (c). At each line of intersection,
the subgrain boundaries produce a line force on the

high-angle grain boundary, causing local curvature.
Together, the subgrain boundary intersections produce
forces that can be approximated as an average down-
ward driving pressure for migration on the high-angle
grain boundary,

Psgb ¼
csgb
L

: ½6�

For the case of subgrains in both Grain 1 and
Grain 2, the downward driving pressure for migration
would be determined by the difference in subgrain
characteristics on the two sides of the grain boundary
as,

DPsgb ¼
csgb;2
L2

�
csgb;1
L1

: ½7�

By this analysis, subgrains developed during high-tem-
perature deformation produce a driving pressure for the
migration of high-angle grain boundaries, which could
accelerate grain growth. Furthermore, high-angle grain
boundaries should migrate into grains containing the
smallest subgrains with the highest subgrain boundary
energies.
The boundary intersection at location C in

Figure 2(c) is examined closely in Figure 2(d). The
subgrain boundary produces a dihedral angle / in the
high-angle grain boundary, and this angle depends on
the energies of the two boundary types as,

cos
/
2

� �
¼ 1

2

csgb
cgb

; ½8�

where cgb is the energy of the high-angle grain bound-
ary. The energy of a boundary produced by a planar
array of dislocations was considered by Shockley and
Read,45,46 who determined that the boundary energy is
governed by the misorientation angle, h, across the
boundary. The resulting Read-Shockley equation is
generally considered accurate for low-angle bound-
aries.41 Applying this to the case of subgrain bound-
aries provides,

csgb ¼ c0 h ðARS � ln hÞ ; ½9�

where c0 and ARS are constant parameters. Equa-
tions [8] and [9] combine to predict dihedral angle as a
function of subgrain boundary misorientation angle.
This prediction can be tested against experiment and
used to calculate the driving pressure from subgrains for
the migration of high-angle grain boundaries.

III. EXPERIMENTAL PROCEDURES

A commercial Ti-IF steel sheet material, provided by
I/N Tek (New Carlisle, IN) with a thickness of
0.69 mm, was tested to investigate the influence of
subgrains on DGG. The Ti-IF steel composition, as
reported by the manufacturer, is provided in Table I.
The sheet material was received in a hard as-rolled
condition. This is the same material previously investi-
gated by Rupp et al.18 Two types of tests were
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conducted using this material: 1. tensile tests at 850 �C
and 2. static annealing tests at 850 �C. Specimens for
tensile tests were produced with a gage width of 6.4 mm,
a gage length of 25.4 mm, and a grip-gage transition
radius of 1.6 mm. One hole 6.4 mm in diameter was
centered in each specimen grip end to accommodate a
pin for specimen loading. The original sheet thickness
was retained, and the specimen tensile direction (TD)
was always taken along the sheet rolling direction (RD).
Tensile tests were conducted using a computer-con-
trolled, servo-hydraulic test frame fitted with a three-
zone resistance furnace and a fused quartz retort
providing atmosphere control. Temperature control
was calibrated to provide a specimen temperature of
850 �C within ±5 �C. Tensile specimens were tested in
pin-loaded grips contained within the atmosphere-con-
trolled retort at a constant true-strain rate of
_� ¼ 10�4 s�1, calculated assuming uniform gage region
deformation. Strain was calculated from hydraulic
piston displacement, and stress was calculated from
force measured by a load cell. Tensile data were
corrected for instrument compliance by enforcing the
known elastic modulus of pure Fe at 850 �C, as reported
by Köster.47 Each specimen was elongated to a prede-
termined strain less than that at which significant
necking or rupture was observed. The true strains
achieved, calculated from gage length measurements
taken before and after elongation, and other test
conditions are summarized in Table II. Each specimen
was heated to 850 �C within 30 minutes and subse-
quently soaked at this temperature for one hour to
ensure complete recrystallization and a stable tempera-
ture prior to tensile straining. Experimental observa-
tions confirmed that this process produced fully
recrystallized microstructures. Because of its very low

carbon content in solution, the Ti-IF steel remains fully
within the BCC ferrite phase field at 850 �C.18 A
constant load of 4.4 N was maintained on the specimen
during heating and soaking, which produced a stress
sufficiently small (� 1 MPa) to avoid significant creep
deformation. Specimens were tested in a reducing
atmosphere of N2 with 4% H2 to suppress oxidation.
After straining at a constant true-strain rate to the target
test strain, the computerized controller was changed
from displacement to load control, and the specimen
load was held constant while the specimen was rapidly
quenched by impinging jets of pressurized air, a special
feature of the custom instrumentation employed.48 The
average cooling rate from 850 �C to 200 �Cwas 80 �C/min.
Quenching of the specimen while under load is critically
important to preserving the microstructural features
present during high-temperature deformation, particu-
larly subgrain structures.
Static annealing experiments at 850 �C used the same

instrumentation as the tensile tests, but without applying
any strain, to induce recrystallization and SGG. Rect-
angular specimens 31 mm by 14 mm were excised from
the Ti-IF sheet for static annealing tests. Each of four
specimens was heated to 850 �C over 30 minutes, held at
this temperature for a fixed time of at least one hour,
and quenched to room temperature by air jets. Table II
presents the conditions for these four tests.
Specimens were prepared for metallographic examina-

tion using typical grinding and polishing procedures,
which included grinding on progressively finer SiC
papers, polishing with progressively finer diamond sus-
pensions, and final polishing with colloidal silica. Final
polishing with a 0.05 lm colloidal silica suspension was
performed for extended times, typically one hour.
Microstructures were characterized by scanning electron
microscope (SEM) using the backscatter electron (BSE)
contrast and electron backscatter diffraction (EBSD)
techniques. Crystallographic texture and the grain sizes of
deformed and statically annealed specimens were evalu-
ated from EBSD data. EBSD measurements on the
deformed specimens employed a JEOL IT300HR SEM
equipped with an EDAXVelocity EBSD detector. EBSD
measurements on the statically annealed specimens
employed a ThermoFisher Scientific Scios 2 focused ion
beam SEM equipped with a Lumis EBSD detector. All
SEM data were collected while operating with an accel-
erating voltage of 20 kV and a working distance between
10 and 20 mm. Specimens were tilted to 70 deg for EBSD
measurements. EBSD data for normal analyses were
collected with a step size of 0.75 lm using 4� 4 camera
binning and processed using the MTEX49 toolbox for

Table I. Ti-IF Steel Composition in Wt Pct

Mn Al Ti Cr Cu Ni S P Nb Si Mo

0.1319 0.065 0.0428 0.0294 0.0188 0.0185 0.0118 0.0112 0.0097 0.0049 0.004

As N C Pb Sn V Sb B Ca Fe

0.0034 0.00248 0.0024 0.001 0.001 0.001 0.0007 0.0001 0.0001 bal.

Table II. Test Conditions Include Time at Temperature (t),
Final True Strain (�f), and True-Strain Rate (_�)

Test Type t (h) �f _� (s�1)

Static 1.00 0 0
Static 2.58 0 0
Static 4.92 0 0
Static 8.00 0 0
Dynamic 1.28 0.076 10�4

Dynamic 1.28 0.086 10�4

Dynamic 1.33 0.101 10�4

Dynamic 1.39 0.124 10�4

Dynamic 1.64 0.225 10�4
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MATLAB.50 Grains were segmented using a minimum
boundary misorientation angle of five degrees and a
minimum grain area of 10 pixels (5.6 lm2). These values
were determined to produce the most reasonable segmen-
tation of grains through testing a range of possible values.
Unindexed points were filled based on neighboring
grains, and noise reduction was applied using a half-
quadratic minimization filter with a ¼ 0:3; see references
49 and 51 for details on this method. This choice of
method and value of a, among all those available in
MTEX, was determined to produce the most reasonable
noise reduction without obscuring subgrain structures.
Average grain area, A, was calculated for each specimen
using the rectangular planimetric (Saltykov) method52,53

applied to three EBSDdatawindows, eachmeasuring 510
by 640 lm. Lineal intercept grain size, ‘, was calculated
from EBSD grain area measurements using the relation-

ship recommended in ASTM E112-1353: ‘ ¼ p �A=4ð Þ1=2.
Data for high-resolution EBSD (HR-EBSD) analysis, in
which electron backscatter diffraction patterns (EBSPs)
are saved for post-processing using image cross-correla-
tion, were collected for deformed specimens on the JEOL
IT300HR system using a step size of 0.5 lm and 1� 1
camera binning (446� 446 pixels). HR-EBSD provides a
relative orientation resolution one to two orders of mag-
nitude better than standard EBSD indexingmethods that
use the Hough transform.54 This level of resolution is
necessary to consistently resolve low-angle subgrain
boundaries, as illustrated in Figure 3 using grain refer-
ence orientation deviation (GROD) maps.

The OpenXY55 software package was used for
cross-correlation-based HR-EBSD data processing.
Regions of similar orientation were segmented by first
identifying boundaries with a minimum misorientation
angle of three degrees before processing data in OpenXY.
Cross-correlation calculations were conducted indepen-
dently within each segmented region. Experimental
EBSPs, as opposed to dynamically simulated EBSPs,
were used as reference patterns for the cross-correlation
calculations. Band pass filters (OpenXY image filter
values: 12, 55, 1, 1) were applied to the EBSPs to reduce
image noise. The cross-correlation routine used 70
regions of interest per EBSP, each comprising 40% of

the EBSP image area, equally spaced in an annular
arrangement. No additional image filtering was applied.
Outputs from the OpenXY cross-correlation calculations
were saved for subsequent processing through theMTEX
toolbox software. Software tools alone were found
insufficient to accurately and reliably segment subgrains
in theHR-EBSDdata sets. Because of this, a combination
of software and manual subgrain identification was used
to measure subgrain sizes. First, the MTEX software was
used to segment regionswith boundarymisorientations of
two degrees or greater, and it did this reliably. No noise
reduction was applied to HR-EBSD data processed using
MTEX. Next, GROD maps were produced and used to
manually identify subgrains that software could not
segment. GROD maps provided the clearest visual
distinction of subgrains among the many microstructure
visualization methods examined. The number of sub-
grains identified completely within each HR-EBSD data
set was counted for each test condition, and their
corresponding total area coverage wasmeasured. At least
80 subgrains were identified and counted for each test
condition. From these measurements, average subgrain
areawas calculated for each test condition. Average lineal
intercept subgrain size, k, was calculated using the same
relationship from ASTM E112-1353 previously used to
convert average grain area to average lineal intercept
length. A disadvantage of this approach is the lack of a
clearmethod to determine the uncertainty in subgrain size
measurements without acquiring an impractically large
number of HR-EBSD data sets. The misorientations of
individual subgrain boundaries were measured in soft-
ware after manually identifying all visible subgrains and
specifying boundaries between adjacent subgrains. These
measurements produced a distribution of individual
subgrain misorientation angles for each test condition,
fromwhich an average subgrainmisorientation angle was
calculated.
The dihedral angle created by a subgrain boundary

intersection with a high-angle grain boundary, illus-
trated in Figure 2(d), and the misorientation across the
intersecting subgrain boundary are quantities of partic-
ular interest for the present investigation. To measure
these, several such intersections were identified from

Fig. 3—Grain reference orientation deviation (GROD) maps revealing subgrains are calculated from (a) standard EBSD data based on Hough
transform indexing and (b) HR-EBSD data based on EBSP cross-correlation. HR-EBSD provides higher relative orientation resolution and
reduces noise compared to standard EBSD. The microstructure shown is in Ti-IF steel after straining to �f ¼ 0:086 at _� ¼ 10�4 s�1 and 850 �C
(Color images are available online).
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specimens tested to three different true strains: 0.086,
0.124, and 0.225. One example is shown in Figure 4(a).
Both HR-EBSD data and BSE images were acquired at
these locations. HR-EBSD data were used to measure
subgrain boundary misorientations, and high-magnifi-
cation BSE images were used to measure dihedral
angles. The method for making these measurements is
illustrated in Figure 4. The average misorientation
across each boundary was calculated from five orienta-
tion measurements made in each of the three unique
grain or subgrain regions illustrated in Figure 4(b). The
dihedral angle, /, induced in the high-angle grain
boundary was measured from a high-resolution BSE
image, as illustrated in Figure 4(c). At least 16 such
measurements were made for each of the three test
conditions examined.

IV. RESULTS

Microstructural characterization confirmed that Ti-IF
steel specimens fully recrystallized during the one-hour
soak at 850 �C prior to tensile straining. Figure 5
presents a typical plot of true stress versus true strain

for a tension test conducted at _� ¼ 10�4 s�1 and 850 �C.
Noise in the load data was reduced by applying a
third-order Butterworth low-pass filter with a 2 min�1

cutoff. Flow stress is steady for true strains greater than
� � 0:03. The steady-state flow stress averaged over all
specimens tested is 11:1� 1:9 MPa. Flow stress remains
steady up to the highest strain investigated, � ¼ 0:225,
indicating homogeneous deformation by steady-state
creep in this testing regime.26 No necking or otherwise
inhomogeneous deformation was observed in specimen
gage regions. A small amount of deformation was
measured near the pin holes used for loading the
specimens during tensile testing. Accounting for this
effect, the average true-strain rate during deformation
was calculated to be within the range of 7:5� 10�5 to
10�4 s�1.
Figure 6 presents microstructures in specimen plane

sections that include the tensile direction (TD = RD)
and the long-transverse direction (LTD), viewed along
the short-transverse direction (STD). Inverse pole fig-
ure (IPF) maps display the differences between
microstructures produced by static annealing, in the left
column, and those produced by the dynamic test
conditions during tensile deformation, in the right
column. These IPF maps are colored with respect to

Fig. 4—(a) Subgrain boundary intersections with grain boundaries are visible in this GROD map from HR-EBSD data for Ti-IF steel strained
to �f ¼ 0:225 at _� ¼ 10�4 s�1 and 850 �C. A red box marks the region of interest shown in (b) and (c) at higher magnification. (b) Locations of
orientation measurements used for calculating boundary misorientations are marked. (c) The dihedral angle, /, is measured from a BSE image.
Facets of the high-angle boundary between which / is defined are marked with solid lines, and a dashed line marks the orientation of the
subgrain boundary facet at its intersection with the high-angle boundary. The scales of images (b) and (c) are identical (Color images are
available online).
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the STD. Grain boundaries defined by misorientation
angles greater than five degrees are traced by solid lines.
Only modest grain growth is apparent between static
annealing for one and eight hours. The deformed
microstructures exhibit much larger grains than either
of the statically annealed microstructures. Significant
grain growth is apparent between the specimens
deformed to true strains of 0.086 and 0.225. Subgrains

are numerous in the deformed microstructures, but
regions similarly delimited by low-angle boundaries
formed during recrystallization, which may also be
called subgrains, are nearly absent from the recrystal-
lized and statically annealed microstructures. For exam-
ple, the undeformed microstructure at the bottom of
Figure 6 (t ¼ 8 hrs) contains an average of 0.09 sub-
grains per grain, and the deformed microstructure
beside it (�f ¼ 0:225) contains an average of 0.6 sub-
grains per grain. Subgrain boundaries are sometimes
visible in IPF maps as sharp color changes within a
grain. Subgrains are most prominent in the specimen
with the largest plastic strain, which suggests that
crystallographic misorientation across subgrain bound-
aries increases with increasing strain.
Recrystallization produced a strong h111i k STD

texture component belonging to the c-fiber, which is
evident in both the statically annealed and deformed
microstructures of Figure 6. The inverse pole figures pre-
sented in Figure 7 more clearly demonstrate this c-fiber
component and reveal a strong h110i k RD=TD texture
component belonging to the a-fiber. The strength of this
a-fiber component increases with plastic strain, while the

Fig. 6—IPF maps are shown for Ti-IF steel microstructures produced at 850 �C by static annealing for (a) 1 h and (b) 8 h and by tensile
straining at _� ¼ 10�4 s�1 to (c) �f ¼ 0:086 and (d) �f ¼ 0:225. All IPF maps are at the same scale. A scale representation of the tensile coupon
geometry is shown at the right with specimen reference directions. These demonstrate the orientation of IPF maps with respect to the specimen
reference directions (Color images are available online).

Fig. 5—Typical tensile test data are plotted as true stress versus true
strain for Ti-IF steel deformed in uniaxial tension at _� ¼ 10�4 s�1

and 850 �C.
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strength of the c-fiber component is only slightly
diminished. These results are consistent with the detailed
analysis by Rupp et al. for the effects of recrystalliza-
tion, plastic straining, and DGG on the crystallographic
texture in this material.18 A map of the Taylor factor
under uniaxial tension applied along the RD is pre-
sented in Figure 7 for comparison. The Taylor factor
was calculated for uniaxial tension assuming mixed slip
on the f110gh�111i, f112gh11�1i, and f123gh11�1i slip
systems.56 Examination of the Taylor factor map
indicates that a-fiber texture components are associated
with high Taylor factors. Thus, texture components
associated with high Taylor factors were strengthened
by uniaxial tensile deformation at 850 �C.

Lineal intercept grain sizes, converted from EBSD
grain area measurements, are presented in Figure 8(a) as
a function of the logarithm of time at 850 �C. Times at

this temperature reported for the dynamic specimens
include the one-hour soaking time before plastic strain-
ing. Error bars indicate the minimum and maximum
values from each set of three measurement fields. Grain
size increased steadily with time at temperature in
statically annealed specimens. The average grain size
was 19.9 ± 0.2 lm after one hour of static annealing at
850 �C and 22:5� 1:2 lm after eight hours. Dynamic
conditions produced significantly larger grain sizes than
did static annealing. Figure 8(b) presents average grain
size from dynamic tests as a function of true strain.
Error bars have the same meaning as in Figure 8(a). At
� ¼ 0:076, the lineal intercept grain size was
27:7� 0:5 lm. At � ¼ 0:225, the grain size increased to
33:9� 0:6 lm. From the smallest nonzero strain to the
largest strain investigated, grain size increases approx-
imately linearly with true strain. The rate of this

Fig. 7—Inverse pole figures (IPFs) demonstrate the change in texture from the statically annealed material to the deformed material. A Taylor
factor map, calculated for uniaxial tension assuming mixed slip on the f110gh�111i, f112gh11�1i, and f123gh11�1i slip systems, is shown for
reference (Color images are available online).
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increase, as measured from the slope of the solid
regression line shown in Figure 8(b), is 39.9 lm per
unit strain. The data of Figure 8(b) suggest that grain
growth is initially faster than this but quickly slows to
the observed steady growth rate after initial straining, as
suggested by the dashed curve.

Figure 9 presents measurements of individual grain
areas as histograms on a logarithmic scale. These
histograms present the number fraction of grains
belonging to each grain area interval, with the sum of
the bar heights normalized to unity. This number
fraction representation is used to clearly present popu-
lations of small grains that would be diminished in an
area fraction representation. Only grains completely
captured in EBSD data were included in these calculu-
ations, i.e., grains intersected by the border of a data set
were excluded. The number of grains sampled, N, is
shown in the top left corner of each histogram. Over
1600 grains were sampled from each of the statically
annealed specimens. At least 500 grains were sampled
from each dynamic specimen; the smaller sample num-
bers for dynamic specimens are results of their larger
grain sizes. Grain area distributions are interpreted here
as approximately log-normal with a single dominant
mode. All the grain area distributions exhibit long left
tails, but the long left tails are most pronounced for
dynamic conditions. These results are consistent with
those of Rupp et al.,18 who interpreted the grain size
distributions following DGG as bimodal with the
smaller mode at small grain sizes. The alternative
approach of measuring skewness is used here to distin-
guish between the grain area distributions produced by
SGG and DGG. Skewness, the third standard moment
about the mean, quantifies deviation from a normal
distribution and is useful for quantifying the relative
sizes of the left tails observed in Figure 9. The sample
skewness is defined as,57

S ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
N N� 1ð Þ

p
N� 2

1

N

XN
i¼1

xi � �x

rsd

� �3

½10�

where �x and rsd are the mean and population (biased)
standard deviation. In this case, xi ¼ log10ðAiÞ where Ai

is the grain area of the ith grain. For negative skewness,
larger absolute values indicate longer left tails. Skewness
values, calculated from the logarithms of grain area, are
reported for each distribution in Figure 9. The magni-
tude of the average skewness produced by DGG,
�Sdgg ¼ �0:71� 0:09, is significantly greater than that
produced by SGG, �Ssgg ¼ �0:44� 0:10, where the
uncertainty in these averages is represented by the
sample standard deviation. Skewness does not appear to
change significantly with annealing time in the statically
annealed specimens. Neither does skewness appear to
change significantly, or at least consistently, with strain
in the dynamic case.
Figure 10(a) presents average lineal intercept grain

size, ‘, and subgrain size, k, as functions of true strain.
Across the range of strains investigated, subgrain size
remains constant with an average value of
19.4 ± 0.9 lm; uncertainty in this average is represented
by the standard deviation. A constant subgrain size is
expected for steady-state, five-power creep in a BCC or
otherwise high-stacking-fault-energy metal deformed at
a constant true-strain rate and responding with a
constant flow stress.25,26,28,30,31,58–62 As previously
described, the method used to measure subgrain size
does not produce a value for uncertainty, which is the
reason that error bars are absent for subgrain sizes
reported in Figure 10(a). Figure 10(b) presents average
subgrain boundary misorientation angle as a function of
true strain. Error bars are not provided in Figure 10(b)
because uncertainty in the measurements of �hsgb are best
evaluated using the histograms presented in Figure 11.
Subgrain boundary misorientation increases with
increasing true strain, but the rate of increase diminishes
as strain increases. A straight-line extrapolation of
subgrain boundary misorientation angle to zero strain
suggests that nonzero subgrain boundary misorientation
angles form only after a plastic true strain of approx-
imately 0.06. Subgrains are expected to achieve rela-
tively stable sizes upon the transition from primary to

Fig. 8—Lineal intercept grain size, ‘, is plotted as a function of (a) time at temperature and (b) true strain. The grain size produced by static
annealing for one hour is representative of the grain size at zero strain.
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steady-state deformation, which occurs at a true strain
of approximately 0.03 according to the data presented
in Figure 5. This suggests that the increase in subgrain
boundary misorientation at small strains just beyond the
transition into steady-state deformation is nonlinear
with strain. These data also suggest that even very small
subgrain boundary misorientations are associated with
steady-state flow under plastic deformation at a pre-
scribed true-strain rate and constant temperature. This
evolution in subgrain boundary misorientation with

strain is similar to that measured by Kassner and
McMahon in unalloyed aluminum.31

Figure 11 presents histograms of the logarithm of
subgrain boundary misorientation angle, hsgb, for each
of four plastic strains. These histograms are scaled so
the bar heights sum to unity. The number of subgrain
boundaries measured, N, and the plastic strain applied
are reported in each histogram. The average subgrain
boundary misorientation angle, �hsgb, is indicated for
each test condition. All distributions are approximately
log-normal, which is evident from the log-normal fits

Fig. 9—Distributions of grain areas, calculated from EBSD data, are shown for Ti-IF steel microstructures produced under static (left column)
and dynamic (right column) test conditions. The number of grains sampled, N, and the sample skewness, S, are reported. Time at temperature,
t, and final true strain, �f, are reported where applicable.
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plotted over the histograms. The subgrain boundary
misorientation distributions shift toward larger angles as
strain increases. The right tail of the histogram at the
highest strain investigated, � ¼ 0:225, is slightly trun-
cated by the 5 deg threshold for distinguishing subgrain
boundaries from grain boundaries, but the effect from
this is considered negligibly small for the present
analysis.

V. DISCUSSION

A. Plastic Flow and Subgrain Evolution

High-resolution information from EBSD data for
relative crystallographic misorientations provides a new
opportunity to assess the role of subgrains in plastic flow
and DGG phenomena at elevated temperatures. The
plastic flow behaviors observed in Ti-IF steel are
consistent with prior work18 that demonstrated flow
dominated by five-power creep at a true-strain rate of
10�4 s�1 and temperature of 850 �C. The representative
stress–strain data in Figure 5 display an expected initial
flow transient, the equivalent of standard primary creep,
that quickly subsides into steady-state flow, which
persists from a true strain of approximately 0.03 until

test completion. Subgrains are expected to evolve during
the initial flow transient and reach a stable size that is
inversely proportional to the flow stress during stea-
dy-state deformation.25–27 Microstructures at the small-
est strain examined, � ¼ 0:076, evidence distinct
subgrains with a mature size that remains constant at
k ¼ 19:4 lm up to the largest strain evaluated,
� ¼ 0:225. This constant subgrain size is consistent with
a constant flow stress proportional to the inverse of
subgrain size (r / 1=k) during steady-state, five-power
creep.26,27 Although DGG produces a nearly linear
increase in grain size with strain, shown in Figures 8(b)
and 10(a), it does not affect the flow stress. This is
expected because flow stress during steady-state, five-
power creep is essentially invariant with grain size,
except for very small (‘.k) and very large grain
sizes.26,27,63 Although subgrain size does not change
with strain during steady-state flow, subgrain boundary
misorientation clearly increases with increasing strain.
Figures 10(b) and 11 demonstrate the increase of �hsgb

Fig. 11—Measured subgrain boundary misorientation angles are
presented as histograms with the average misorientation angle
marked for each of four test conditions. The number of
measurements made, N, and the true strain imposed on the
specimen, �f, are presented for each data set. Red curves are
log-normal fits to the data (Color figure online).

Fig. 10—(a) Average lineal intercept grain size, ‘, and subgrain size,
k, are plotted against true strain. (b) Average subgrain boundary
misorientation angle, �hsgb, is plotted against true strain.
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with strain at a rate diminishing beyond 0.1 true strain.
Clearly, subgrain size controls flow stress effectively at
even small subgrain boundary misorientations
(�hsgb<0:5�).

The HR-EBSD technique applied here offers several
advantages over previously established techniques for
characterizing subgrains produced during high-temper-
ature deformation. Historically, subgrains were charac-
terized using either optical microscopy (OM),
transmission electron microscopy (TEM), or X-ray
diffraction.26,27,29,31 OM presents difficulties with distin-
guishing subgrain boundaries from high-angle grain
boundaries. The secondary electron and BSE imaging
techniques of SEM present a similar limitation. TEM
can provide clear distinctions between low- and high-an-
gle boundaries and can be used to measure boundary
misorientations, but it is laborious for acquiring statis-
tically significant numbers of measurements. X-ray
diffraction techniques can measure features from pop-
ulations of subgrains,29 but only the most powerful of
recently developed techniques allow measurements of
individual subgrains. By coupling EBSD measurements
with the increased angular resolution of HR-EBSD
analysis, many of these previous limitations are over-
come. Low- and high-angle boundaries are easily and
quantitatively distinguished, a large number of mea-
surements can be made, and boundary misorientation
measurements are directly tied to specific subgrains.
While the cross-correlation HR-EBSD technique is very
effective in the present study, new software techniques
for EBSP indexing using spherical harmonics64,65 may
provide sufficient accuracy for similar analyses in future
studies with a lower computational burden.

B. Dynamic Grain Growth

SGG in the Ti-IF steel proceeded very slowly with
annealing time. The difference in average lineal intercept
grain size after one and eight hours of static annealing at
850 �C was 2.7 lm, an increase of only 13%. This result
is not surprising. Ti is alloyed in this ultra-low-carbon
steel to scavenge interstitial elements and produce an
interstitial-free matrix. These scavenged interstitials
combine with Ti to form precipitates, principally TiC,
which pin grain boundaries.66 This reduces boundary
mobility. Because SGG was observed, even the driving
pressures for boundary migration present in the static
case are sufficient to overcome some fraction of pinning
locations, i.e., m>0 in Eq. [1].

Significant DGG was observed in the specimens
plastically deformed at 850 �C. Only dynamic normal
grain growth occurred; no abnormal grains were
observed in the deformed specimens. All deformed
specimens, each of which was at temperature for less
than 100 min, had grain sizes larger than the specimen
statically annealed for eight hours. The specimen
deformed to �f ¼ 0:225 was at temperature for
1.64 hours and produced an average lineal intercept
grain size of 33.9 lm, which is 71% larger than the grain
size produced after one hour of static annealing. The
faster rate of grain growth associated with DGG

suggests a greater driving pressure on boundaries, such
as proposed in Eq. [6], and/or an increased boundary
mobility, such as through the unpinning mechanism
proposed by Bate and Hyde.7,8,23 Data from the present
study provide an opportunity to test the role of
subgrains in increasing the driving pressure during
DGG. The data, however, do not provide a means of
directly evaluating mobility differences between SGG
and DGG.
Both static and dynamic normal grain growth pro-

duced generally equiaxed microstructures with grain
aspect ratios in the range of 1.55 to 1.6 for all test
conditions. The grain sizes observed after SGG and
DGG are reasonably characterized by log-normal grain
area distributions with elongated left tails, as shown in
Figure 9. The long left tails of these distributions likely
represent a population of small grains not favored for
growth. DGG produced wider grain area distributions
with more negative skewness than did SGG. This
suggests that a significant population of small grains
are not favored for growth and are left unconsumed by
growing grains under dynamic conditions. Examples of
such small grains are evident in the microstructures of
the deformed (dynamic) specimens shown in Figure 6.
DGG produced under uniaxial tension along the RD

produces the following crystallographic texture changes:
1. strengthening of a-fiber components and 2. slight
weakening of c-fiber components. An analysis of this
texture evolution by Rupp et al.18 demonstrated that
crystal rotation under plastic deformation is associated
with strengthening of a-fiber components and weaken-
ing of the c-fiber components not intersecting the
a-fiber. The same analysis demonstrated that DGG
makes a unique texture contribution by strengthening
the c-fiber, particularly the f111gh1�10i and f111gh11�2i
components. Onuki et al.24 proposed a ‘‘preferential
dynamic grain growth mechanism’’ by which grains
preferred for DGG are those oriented for stability and
low Taylor factors under the imposed deformation. The
present observations are in generally good agreement
with the first assertion of this hypothesis. Changes in
texture are consistent with preferential growth of grains
oriented for stability under deformation. However, the
second assertion of the hypothesis of Onuki et al. is
inconsistent with the present results. The unique texture
components strengthened by DGG are oriented for
relatively high Taylor factors. The data suggest that
crystal rotation and stability against deformation are
more significant than the Taylor factor in controlling
texture evolution during DGG.

C. Driving Pressures for Grain-Boundary Migration

A theoretical model was described by which subgrain
boundary intersections with high-angle grain boundaries
can produce a driving pressure for grain-boundary
migration, thus, driving DGG. In order to assess the
feasibility of this model, quantitative predictions of
driving pressure are compared against driving pressures
estimated from classical models, namely grain boundary
curvature and dislocation density reduction. First
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estimated is the driving pressure from classical grain
boundary curvature theory, Pgb ¼ 2cgb=R, whereR is the

radius of curvature.20 Estimating this driving pressure
requires information for the grain boundary energy.
Energies for high-angle grain boundaries in BCC Fe
determined from experiments and computational simu-
lations are summarized in Table III.45,67–74 When an
average value was not reported by the authors, the values
presented are averages across largemisorientation angles,
e.g., 30 	 h 	 60 for Jaatinen et al.,72 excluding any
exceptionally low energy boundaries. The standard devi-
ations of these calculations are reported where feasible.
Although grain boundary energy can vary with boundary
misorientation, the experimental work of Dunn et al.
demonstrates that the ratio of grain boundary energy to
surface energy in BCC Fe plateaus above a boundary
misorientation angle of approximately 20 deg.75,76 The
simulations of h100i tilt boundaries by Jaatinen et al.
predict a similar effect.72 The embedded atom method
used by Ratanaphan et al. predicts that grain boundary
energy is relatively constant across many different
boundary types of large misorientation angle, with the
specific exception of boundaries sharing 110ð Þ planes,
which are of particularly low energy.73 The computation-
ally predicted values at the bottom of Table III demon-
strate a wider variation than the experimental values
reported at the top of this table. The experimentally
measured grain boundary energies for BCC Fe, which
range from 0.46 to 0.99 J/m2, are used to predict the
driving pressure from grain boundary curvature. Assum-
ing that the radius of boundary curvature is half the
recrystallized grain size of 20 lm, the driving pressure for
grain-boundary migration from boundary curvature is
estimated to be in the range of 0.09 to 0.20 MPa. Because
faceting of grain boundaries will generally produce radii
of curvature larger than half the grain size, as is clear from
Figure 1, this estimate is best considered an upper bound.
Because the recent investigation of Bhattacharya et al.21

found no correlation between grain boundary curvature
and migration velocity in polycrystalline Ni, it is possible
that the actual driving force from grain boundary
curvature is so small as to be negligible. Thus, an upper
bound is estimated for the driving pressure from grain
boundary curvature, but reality may be closer to a lower
bound of almost zero. This range of possible driving
pressures is reflected in Table IV. It is important to note
that any pressure from grain boundary curvature will
occur in both the static and dynamic cases with similar
effect and, thus, cannot be responsible for the difference in
SGG and DGG rates. This difference in rates must result
from effects that are different between the static and
dynamic cases, such as the boundary migration pressures
from dislocation density reduction and subgrain bound-
ary intersections, which are considered next.

An estimate of driving pressure for boundary migra-
tion based on dislocation density reduction is next
considered. This requires values for temperature-depen-
dent shear modulus and dislocation density. The driving
pressure due to dislocation density reduction is esti-
mated by applying Eq. [2]. Using the values and
methodology recommended by Frost and Ashby,77 the

shear modulus of BCC Fe is calculated to be 27.9 GPa
at 850 �C, and the Burgers vector length is assumed to
be 2:48� 10�10 m. Dislocation density can be estimated
from the data of Barrett et al.25 and Karashima et al.28

Barrett et al. reported dislocation densities within sub-
grains to range from 7� 1011 to 1:7� 1012 m�2 in creep
of Fe-3Si (wt pct). Karashima et al. reported disloca-
tion densities within subgrains to range from 4� 1011 to
1012 m�2 in the creep of single-crystal a-Fe. Their data
indicate a dislocation density of approximately
5� 1011 m�2 at the average steady-state flow stress of
11 MPa observed in the present study. Note that the
dislocation density within subgrains during steady-state,
five-power creep is a function of stress but not temper-
ature.27,28 Dislocation densities within subgrains are
observed to vary with stress approximately in accor-
dance with the Taylor relation (r / ffiffiffi

q
p

) during five-
power creep.26,27 Using these data, the driving pressure
for grain-boundary migration from the reduction of
dislocation density within subgrains is predicted to be
4� 10�4 MPa, which is shown in Table IV.
A quantitative estimate of the driving pressure on

grain boundaries due to subgrain boundaries is now
considered. The predictions of Jaatinen et al. are used
here because they present boundary energies in BCC Fe
across a range of low-angle boundaries and recommend
best-fit parameters for the Read-Shockley equation,
Eq. [9], of c0 ¼ 1:1271 J/m2 and ARS ¼ �0:41.72 This fit
is quite good for boundary misorientations up to
approximately 10 deg. It is important to note that the
values predicted by Jaatinen et al. for grain boundary
energy are lower than the experimental values and those
of other numerical simulations. The subgrain boundary
energies thus predicted for misorientation angles from
0.6 to 1.3 deg, the range of angles experimentally
measured and reported in Figure 10(b), likely represent
lower bounds on actual energies. The spacing of
subgrain boundary intersections with grain boundaries,
L in Figure 2(c), is assumed equal to 20 lm, approxi-
mately the mean lineal intercept subgrain size. Using
these approximations, the driving pressure is predicted
to range from 2� 10�3 to 4� 10�3 MPa, as reported in
Table IV. This is one order of magnitude greater than
the pressure estimated from the reduction of dislocation
density within subgrains. Thus, boundary migration
pressure from subgrain boundary intersections is the
more likely mechanism to cause the faster grain growth
observed under dynamic conditions. It is noted that the
pressure from subgrains is two orders of magnitude less
than the upper bound estimated from classical grain
boundary curvature but far greater than the lower
bound suggested by the results of Bhattacharya et al.21

The much slower rate of static grain growth suggests
that the pressure from boundary curvature, which is
present in both the static and dynamic cases, is likely
toward the lower values of that range and less than the
pressure from subgrains, if boundary mobility is similar
for both cases.
The following process by which subgrain boundaries

drive DGG can now be envisioned. As subgrains
develop with strain under five-power creep, their
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boundary misorientation angles increase, which is
demonstrated in Figure 10(b). Increasing misorientation
angle increases the subgrain boundary energy according
to the Read-Shockley equation, Eq. [9], which increases
the driving pressure for boundary migration, as pre-
dicted by Eq. [6]. When an imbalance in driving pressure
across a grain boundary occurs, as predicted by Eq. [7],
one grain will grow at the expense of its neighbor. All
subgrain boundaries within the consumed grain are
eliminated. The growing grain may be expected to retain
its preexisting subgrain boundaries during growth, but it
is unlikely to gain new subgrain boundary area. Thus,
the growing grain will have a lower subgrain boundary
area per unit volume, and a larger effective subgrain size,
after growth. To restore the approximately constant
subgrain size across the microstructure, as demonstrated
in Figure 10(a), new subgrain boundary area must be
accumulated with strain in a grain following its growth.
The new subgrains that develop will begin with very low
boundary misorientation angles that increase with
strain, as suggested by the trends in Figures 10(b)
and 11. The following might be expected from this
process. 1. After a grain grows, it will have an increased
subgrain size and will develop subgrain boundaries with
small boundary misorientations. This will bias the same
grain for further growth at the expense of its neighbors
that retain smaller subgrains with higher boundary
misorientations. 2. The dynamic evolution of subgrains
between growing and shrinking grains could slow the
rate of increase in subgrain boundary average misori-
entation with strain. This may be a cause for the
decreasing slope of �hsgb with strain in Figure 10(b).
3. Any differences in subgrain evolution between grains
may bias some grains for growth at the expense of their
neighboring grains.

It is worth noting that the process envisioned above
may explain an important previous observation for
dynamic abnormal grain growth, DAGG, in the refrac-
tory metals Mo and Ta.11–17 DAGG is a dynamic grain
growth process by which one or a few grains grow at the
expense of all other grains in a microstructures. A
minimum strain, termed the critical strain, is required to
initiate DAGG.11–17 This critical strain is a function of
strain rate, temperature, and material composition/
microstructure. The propensity of a dynamically grow-
ing grain to continue its growth under the influence of
subgrain boundaries, predicted in item 1 of the preced-
ing paragraph, may encourage abnormal grain growth.
The critical strain for DAGG may be a result of the
increasing driving pressure from subgrains with increas-
ing strain, as described in the previous paragraph,
reaching a minimum value to initiate the DAGG
process.
A directly testable prediction of the proposed model

for grain-boundary migration is the dihedral angle, /,
subtending grain boundary cusps formed at subgrain
boundary intersections, as shown in Figures 2(c) and (d)
and predicted by Eq. [8]. Calculating / involves only
relative boundary energy values. Simulation predictions
for relative values may be more comfortably relied upon
than absolute values of boundary energy. The grain
boundary energy and Read-Shockley parameters of
Jaatinen et al. were used to predict the dihedral angles
at subgrain boundary intersections with high-angle
grain boundaries as a function of hsgb. Predicted values
of / were calculated for values of hsgb ranging from
0.1 to 5 deg. Experimental values of / and hsgb were
measured from BSE images and HR-EBSD data,
respectively.

Table IV. Predicted Driving Pressures for Grain-Boundary Migration in BCC Fe

Mechanism P (MPa)

Grain Boundary Curvature 0 	 Pgb 	 0:2
Dislocation Density Reduction Pd � 4� 10�4

Subgrain Boundary Intersections 2� 10�3 	 Psgb 	 4� 10�3

Table III. Experimentally and Computationally Determined Grain Boundary Energies for BCC Fe

cgb (J/m2) Experimental Conditions Source

0.985 d-Fe at 1480 �C Roth67

0.795 d-Fe at 1450 �C Hondros68

0.470 d-Fe at 1400–1535 �C Price et al.69

0.468 d-Fe at 1450 �C Murr70

0.462 a-Fe-3Si (wt pct) at 1330 �C Hondros and Stuart71

cgb (J/m2) Computational Methods Source

1.58 �0:20 DFT tight binding model: various boundaries Wang et al.74

1.30 estimated from elastic constants: tilt boundary Shockley and Read45

1.11 �0:209 embedded atom (LAMMPS): various boundaries Ratanapha et al.73

0.372 �0:005 phase field crystal model: h100i tilt boundaries Jaatinen et al.72
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Figure 12 shows experimental and predicted values of
/ plotted as a function of hsgb. The solid curve indicates
predicted dihedral angles, and the symbols indicate
experimental values from specimens deformed to three
different strains. It is important to note that the dihedral
angle was measured experimentally from a plane sec-
tion, and this measured angle, /, is not necessarily equal
to the true dihedral angle, /T, in three-dimensional
space. Butler and Reeds78,79 considered the stereological
problem of measuring dihedral angles projected onto a
plane in a medium containing randomly oriented wedges
of a fixed dihedral angle. The distribution of / at a fixed
value of /T is a complicated function of elliptic integrals
that is derived in Reference 79. This distribution
function was implemented numerically for the present
study using the algorithms of Carlson and Notis80,81 to
evaluate the elliptic integrals. Upper and lower bounds
predicted to contain 95% of / values for a fixed /T were
calculated by inverting the distribution function for /
numerically. These bounds were calculated at several
values of /T and are plotted as dashed lines in
Figure 12. The majority of the experimental data fall
within these upper and lower bounds. This result quite
strongly supports the model proposed for subgrain
boundary intersections driving grain-boundary migra-
tion. However, approximately 20% of the data points
do fall outside the predicted 95% bounds. These points
may correspond to intersections that are not in a state of
equilibrium, as it is unreasonable to expect that all
intersections reached equilibrium prior to experimental
observation.

VI. CONCLUSIONS

HR-EBSD data were successfully collected from
Ti-IF steel specimens deformed in tension at
_� ¼ 10�4 s�1 and 850 �C and were used to measure
subgrain features formed during deformation. A model
for dynamic grain growth (DGG) involving the inter-
sections of subgrain boundaries with high-angle grain

boundaries was tested against these data. The following
conclusions are offered from this investigation.

1. Dynamic normal grain growth occurred in the Ti-IF
steel material during tensile straining at
_� ¼ 10�4 s�1 and 850 �C. Grain size increased
approximately linearly with true strain during
DGG. DGG was significantly faster than static
grain growth (SGG) for similar exposure times at
this temperature.

2. DGG increased the a-fiber and slightly decreased
the c-fiber texture components during tensile strain-
ing along the sheet rolling direction. No significant
texture changes were observed from SGG.

3. DGG shifted grain size distributions to larger sizes
but created pronounced left tails in those distribu-
tions. A long left tail suggests a population of small
grains resistant to DGG. This is a characteristic
feature of DGG that distinguishes it from SGG in
the Ti-IF steel material.

4. HR-EBSD provided relative angular resolutions
sufficient to identify subgrains, measure subgrain
size, and measure the misorientations of individual
subgrain boundaries.

5. The average subgrain size was approximately con-
stant with plastic strain during steady-state flow,
despite significant grain growth.

6. Subgrain boundary misorientations increased with
increasing plastic strain, but the rate of increase
slowed as true strain exceeded 0.1.

7. A model was proposed for DGG in which inter-
secting subgrain boundaries drive the migration of
high-angle boundaries. By this model, the driving
pressure for boundary migration from subgrain
boundaries is approximately one order in magni-
tude greater than that from the elimination of
dislocation density alone.

8. The proposed model for DGG predicts the forma-
tion of cusps in grain boundaries at intersections
with subgrain boundaries. Experimental measure-
ments of the dihedral angle / at these cusps agree
with predictions from theory.
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