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A B S T R A C T   

High entropy alloys (HEA) composition-structure relationships are crucial for guiding their design and appli
cations. Here, we use a combined experimental and molecular dynamics (MD) approach to investigate phase 
formation during physical vapor deposition (PVD) of CoFeNiTix and CrFeNiTix HEA thin films. We vary titanium 
molar ratio from 0 to 1 to understand the role of a larger element in the alloy mixture. The experiments show that 
a high titanium content favors amorphous phase formation in the samples produced by magnetron co-sputtering. 
In contrast, a low titanium content results in the formation of a face-centered cubic (FCC) structure in both HEA 
families. This effect of titanium content on the stability of the amorphous and FCC phases is reproduced in PVD 
MD simulations. The threshold titanium molar ratio is identified to be ~0.53 and ~0.16 for the CoFeNiTix and 
CrFeNiTix films in the experiments, and ~0.53 and ~0.53 in the MD simulations. In addition, the atomistic 
modeling allows for energy versus volume calculations with increasing titanium content, which demonstrate the 
stabilization of the amorphous phase with respect to crystalline structures. To isolate the effect of atomic sizes, 
additional simulations are performed using an average-atom model, which disregards differences in atomic radii 
while preserving the average properties of the alloy. In these simulations, the energetic stability of the amor
phous phase disappears. The combined experimental and simulation results demonstrate that the formation of 
the amorphous phase in HEA thin films generated by PVD is directly caused by the atomic size difference.   

1. Introduction 

High entropy alloy (HEA), also referred to as compositionally com
plex alloy and multi-principal element alloy, is a novel idea for alloy 
design based on combinations of multiple principal elements that has 
been attracting considerable interest since it was proposed in 2004 
[1–3]. HEAs exhibit many exceptional properties such as excellent fa
tigue resistance and toughness, a good balance between strength and 
elasticity, high oxidation and corrosion resistance, and distinct electrical 
and magnetic properties [4–9]. However, due to the vast number of 
possible HEA compositions, exploring the composition-structure re
lationships became one of the biggest challenges in the field [10,11]. 
Traditional bulk HEA synthesis methods such as arc-melting, plasma 
sintering, and mechanical alloying are not suitable for investigating the 
enormous and multidimensional composition space of HEAs [12,13]. A 
high-throughput and accelerated synthesis technique such as physical 
vapor deposition (PVD) is sought after to enable a swift navigation and 

screening of HEA compositions [11]. 
Magnetron sputtering is a commonly used PVD technique for the 

synthesis of HEA thin films, featuring a relatively low synthesis cost and 
excellent tunability of film composition [13]. Previous studies have 
shown that HEA thin films display comparable or even “enhanced” 
mechanical and magnetic properties than their bulk counterparts 
[14–18]. For example, the CoCrFeNiAl0.3 thin film prepared by 
magnetron sputtering exhibits a similar elastic modulus as its bulk 
counterpart yet a four times higher hardness due to the nanocrystalline 
structure of the thin film [14]. Nonetheless, the phase formation of HEAs 
is potentially different in sputtered thin films compared to bulk because 
of the fast-cooling rate inherent to the sputtering deposition process, 
which largely suppresses atomic diffusion [13,19]. Kube et al. [12] 
suggested that an increased cooling rate reduces the phase complexity in 
as-sputtered HEA thin films, ultimately leaving a single solid solution 
(SS) phase, facilitating the observation of the phase preference for a 
given HEA composition. 
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The phase formation in HEAs is also influenced by the specific 
chemical composition of the alloy. Recent studies have demonstrated 
that the addition of alloy elements with relatively large ionic radii leads 
to a large atomic size difference in the alloy, resulting in changes in 
phase stability in both bulk and thin film HEAs [9,12,17,18,20–25]. For 
instance, some studies have shown that the presence of Al enhances the 
stability of the body-centered cubic (BCC) structure in HEAs, which 
often results in a face-centered cubic (FCC) to BCC phase transition with 
increasing Al content [12,25]. Other studies indicate that an increased 
Ti or Nb content favors the formation of an amorphous structure [17, 
18]. These discrepancies among the roles of different large alloy ele
ments highlights the need to understand the effects of each element and 
the role of atomic size difference on the phase stability and micro
structure formation of HEAs. In addition, since the conventional 
Hume-Rothery rules are insufficient for the HEA phase prediction, more 
predictive models are desired to investigate the phase formation 
mechanisms and the competition between different phases in HEAs [3]. 
For example, Zhang et al. [26] proposed a phase formation rule for 
HEAs, where a system with a larger atomic size difference and largely 
negative enthalpy of mixing favors an amorphous structure. This model 
was further improved by including the entropy of mixing, providing an 
appropriate criterion to separate amorphous and SS phases [27]. 

Molecular dynamics (MD) simulations are well suited for the inves
tigation of film growth mechanisms and phase stability of such complex 
multi-element HEA films by direct simulation of the PVD process 
[28–31]. Few studies have simulated the deposition process of HEA films 
towards understanding their microstructure formation [13,32–34]. This 
may be due to the lack of accurate and robust force fields that represent 
the complex interaction among multiple alloy elements. Recently, an 
embedded atom model (EAM) potential was developed enabling the 
representation of different HEA systems [35,36], making possible the 
investigation of phase stability and microstructure formation during the 
PVD process. 

In this work, we employ experiments and MD simulations of the PVD 
process to investigate microstructure formation in two common HEA 
families, CoFeNiTix and CrFeNiTix, where x is the molar ratio of Ti. Our 
goal is to understand the effects of adding increasing amounts of a larger 
element to the mixtures of similarly sized component in HEAs. Simula
tion results indicate phase stability trends are in good agreement with 
the experiments. By adjusting x from 0 to 1, the effect of Ti content on 
the phase formation in HEA films is revealed. In general, high Ti content 
induces a change in phase stability from FCC to amorphous. The pres
ence of hexagonal close packed (HCP) and BCC is negligible in the 
samples considered. We also illustrate the phase stabilities of FCC, BCC, 
HCP, and amorphous structures for various compositions through en
ergy versus volume calculations. Additional simulations using an 
average-atom (AA) potential that has similar overall properties yet 
averaged out local compositional and size fluctuations are performed to 
uncover the significant impact of the atomic size difference on the 
microstructure formation. 

2. Methodology 

2.1. Experimental methods 

Samples are synthesized using DC magnetron co-sputtering from a 
high purity, single element Ti (99.995%) target and vacuum arc melted 
ternary alloy CrFeNi (99.9%) and CoFeNi (99.9%) targets (Plasmate
rials, Inc.). A two-source sputtering system is used to co-sputter the 
single element Ti target with one of the ternary alloy targets onto 25 mm 
diameter Si (100) substrates to produce either CoFeNiTi or CrFeNiTi 
films. Sputtering powers are selected such that the nominal expected 
composition values for each alloying element are within the necessary 
defined range for HEAs. Deposition rates are between 0.18 and 0.24 nm/ 
s. The resulting samples have a thickness of ~1 μm, measured using an 
AMBiOS XP-2 profilometer. Additional details about the sputtering 

conditions are provided in Tables SI and SII, in the Supplementary 
Materials. Because the CrFeNi target has a lower sputtering rate than 
that of the CoFeNi target, a higher Ti rate is required for CrFeNiTix in 
order to match the compositions studied across both systems, as depo
sition power directly affects composition. 

The elemental compositions of each sample are characterized by 
scanning electron microscopy/energy dispersive X-ray spectroscopy 
(SEM/EDS) (FEI Helios G4 P-FIB) at 20 kV. Top-surface micrographs are 
acquired via SEM using a beam current of 0.2 nA and an accelerating 
voltage of 5 kV. X-ray diffraction (XRD) with Cu Kα radiation is 
employed to acquire scans over a 2θ range from 30◦ to 90◦ or to 100◦

depending on the system of samples, with a step size of 0.05◦/sec and a 
sampling rate of 1◦/min using a Bruker D8 Advance Diffractometer. 

2.2. Interatomic potential and the average-atom potential for the HEA 
alloy 

A model EAM [37] interatomic potential is used for the HEA simu
lations [38]. These potentials represent model interactions that can be 
used to study trends in the alloy behavior properties. While these model 
interactions cannot be accurate in representing a particular alloy, they 
are the ideal way of studying various trends, helping understand exactly 
how certain material parameters influence overall properties. The 
particular potential set used here is for a five-component alloy in an FCC 
structure. The parameters used are chosen to resemble basic elastic and 
thermodynamic properties and size mismatches of FCC mixtures in the 
Fe-Ni-Cr-Co-Ti quinary system. The first four components Fe-Ni-Cr-Co 
are characterized by very similar atomic sizes and very small binary 
heats of mixing [39]. The method for generating the potential is similar 
to those used in previous work [40], yet based on FCC phases being 
stable for all pure components. The details of the potential for the four 
components of similar sizes are reported in detail in [38]. 

In contrast, the fifth element in the set used here is characterized by a 
significantly larger size. The fitting procedure for the pure Ti potential 
and mixed interactions used here is similar to the framework developed 
on our previous work involving the addition to the larger element Al to a 
set of potentials for elements of similar sizes. For all component ele
ments, we use a set of cubic splines and a fitting algorithm designed to 
reproduce desired values of a, E, B, C11, C12, unrelaxed vacancy for
mation energy, SFE, and surface energies, in the FCC phase for all the 
five pure elements. The procedure ensured that the FCC structure has the 
lowest energy for all five-component elements when pure. For the case 
of FCC Ni these data are their actual experimental properties. For Fe, the 
target data are obtained from the values known for austenite, predicting 
an FCC phase stable at 0 K. For the FCC phases of Cr and Co the data are 
taken from available first-principle calculations. The potentials are 
developed in the effective pair scheme, with the derivative of the 
embedding function equal to 0, and electronic density equal to 1 (in 
arbitrary units), for the perfect lattice at the equilibrium lattice constant. 

Table 1 lists the basic properties given by the potentials for the five 

Table 1 
Basic characteristics of the five component potentials used in the present work.   

(Fe) (Ni) (Cr) (Co) (Ti) 

a (Å) 3.56 3.52 3.53 3.55 4.17 
E (eV/atom) 4.40 4.45 4.20 4.41 4.85 
B (eV/Å3) 1.06 1.13 1.00 1.35 1.20 
C11 (eV/Å3) 1.19 1.54 1.24 1.65 1.91 
C12 (eV/Å3) 1.00 0.92 0.88 1.20 0.84 
C44 (eV/Å3) 0.48 0.78 0.70 0.89 0.51 
Unrelaxed SF (mJ/m2) 43 129 41 41 20 
E Vac (eV) 1.61 1.61 1.41 1.36 1.54 
Ebcc-Efcc (eV/atom) 0.11 0.15 0.10 0.08 0.23 
Ehcp-Efcc (eV/atom) 0.01 0.02 0.01 0.01 0.01 
(110) Surface energy (J/m2) 2.00 2.05 2.02 2.08 1.76 
(100) Surface energy (J/m2) 1.86 1.88 1.88 1.90 1.75 
(111) Surface energy (J/m2) 1.70 1.75 1.65 1.60 1.56  
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elements in the set developed. There is a significant variation among the 
properties in the values of the SFE. As far as size, Ti is significantly larger 
than the other four components, as seen in the lattice parameter dif
ferences. Fig. 1 shows the pair components of the potentials developed 
for the pure components. The larger size of Ti is also evident from the 
position of the minimum in the pair functions. For the mixed pair in
teractions not involving Ti, the mixed pair functions are obtained as a 
simple average of the component pairs in order to represent very small 
heats of mixing. This procedure also results in very small deviations 
from Vegard’s law. For the mixed pair interactions involving Ti we 
follow a procedure similar to that used in the addition of Al to the Fe-Ni- 
Cr-Co set [35]. In this scheme, the cross potentials M-Ti are obtained as a 
mix of one part of the Ti-Ti pair function and four parts of the M-M pair 
function of the other element. 

Table 2 lists the properties obtained for the ten random FCC equia
tomic binary compounds. All the binary random alloys not involving Ti 
do indeed have small heats of solution and small deviations from 
Vegard’s law. The binaries involving Ti present much larger values. In 
the random configuration the heats of solution for binary mixtures 
containing Ti are positive deviations of ideality. This can be rationalized 
due to the larger size of the Ti atom, noting that in random configura
tions nearest neighbor Ti-Ti pairs will be present. This is also associated 
with the large deviations from Vegard’s law observed for the random 
alloys containing Ti. As with the addition of the larger Al atom, the al
loys containing Ti will have a strong tendency to order, avoiding nearest 
neighbor Ti-Ti pairs of larger atoms. To illustrate this, Table 3 lists the 
results for one possible ordered equiatomic alloy structure, the BCC 
based B2 structure where nearest neighbor Ti-Ti pairs are not present. 
These compounds are all predicted to more stable than the random FCC 
structure, as indicated by the more negative cohesive energy values. 

Using a multi-species interatomic potential as a starting point, it is 
possible to determine a consistent single element potential representa
tive of a given (random) alloy composition. A technique for developing 
this single element average potential is given by Varvenne and co- 
workers [41] and is referred to as the AA potential. The important 
feature of their technique is that the average atom material has averaged 
out all the local compositional and structural fluctuations of the random 
alloy, while critical average properties are the same as in the random 
alloy. By comparing material behavior computed for the average and 
actual random alloys, it is possible to isolate the effects of the local 
random compositional fluctuations. Varvenne and co-workers [41] 
showed that the AA potential can be quantitatively accurate for a wide 
range of random alloy properties. Here we have followed their method 
to derive the AA potential corresponding to the quinary HEA alloys of 
various compositions addressed here. 

2.3. Simulation details 

MD simulations are performed using LAMMPS [42]. All HEA thin 
films are deposited on an FCC Ni (100) substrate with a 3.52 Å lattice 

constant. A Ni substrate was also used in previous studies of deposition 
of HEA films [34,43,44]. The substrate crystal orientation is chosen to 
minimize epitaxial growth. The substrate has a dimension of 70 × 70 ×
32 Å placed in a simulation box with a length of 162 Å along the z di
rection. Periodic boundary conditions are applied for the x and y di
rections. The z direction is non-periodic, and atoms are eliminated if 
they cross the top z boundary. The substrate is divided into 3 regions, i. 
e., frozen, thermostat, and Newtonian, following previous PVD simula
tions [28]. The frozen region is defined as the downmost 2 atomic layers 
along the z direction, where all atomic positions are fixed during the 
whole simulation. The thermostat region is the middle region with a 
thickness of 14 Å, where the temperature is held at 300 K using a Lan
gevin thermostat [45]. The Newtonian region is the substrate surface 
with a thickness of 11 Å, where atoms can move freely. 

We choose two HEA families, CoFeNiTix and CrFeNiTix, to investi
gate the microstructure formation in thin films. x is the molar ratio with 
values of 0, 0.16, 0.33, 0.53, 0.75 and 1, denoted by Ti0, Ti0.16, Ti0.33, 
Ti0.53, Ti0.75, and Ti1, respectively. Interatomic forces are calculated 
using an EAM potential as discussed in section 2.2. To ensure the ac
curacy of the PVD simulation, a dynamic time step with a maximum 
value of 1 fs is employed in order to limit atomic motion displacement to 
a maximum of 0.2 Å per timestep. Before starting the PVD process, all 
substrate atoms are set at the desired temperature. The system is ther
malized for 200,000 steps until the Newtonian region reaches a stable 
temperature of 300 K. Then, a total of 24,000 atoms are deposited on the 
substrate in each simulation, where Ti content is varied by adjusting the 
number of Ti atoms deposited. Atoms are inserted at the top z position in 
the simulation box, randomly in the xy plane, with velocity along the z 
direction with an energy of 1 eV, to match the energy of sputtered atoms 
under low Ar pressure [46]. The deposition rate for each element is 
defined by its content in a specific composition, i.e., the higher the 
content, the higher the deposition rate. The fastest deposition rate is 
limited to 1 atom per 5,000-timesteps, which ensures that the system has 
sufficient time to dissipate the heat generated by the deposition process 
and prevents the deposited layer from overheating. For example, for a 
composition of CoFeNiTi0.53, we deposit 6,400 Co, Fe, and Ni and 4,800 
Ti atoms. Since Co, Fe and Ni have the same and highest content, the 
deposition rate for them is set at 1 atom per 5,000-time steps. Thus, the 
deposition simulation takes a total of 32-million-time steps where one 
Co, Fe, and Ni atoms are deposited every 5,000-time steps. At the same Fig. 1. The pair component of the potentials used here for the five components.  

Table 2 
Properties of the binary FCC random equiatomic mixtures as given by the po
tentials used in this work.  

Binary 
random 
Alloy 

Lattice 
Parameter 
(Å) 

Heat of 
Mixing (KJ/ 
mol) 

Cohesive 
Energy (eV/ 
atom) 

Deviation from 
Vegard’s law 
(%) 

(Fe-Ni) 3.538 0.176 -4.423 -0.07% 
(Fe-Cr) 3.544 0.393 -4.296 -0.003% 
(Fe-Co) 3.554 0.109 -4.404 -0.03% 
(Cr-Co) 3.539 0.144 -4.303 -0.03% 
(Ni-Cr) 3.524 0.095 -4.324 -0.02% 
(Ni-Co) 3.535 0.135 -4.429 -0.01% 
(Ni-Ti) 3.925 27.02 -4.372 8% 
(Cr-Ti) 3.948 25.4 -4.262 9.8% 
(Fe-Ti) 3.915 15.7 -4.462 5.0% 
(Co-Ti) 3.970 25.9 -4.362 11.0%  

Table 3 
Properties of the binary B2 equiatomic ordered mixtures as given by the po
tentials used in this work.  

B2 ordered phase Lattice parameter (Å) Cohesive Energy (eV) 

(NiTi) 3.078 -4.497 
(CrTi) 3.089 -4.360 
(FeTi) 3.125 -4.587 
(CoTi) 3.081 -4.611  
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time one Ti atom is deposited every 6,666-time steps. We also estimate 
the cooling rate during the MD simulations. Specifically, we deposit a 
single atom and monitor the local temperature of the substrate region 
where the atom deposits. This local region has a hemisphere shape with 
a radius of 10 Å containing 138 atoms, whose center is defined by the 
impact position of the deposited atom. The radius of the hemisphere 
region is chosen to be slightly lower than the thickness of Newtonian 
region, in order to exclude the thermostat region. The temperature 
evolution of the local region and the corresponding cooling rate calcu
lated from the first order derivative of the temperature before and after 
the deposition process is provided in Fig. S1. The estimated local heating 
and cooling rates during MD simulations of PVD reach up to 1014 K/s. 
We also provide a movie showing the swift heat dissipation during the 
PVD simulations in the Supplementary Materials. 

In order to help understand the deposition results, we evaluate en
ergy versus volume relationships for the HEA families in the FCC, HCP, 
BCC, and amorphous phases. Different crystalline structures are created 
by randomly populating the lattice sites with different elements based 
on the target chemical composition. To generate an amorphous struc
ture, we employ a melting-quenching procedure. We heat an initially 
crystalline system from 150 K to 3000 K in 80 ps and thermalize the melt 
at 3000 K for 30 ps. We then quench the sample to 50 K using a 
quenching rate of 1015 K/s and finally relax the amorphous sample at 50 
K for 20 ps. After creating the required systems, a conjugate gradient 
energy minimization is performed for each crystalline and amorphous 
system to reach the lowest energy state, corresponding to the lowest 
energy in the energy versus volume curves. The conjugate gradient is 
performed on the atom coordinates and the volume of the simulation 
box. The final configuration is used to evaluate the energy versus energy 
relationships by adjusting the volume of the simulation box while 
keeping the relative atoms positions fixed. 

In order to isolate the effects of compositional and size fluctuations, 
additional simulations are performed using an AA force field that 
eliminates the distinction between different elements, i.e., interactions 
between different atoms are averaged. Three compositions (x = 0, 0.33, 
and 1) are selected for each HEA family. We replace all the elements in 
the previous simulation process with averaged sized atoms. In order to 
maintain the same substrate structure and lattice constant as FCC Ni 
(100), an extra harmonic potential force is independently applied to all 
atoms in the thermostat and Newtonian regions, with a force constant of 
1 eV/Å2. The remaining simulation processes are the same as described 
above. Visualizations and data analysis are performed with OVITO [47]. 

3. Results 

As a first step, we characterize the microstructures of the deposited 
CoFeNiTix and CrFeNiTix thin films. Each HEA family has six distinct 
compositions, i.e., Ti0, Ti0.16, Ti0.33, Ti0.53, Ti0.75, and Ti1. The SEM 
micrographs of the CoFeNiTix samples and their corresponding 
normalized XRD patterns are shown in Fig. 2. As shown in Figs. 2(a), (b), 
and (c), the surface micrographs of the samples with a low Ti content (x 
< 0.53) display a nanocrystalline structure. The average crystallite sizes 
are measured as 22.22, 35.56, and 9.65 nm for the Ti0, Ti0.16, and Ti0.33 
samples, respectively (see Table SIII). However, a significant morpho
logical change occurs when the Ti content is increased to x = 0.53 and 
higher values. All three high Ti content samples, i.e., Ti0.53, Ti0.75, and 
Ti1, feature an amorphous microstructure containing very fine crystal
lites approximately ~1.1 nm in size, as shown in Figs. 2(d), (e), and (f). 
This microstructural change is also reflected in the XRD diffractograms. 
Samples with a Ti content lower than 0.53 exhibit an FCC crystalline 
phase, while other samples containing more Ti show an amorphous 
hump as noted in Fig. 2(g). One should note that for the Ti0.33 sample, 
the XRD pattern display a distinct spike along with the amorphous 
hump, suggesting that this composition is at the threshold point for the 
FCC to amorphous transition. Therefore, an increased Ti content can 
disrupt the crystallization process of CoFeNiTix HEA thin films. 

A similar effect of Ti is also observed in the CrFeNiTix samples. Fig. 3 
shows the surface micrographs and diffractograms for CrFeNiTix thin 
films with Ti molar ratio from 0 to 1. In this scenario, only the sample 
without any Ti displays a crystalline morphology as shown in Fig. 3(a), 
with a crystallite size of 34.34 nm. All the other samples show an 
amorphous phase with a crystallite size from 1.14 to 3.33 nm (see 
Table SIII). This is also revealed by the XRD patterns provided in Fig. 3 
(g). An FCC structure is detected in the Ti0 sample, while amorphous 
humps are displayed in all other compositions, suggesting that the 
microstructural change occurs due to the presence of Ti. Moreover, the 
amorphous peak for the Ti0.16 sample is slightly narrower than the other 
amorphous samples, indicating that this composition could be still 
within the transition zone from crystalline to amorphous. These results 
imply a critical Ti content leading to the formation of an amorphous 
microstructure for both CoFeNiTix and CrFeNiTix HEA thin films. The 
critical molar value identified is ~0.53 for CoFeNiTix and is ~0.16 for 
CrFeNiTix. 

In order to understand the role of Ti on the microstructure formation 
of HEA thin films prepared by sputtering, we perform MD simulations of 
the deposition process using the same compositions as in the experi
ments. Illustrations of the microstructure generated during the 

Fig. 2. Experimental surface SEM micrographs (a - f) for CoFeNiTix sputtered thin films and their corresponding normalized X-ray diffractograms (g). SEM 
micrograph borders and diffractogram curves are color coded by Ti molar ratio. 
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deposition of CoFeNiTix and CrFeNiTix films are shown in Figs. 4 and 5, 
respectively. Different colors indicate different local structural envi
ronments, which are identified by the common neighbor analysis (CNA) 
algorithm [48]. The dashed lines indicate the separation between the 
deposited films and the defect free (100) FCC Ni substrates. One should 
note that while there are amorphous (labeled AM) and HCP local 
structural environments identified in the FCC solid solution films, they 
simply indicate the formation of local defects and not the presence of 
additional phases. The film surface is identified as amorphous due to the 
presence of the free surface. For the CoFeNiTix HEA family, films with a 
Ti content below 0.53 favor an FCC structure, while other higher Ti 
content films form an amorphous structure, reproducing the trend and 
critical Ti content observed in the experimental CoFeNiTix samples. The 
microstructures of CrFeNiTix films shown in Fig. 5 show similar features 
as those of CoFeNiTix films. However, the critical Ti content ~0.53 for 
CrFeNiTix is higher than the value obtained from the experimentally 
produced films. Noteworthy, vacancies and point defects are detected in 
both CoFeNiTix and CrFeNiTix FCC films as indicated by a few local 
amorphous structures, which are generated during the film growth [49, 
50]. Also, the Ti0.16 and Ti0.33 films for both CoFeNiTix and CrFeNiTix 
families show formation of stacking faults, denoted by the atoms in the 
HCP local structure, suggesting that the introduction of Ti lowers the 
stacking fault energy. The lower stacking fault energy can further lead to 
the formation of twin boundaries, which is commonly observed in the 
sputtering process of metallic systems [51,52]. For the amorphous films 
in both HEA families, the presence of a layer of FCC epitaxially grown 
structure can be observed. The thickness of the epitaxial layers decreases 
with the increase of Ti content, indicating that the addition of Ti 

contributes to the amorphization of HEA thin films. 
To further compare the simulated grown film with the experimental 

samples, we generate simulated diffractograms. The XRD diffraction 
intensity is calculated for the simulated films using the model proposed 
by Coleman et al. [53]. Following the experimental diffractograms, we 
use an incident radiation wavelength of 1.5406 Å, and a 2θ range from 
30◦ to 90◦ for the CoFeNiTix films and from 30◦ to 100◦ for CrFeNiTix 
films. To eliminate the effect of the substrate and the respective epitaxial 
growth in the very first layers of the film, we only select the top ~4.5 nm 
thick layer to do the calculations. The simulated XRD profiles are pre
sented in Fig. 6, providing further evidence for the microstructure 
transition from FCC at low Ti content to amorphous at high Ti content. 
For both CoFeNiTix and CrFeNiTix HEA films, the critical Ti content is 
~0.53. The positions of the peaks corresponding to FCC (111), (200), 
(220), and (222), are in good agreement with the experimental results. 
However, except the main (111) peak, other main peaks include several 
subsidiary peaks. Also, the intensities of the (200) peaks for Ti0 and 
Ti0.16 are much higher than expected compared to the (111) peak. These 
abnormal peaks may be a result of the finite size of the simulation cell 
[53]. 

It is worth quantifying the structure composition of different mi
crostructures as a function of Ti content in the simulated HEA thin films. 
We calculate the structure composition of a given film by quantifying the 
fraction of total atoms in the system present in the different local 
structural environments using the CNA method. The results for CoFe
NiTix and CrFeNiTix HEA thin films are shown in Fig. 7. For both alloy 
families, we can observe a smooth transition from an FCC dominated 
microstructure to a predominantly amorphous structure, with a 

Fig. 3. Experimental surface SEM micrographs (a - f) for CrFeNiTix sputtered thin films and their corresponding normalized X-ray diffractograms (g). SEM 
micrograph borders and diffractogram curves are color coded by Ti molar ratio. 

Fig. 4. CoFeNiTix simulated thin film local structures for different Ti concentration from (a) x = 0 to (f) x = 1. The dashed line indicates the interface between the Ni 
substrate and the deposited film. The color of the atoms indicates the local structural environment, amorphous (AM), FCC, or HCP. 
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threshold between x = 0.33 and 0.53. A small amount of HCP local 
structure is formed in low Ti content films with a maximum content at x 
= 0.33, indicating the formation of stacking faults, as observed in Figs. 4 
and 5. This further demonstrates that the presence of Ti can reduce the 
stacking fault energy of CoFeNiTix and CrFeNiTix HEA thin films before 
favoring the formation of an amorphous structure. The results indicate 
the absence of BCC phase in all films simulated. 

To further understand the crystalline and amorphous phase stability 
of the HEA films, we calculate the energy versus volume relationships 
for FCC, HCP, BCC, and amorphous structures. The results for CoFeNiTix 
alloys are shown in Fig. 8. As seen in Fig. 8(a), the order of the phase 
stability is FCC, HCP, BCC, and amorphous in the absence of Ti. This 
stability order is preserved as the Ti content is raised to 0.53, yet the 
energy differences between competing phases decrease substantially, 
suggesting that the FCC and HCP phase stabilities are reduced with the 
introduction of Ti. At high Ti content, Ti0.75 and Ti1, the BCC becomes 
the most stable phase, while the FCC, HCP, and amorphous curves 
largely overlap indicating similar stability. However, in both the 
experimental and simulated CoFeNiTix thin films, we observe an FCC to 
amorphous transition instead of FCC to BCC, contrasting the phase en
ergetics results. This may be due to the fast-cooling rate inherent to the 
PVD process, suppressing atomic diffusion and phase formation. Also, 
even though the BCC structure is preferred in Ti0.75 and Ti1 as shown in 
Figs. 8(e) and (f), the energy differences between BCC and other struc
tures are not significant. As a result, there is no strong driving force at 
those chemical compositions to form the lowest energy BCC phase. 

The energy vs volume results for the CrFeNiTix HEA family are 
shown in Fig. 9. We find a similar trend as observed for the CoFeNiTix, i. 
e., the addition of Ti reduces the stability of the FCC and HCP phases and 

Fig. 5. CrFeNiTix simulated thin film local structures for different Ti concentration from (a) x = 0 to (f) x = 1. The dashed line indicates the interface between the Ni 
substrate and the deposited film. The color of the atoms indicates the local structural environment, amorphous (AM), FCC, or HCP. 

Fig. 6. Calculated X-ray diffractograms for (a) CoFeNiTix and (b) CrFeNiTix simulated thin films.  

Fig. 7. Fraction of crystal and amorphous local structures as a function of Ti 
concentration in (a) CoFeNiTix and (b) CrFeNiTix simulated thin films. 
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overall reduces the energy difference between different phases. Never
theless, the FCC is the most favorable phase, except for the equiatomic 
composition case, when x = 1. Here, energy curves largely overlap, 
implying the stability of the amorphous phase, due to the lack of driving 
force for crystal formation. The microstructures of the experimental and 
simulated CrFeNiTix thin films slightly deviate from the predictions of 
energy vs volume calculations by showing a lower Ti content threshold 
for the transition from crystalline to amorphous phase stability. In 
experimental samples the transition occurs at x = 0.16 while in simu
lations the calculated value is x = 0.53. This can be explained by the 
suppression of atomic diffusion during the fast PVD process as well as 
the low driving force to form a crystalline phase at high Ti content. 
Moreover, for both CoFeNiTi and CrFeNiTi systems shown in Figs. 8 and 
9, the energy minimum for each system shifts from ~11 to ~13 Å3/ 
atom, as the Ti content increases. The shift indicates that the extra 
volume introduced by the disorder in the amorphous phase is offset at 
high Ti content by the large atomic size differences between Ti and other 
elements in the alloy, resulting in an energy minimum at ~13 Å3/atom 
for all phases considered. 

In order to further understand the effect of atomic size difference in 
the phase stability of the HEA thin films, we perform an additional set of 
PVD simulations using an AA potential. We consider three compositions 
in each alloy family, i.e., Ti0, Ti0.33, and Ti1. We also calculate the energy 
versus volume relationship for each system at each composition. The 
results for CoFeNiTix HEAs are shown in Fig. 10. For Ti0 and Ti0.33, both 
the energy profiles and microstructures are comparable to the previous 
experimental and simulated results, i.e., low Ti content samples favor 
the FCC phase. In contrast, the Ti1 thin film shown in the right panel of 
Fig. 10(c) displays a BCC phase. That agrees with the energy versus 
volume curves shown in Fig. 10(c), which shows the stability of the BCC 
phase. To be noted, grain boundaries are formed during the growth of 
the BCC film, which is indicated by the atoms colored in gray (amor
phous structure) that are also found at the surface and in the interface 
between the film and substrate phases. This result contrasts with the 
formation of the amorphous structure discussed above and suggests that 
the amorphous phase stability in high Ti content HEA thin films is 
caused directly by the large atomic size difference. We can draw similar 
conclusions from the results shown in Fig. 11 for the CrFeNiTix. An FCC 

Fig. 8. Energy vs volume relationships for AM, HCP, FCC, and BCC phases of CoFeNiTix alloys. (a) - (f) Ti molar ratio varies from 0 to 1.  

Fig. 9. Energy vs volume relationships for AM, HCP, FCC, and BCC phases of CrFeNiTix alloys. (a) - (f) Ti molar ratio varies from 0 to 1.  
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to BCC phase stability crossover is observed when the atomic size dif
ference between different elements is eliminated. As mentioned in the 
Methodology section, an extra harmonic force is applied to the substrate 
atoms in order to preserve the lattice constant of Ni. The relaxed FCC 
lattice formed by the averaged atoms for Ti0.33 and Ti1 would have a 
larger lattice constant than Ni, as the energy minimum shifts to larger 
volumes with Ti molar fraction increase, as shown in Figs. 10 and 11. 
Thus, even though the FCC phase has the lowest energy for CrFeNiTi1 
shown in the energy profiles in Fig. 11(c), the film still forms a BCC 
phase because the volume per atom is smaller than the most relaxed 
state, where BCC is the most stable phase. These results provide direct 
insights into the relationship between the atomic size difference and the 
phase stability of HEA thin films. 

4. Discussion 

The results presented in this work help to understand the effect of Ti 
content on the microstructure formation of CoFeNiTix and CrFeNiTix 
thin films. As shown in Figs. 2, 3, 4, and 5, both experimental and 
modeling results highlight a phase transition from FCC to amorphous 
structure for increasing Ti content in the HEA films. The threshold Ti 
content is identified as ~0.53 and ~0.16 in experiments, and ~0.53 and 
~0.53 in simulations for CoFeNiTix and CrFeNiTix, respectively. 

For additional clarity, we undertook molecular statics simulations to 
examine the inherent thermodynamic stability of the various phases, 
which is independent of the cooling rate. These simulations, conducted 
for both the alloy and the average-atom material, further corroborate 

that size differences indeed facilitate the stabilization of the amorphous 
phase in such compositionally complex materials, irrespective of the 
cooling rate. The outcomes of this thermodynamic phase stability 
analysis are reported in Figs. 8 through 11. Notably, these results 
exclude any consideration of the cooling rate, as they represent equi
librium calculations. 

Our observation of the transition in phase stability reported in Figs. 8 
and 9 are in good agreement with previous studies. For example, Hsu 
et al. [23] synthesized CoCrFeMnNiTix HEA films by magnetron sput
tering and found that the film favors an amorphous structure when the 
Ti content is higher than 0.4. In another investigation on the micro
structure formation in AlCrFeNiTix and AlCoFeNiTix HEA films, Good
elman et al. [18] showed that both compositions displayed an 
amorphous structure at high Ti content. In order to understand such 
effects, we perform additional MD simulations on the CoFeNiTix and 
CrFeNiTix HEA systems yet using the AA force field, which eliminates 
the atomic size difference among different constituent elements. Results 
shown in Figs. 10 and 11 demonstrate that the microstructures for all 
compositions display a crystalline structure, suggesting that the large 
atomic size difference between the large Ti and other small elements 
directly causes the amorphization in CoFeNiTix and CrFeNiTix films. By 
comparing the energy profiles calculated from the AA potential, one can 
note that the amorphous phase is always the least stable phase. Also, the 
amorphous phase preserves a relatively large energy difference with 
other crystalline phases even though the Ti content is x = 1, in contrast 
to what we have seen in the energy profiles calculated from the EAM 
potential. Therefore, the large atomic size difference is a key factor that 

Fig. 10. Energy versus volume relationships and corresponding thin films of 
CoFeNiTix alloys using the average-atom potential. (a) x = 0, (b) x = 0.33, and 
(c) x = 1. The black dashed line indicates the interface between the substrate 
and deposited film. 

Fig. 11. Energy versus volume relationships and corresponding thin films of 
CrFeNiTix alloys using the average-atom potential. (a) x = 0, (b) x = 0.33, and 
(c) x = 1. The black dashed line indicates the interface between the substrate 
and deposited film. 
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influences the microstructure formation in the HEA films, i.e., a large 
atomic size difference significantly enhances the energy stability for the 
amorphous phase in comparison with the counterpart crystalline phases 
[54]. 

Atomic size difference is also an important parameter that was used 
in empirical models to predict SS, intermetallic, and amorphous phases 
in HEAs [26,55–57]. Hence, it is worth quantifying the atomic size 
differences for compositions employed in this work and comparing them 
with existing predictive models. Yang and Zhang [55] proposed two 
parameters based on as-cast HEA samples, Ω and δr, that can be used as 
criteria to predict the phase formation for a given HEA composition. Ω 
describes the competition between entropy of mixing, ΔSmix, and 
enthalpy of mixing, ΔHmix, while δr quantifies the atomic radius differ
ence between component elements. The empirical SS formation range is 
located at Ω ≥ 1.1 and δr ≤ 6.6%. The formulas for Ω, δr, ΔSmix and 
ΔHmix are shown in Eqs. 1-4. 

Ω =

(
∑n

i=1
ciTm,i

)

ΔSmix

/

|ΔHmix| (1)  

δr =

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
∑n

i=1
ci

(
1 −

ri

r

)2
√

(2)  

ΔSmix = −R
∑n

i=1
ciln(ci) (3)  

ΔHmix =
∑n

i<j
4Hijcicj (4)  

where ci, Tm,i, and ri are the atomic fraction, melting temperature, and 
atomic radius of the ith element in an HEA that contains n elements, R =
8.314 JK−1mol−1 is the gas constant, Hij is the enthalpy of mixing of 
element i and j at the equimolar concentration in regular binary solu
tions [58], and r is the average atomic radius given by r =

∑n
i ciri. Here, 

we calculate Ω and δr for all the compositions studied in this work. The 
results are summarized in Fig. 12, which shows that increasing Ti con
tent in both HEA families leads to a smaller Ω yet a larger δr. This in
dicates that samples with a high Ti content have less tendency to form a 
SS phase, supporting the phase transition observed in both experiments 
and MD simulations. However, the Ω and δr SS formation thresholds 
identified here are different from those mentioned in the above model. 
Based on the simulation results, the range for FCC formation is Ω ≥ 1.7 
and δr ≤ 5.7 % for both CoFeNiTix and CrFeNiTix. In addition, from the 
experimental results, we cannot identify a single threshold for these two 
HEA families. These deviations may be due to the non-equilibrium state 
of HEA thin films prepared by PVD since the model is proposed mostly 

for casting sample microstructures [3]. Thus, these two parameters, Ω 
and δr, provide a reasonable estimate for the phase formation in HEAs, 
yet the SS formation threshold values depend on the synthesis method 
and the specific HEA system. 

Similar to Ti, Al is another common alloy element that has a rela
tively large atomic radius (> 1.4 Å) and its effect on the microstructure 
formation of HEA films has been investigated in several studies [12,18, 
59]. Even though Al introduces a comparable atomic size difference as 
Ti, it has been reported that Al has a different impact on the phase 
formation. For example, Kube et al. [12] synthesized a large amount of 
HEA films and found that the increasing atomic size difference intro
duced by Al led to an FCC to BCC phase transition. Arguably, the BCC 
preference for high Al content samples stems from the loosely packed 
nature of BCC structure that can accommodate the lattice distortion and 
strain caused by a large atomic size difference. This contrasts to the FCC 
to amorphous phase transition observed at different Ti contents. One 
possible reason for the distinct effect of Al is that Al prefers to form a 
strong electronic interaction with other transition metals because of its 
high electron density and Fermi level [60]. Moreover, Al has a lower 
|ΔHmix| than Ti when mixing with other small elements based on the Hij 

obtained in Ref. [58]. The calculated Ω increases if replacing the Ti with 
the same amount of Al in a certain composition. Also, the δr decreases 
due to the slightly lower atomic radius of Al than Ti. Thus, HEA systems 
with the presence of Al have a greater tendency to form a SS phase than 
Ti, suggesting that the phase formation in HEA films is controlled by the 
atomic radius difference δr as well as the chemistry of the specific atomic 
species. Furthermore, as shown in Figs. 8 and 9, the energy for BCC 
structures drops with the increasing Ti content in both HEA families, 
indicating that the BCC phase is more stable at high Ti content, i.e., large 
atomic size difference. However, the amorphous phase also becomes 
stable and the energy difference between crystalline and amorphous 
phases is no longer significant, leading to the amorphous phase in high 
Ti content samples. 

After having discussed the effect of atomic size difference, it is 
instructive to discuss the effect of high cooling rate inherent to PVD. 
Although there is very limited data available for the microstructures of 
as-casted samples that have the same compositions as this work, liter
ature reports have shown that the addition of Ti significantly affects the 
stability of the FCC crystal structure in the as-cast samples [24,61,62,9, 
63]. These reports suggest that the addition of Ti may lead to the for
mation of a complex microstructure combining multiple intermetallic 
compounds and different phases. However, studies on HEA thin films 
prepared by sputtering have found that the high cooling rate (109 - 1011 

K/s) can limit atomic diffusion and kinetically suppress the formation of 
such phases, thus favoring the formation of a single SS or amorphous 
phase during the sputtering process [12,13,18,19,64–66]. For example, 
Kube et al. [12] compared the phase formation in as-sputtered and 
as-casted samples with the same composition and found that only a 
single SS phase formed for all as-sputtered samples. In this study, we also 
observe that only a single phase is formed in all the samples prepared by 
experiments, i.e., either FCC or amorphous, which is expected for PVD. 
In MD simulations, the estimated cooling rate (~1014) is even higher 
than that in sputtering as shown in Fig S1. Even though the cooling rate 
in MD simulations is several orders of magnitude larger than that in 
sputtering experiments, remarkably, we still observe the same FCC to 
amorphous phase transition from a low to high Ti content in both HEA 
families in the simulation results. The MD simulations employed in this 
work are designed to scrutinize why particular phases are energetically 
preferred and tend to form during the sputtering process, which pre
sumes a high cooling rate. Hence, the simulations enable us to pinpoint 
the impact of atomic size discrepancy on phase formation in sputtered 
HEAs. Due to the limited time scale of MD simulations, it is often chal
lenging to observe the formation of intermetallic phases. For the same 
reasons, MD simulations of PVD are suitable for reproducing the 
experimental sputtering process and predicting the kinetically or ener
getically favorable phases in HEA thin films. 

Fig. 12. Ω and δr relationships for CoFeNiTix and CrFeNiTix alloys. Colors 
represent the Ti contents from 0 to 1. The purple region highlights the solid 
solution formation range, Ω ≥ 1.1 and δr ≤ 6.6%. The red and green circles 
group the compositions that form FCC and AM phases in the simulated films, 
respectively. 
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We note that when using empirical interatomic potentials, agree
ment with experiments is generally “semi-quantitative”, meaning 
empirical potentials can reliably be used to study trends but should not 
be expected to have quantitative predictive capabilities. This is partic
ularly true for multi-component complex systems, such as the one used 
here. In particular, the set of potentials used in the present work is not 
developed to reproduce any possible ordering effects. The difference in 
the critical Ti content required for amorphous phase formation in the 
two HEA systems may be related to short range ordering, that is not 
included in the development of the empirical interatomic potential 
model. Specific thresholds for the crystal to amorphous transition will 
require further refinement of the EAM models utilized in this work. 

Another factor that may affect the phase formation is the substrate 
used in the PVD process. It is known that the substrate composition, 
temperature, and lattice orientation could influence the microstructure 
formation and properties of thin films synthesized by sputtering [34, 
67–70]. In the simulations, we are using a (100) FCC Ni substrate due to 
the lack of suitable interatomic potentials between Si and the metallic 
systems here. Thus, epitaxial growth is possible and expected in MD 
simulations. Nevertheless, not all films can grow epitaxially and form a 
single FCC structure. We observe defects, stacking faults, as well as 
amorphous phase, even though there are several epitaxial layers as 
shown in Figs. 4 and 5, suggesting that the effect of the substrate is 
negligible. For samples simulated using the AA potential, we use a 
substrate composed of AA atoms with the same lattice constant as Ni to 
maintain the same substrate size for consistency with the previous 
simulations. That leads to a smaller volume per atom in the film such 
that a BCC structure is formed for both CoFeNiTi1 and CrFeNiTi1. 
Although the substrate may influence which SS phase forms, we can still 
see the decreased amorphous phase stability and the formation of a SS 
phase after eliminating the atomic size difference among all the 
elements. 

5. Conclusion 

In summary, we use magnetron sputtering and MD simulations to 
investigate microstructure formation in CoFeNiTix and CrFeNiTix HEA 
thin films. Six distinct compositions were used for each HEA family to 
clarify the effect of atomic size difference on phase formation. Results 
showed that both CoFeNiTix and CrFeNiTix HEA films displayed a 
transition in phase stability from FCC to amorphous phase with 
increasing Ti content, in excellent agreement with previous studies. The 
threshold Ti content was identified as ~0.53 and ~0.16 for the CoFe
NiTix and CrFeNiTix films prepared by sputtering, and ~0.53 and ~0.53 
for samples prepared by MD simulations. The MD simulations reproduce 
the experimental results rather well despite the “model” nature of the 
interatomic potential. This is because the potentials do capture the size 
differences which are critical for the phase formation. Energy versus 
volume relationships suggested that the increasing Ti content stabilized 
the amorphous phases and reduced the driving force to form a crystal
line structure. To further demonstrate the effect of large atomic size 
difference introduced by Ti, we performed additional MD simulations 
using an AA potential. In contrast to the previous results, samples with a 
high Ti content formed single crystalline structures. With the elimina
tion of the atomic size difference among different elements, the ener
getic stability of the amorphous phase vanished. The formation of an 
amorphous phase in HEA thin films generated by PVD is therefore 
directly due to the atomic size difference. This work highlights the role 
of large atomic size difference in HEAs and provides guidance for future 
alloy design and applications. This work also demonstrates that MD 
simulations can be used as an efficient predictive tool to explore and 
screen the enormous HEA composition space. 
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