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Summary 

Electronic switches based on the migration of high-density point defects, or memristors, are poised 
to revolutionize post-digital electronics. Despite significant research, key mechanisms for filament 
formation and oxygen transport remain unresolved, hindering our ability to predict and design 
device properties. For example, experiments have achieved 10 orders of magnitude longer 
retention times than predicted by current models. Here, using electrical measurements, scanning 
probe microscopy, and first-principles calculations on tantalum oxide memristors, we reveal that 
the formation and stability of conductive filaments crucially depend on the thermodynamic 
stability of the amorphous oxygen-rich and oxygen-poor compounds, which undergo composition 
phase separation. Including the previously neglected effects of this amorphous phase separation 
reconciles unexplained discrepancies in retention and enables predictive design of key 
performance indicators such as retention stability. This result emphasizes non-ideal 
thermodynamic interactions as key design criteria in post-digital devices with defect densities 
substantially exceeding those of today’s covalent semiconductors. 

Main Text 

The success of modern electronics depends in large part on the ability to precisely control 
intrinsic and extrinsic point defects1. In covalent semiconductors like silicon, point defect 
concentrations are generally low, which results in them following Fick’s first law of diffusion for 
ideal solutions (𝐽 = −𝐷	𝛻𝑐). On the other hand, many emerging technologies such as 
ferroelectrics2, hybrid perovskites3, correlated oxides4, and 2D materials5 often contain 
substantially higher point defect concentrations (>1%). In such materials, the effects of nonideal 
interactions such as phase separation on defect transport cannot be ignored. 

Resistive random access memory (RRAM)6–10, or memristor, is a promising nonvolatile 
memory that utilizes exceptionally high point defect concentrations (>10%). With fast switching, 
high density, and long retention, RRAM has attracted substantial interest in information storage7, 
in-memory computing8, and neuromorphic computing9. Filament-type valence change memories 
(VCM)6 are the most well-studied RRAM. In these VCM, an applied voltage induces the 
movement of oxygen ions (vacancies) to form or break a conducting filament, changing the tunnel 
distance at the Schottky barrier, and changing the resistance state11,12.  

The ideal diffusion equation 𝐽 = −𝐷	𝛻𝑐, which assumes that defects are noninteracting and 
follow ideal solution thermodynamics, has been universally used to describe oxygen diffusion in 
VCM14–18,22–24. Under no applied voltages, Fig. 1a schematically illustrates the most direct 
application of ideal Fickian diffusion to a bilayer VCM, whereby oxygen vacancies diffuse from 
the oxygen-deficient conductive reservoir into the initially insulating (near-)stoichiometric 
switching oxide. Because this bilayer mixing model predicts that pristine devices would become 
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conducting and therefore fail after fabrication25, it is not used to model retention. Instead, it is 
generally assumed that oxygen vacancies do not migrate between the stoichiometric and suboxide 
layers during retention13–17. This modified ideal diffusion model predicts that oxygen vacancies 
diffuse out of the high-concentration filament (Fig. 1b), resulting in a dissolution of the (broken) 
filament and a slow change from the LRS and HRS to a more resistive state over time, and is 
consistent with some experiments14,18.  

Although this modified ideal diffusion model is commonly used to describe oxygen 
transport in VCM, there are substantial unexplained inconsistencies with experimental data on 
tantalum oxide VCM. First, when using experimentally-derived diffusion constants for tantalum 
oxide25,26, this model underestimates the measured retention time by 5-10 orders of magnitude14,27. 
Second, while this model predicts filament dissolution, experimental measurements have shown 
evidence for both higher resistance from filament dissolution14,15,18,19 (Fig. 1b) and lower resistance 
from filament strengthening15,16,20,28 (Fig. 1c). Filament strengthening and the associated decrease 
in resistance cannot be predicted using ideal Fickian diffusion. Despite decades of research, there 
is no physical explanation for these substantial deviations in both magnitude and direction from 
ideal diffusion in VCM. 

 

Fig. 1 Schematic of potential oxygen vacancy migration pathways under no applied voltage in bilayer TaOx 
VCM. a) Fick’s first law for ideal solutions, which states that mobile species diffuse from high to low concentration, 
suggests that the Ta2O5 will rapidly gain oxygen vacancies when in contact with a suboxide, resulting in failure shortly 
after fabrication. b) Most models assume that oxygen vacancies do not migrate between the two oxide layers during 
retention13–17. Under this diffusion model, the filament dissolves, resulting in increased resistance over time, a result 
consistent with some experiments14,18,19. c) Other experiments suggest that the filament strengthens over time, yielding 
a decrease in resistance15,20,21. This result cannot be explained by either the ideal solution Fickian diffusion model, and 
represents a knowledge gap. We propose this behavior results from phase separation. 
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In this work, we show that the universally accepted Fickian diffusion model based on ideal 
solution thermodynamics is inadequate for describing mass transport in VCM. Instead, it is 
important to not only consider entropic interactions as in ideal solutions, but also consider the 
enthalpic effects of composition phase separation into amorphous oxygen-rich and oxygen-
deficient phases, which can be modeled using the Cahn-Hilliard equation29. By combining novel 
experimental and computational methods with established techniques, we show that oxygen 
vacancies do not necessarily migrate from high to low concentrations. Rather, oxygen transport 
follows the gradient of the oxygen chemical potential of the amorphous compounds, where the 
filaments may strengthen under certain compositions. Our work corrects a longstanding yet 
inaccurate assumption of ideal Fickian diffusion as it applies to VCM, and shows that information 
retention, the core function of nonvolatile memory, has a thermodynamic origin and is not only a 
result of slow oxygen diffusion. We further propose and experimentally validate a thermodynamic 
design rule based on the gradient energy penalty for resistive memory that will undergo retention 
failure. More broadly, these results show the importance of accounting for defect interactions and 
phase separation in new classes of electronic materials. 

Results 

Retention Measurements in TaOX-based VCM 

We assess retention behavior under different annealing (baking) temperatures and times. 
Because no driving voltages are applied, retention studies eliminate the convoluting factors of 
electric field and temperature gradients. Our bilayer VCM consists of ~4 nm near-stoichiometric 
Ta2O5 above a ~30 nm sub-stoichiometric TaO0.5 suboxide (see Experimental Procedures for 
fabrication details). X-ray diffraction and transmission electron microscopy show that both 
tantalum (sub-)oxide layers are amorphous due to the low deposition temperatures (Fig. S1). In 
Fig. 2a, our devices show the ability to switch between the low resistance state (LRS, ~1,000 𝜇S) 
and high resistance state (HRS, 10-100 𝜇S). Fig. S2 shows the switching statistics.  

After confirming the switching characteristics, we annealed the devices at different 
temperatures in inert Ar, quenched to below 100°C in under 2 minutes, and measured the device 
conductance at room temperature. We define failure as when the conductance crosses 500 𝜇S. We 
first consider pristine devices: after baking for 24 hours at 250oC, the conductance increases, but 
remains substantially more insulating than either the LRS or HRS, and does not fail (Fig. 2b). 
Because the devices remain insulating, it does not follow the bilayer mixing pathway illustrated in 
Fig. 1a even at this comparatively high temperature. 

Next, we assess the devices starting in the LRS, where the conductance does not decrease 
over time as predicted by the widely-used modified Fickian pathway (Fig. 1b). Instead, the 
conductance increases. This stability is consistent with filament strengthening as depicted 
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schematically in Fig. 1c. Additionally, none of the LRS or pristine devices annealed at 
temperatures below 350oC fails (Fig. S3). We next consider HRS retention. At 250oC, most HRS 
devices fail within 24 hours, reverting to a higher-conducting state (Fig. 2b). A statistical 
significance test comparing LRS and HRS failure shows a Z-value >3 (Note S1). This HRS failure 
indicates oxygen vacancies diffuse into the filament gap, which decreases the tunnel gap at the 
Schottky barrier between the oxide and the high work function Pd electrode30. In Fig. 2c, we 
quantify the fraction of HRS devices that fail (>500 𝜇S), and show that the failure time increases 
at lower temperatures, consistent with previous work15,18,27. The stability of the pristine sample 
shows the reversion to the LRS is not a result of bilayer mixing. Moreover, devices annealed in air 
also show the same results (Fig. S3b), confirming that HRS retention failure is not a result of 
environmental reduction. While there exists significant device-to-device variability, all HRS 
devices showed a substantial increase in conductance across every temperature tested. 
Unfortunately, the devices could no longer switch after annealing. This may result from a slight 
reduction of the Ta2O5 layer upon heating, and could be seen with the increase in the conductance 
of the “pristine” devices upon annealing (Fig. 2b). 

 
Fig. 2 Switching, retention, and conductive AFM characterization of the bilayer TaOX-based 
memristors. a) A typical switching curve from the ~2 μm2 crossbar device shows typical resistive 
switching behavior. The inserts show cross-section TEM (left, 10 nm scale bar) and planar SEM image 
(right, 10 μm scale bar) b) Retention characteristics of devices from the pristine state, HRS, and LRS baked 
at 250 oC. LRS and pristine state devices are stable, while HRS devices fail over time. The grey dashed line 
represents the failure threshold. n is the number of devices measured in each condition. c) HRS retention 
failure statistics show accelerated device failure as the bake temperature increases. The error bar represents 
one standard deviation for a binomial distribution (fail or not fail). d-f) C-AFM of the conductive filaments 
in devices with LRS device (d), HRS device (e), and HRS device annealed at 300oC for 3 hours (f). The 
broken HRS filament re-forms after annealing in (f). Scale bar is 20 nm.  
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We use conductive atomic force microscopy (c-AFM) to visualize filament changes. 
Rather than using the AFM tip to switch the device, we electrically SET or RESET the device to 
the desired state (Fig. 2a), then use an Ar ion beam to remove the top contact. This ensures that we 
measure the filaments that exist under standard electrical forming and switching conditions, as 
opposed to filaments made using an AFM tip. Under a 0.5 V bias, our results show an ~8 nm 
filament with a peak current of ~20 nA in the LRS device (Fig. 2d), a much weaker filament (~1 
nA) in the HRS device (Fig. 2e), and the re-emergence of the filament in an annealed HRS device 
(Fig. 2f). Importantly, the ~10-100× lower c-AFM current in the HRS device is consistent with the 
~20× ON/OFF ratio in the devices. More c-AFM results are given in Fig. S4, which also shows 
the topology and currents of all imaged devices; no filaments were observed in the pristine devices 
which were not cycled (Fig. S4). The absence of filaments in the pristine, unformed samples (Fig. 
S4a,b) shows that the imaged filaments (Fig. 2d-f) were not created by the Ar ion beam; however, 
we cannot rule out possible surface damage by the Ar ion beam on the underlying oxide layer. 

Our results in this section show that both the LRS and the pristine devices are stable for 
>24 hours at 200-350oC. The HRS, on the other hand, fails; c-AFM measurements show this failure 
results from the re-formation of the nanoscale filament. Combined, these results show that the 
filaments revert from a nonequilibrium, frozen-in state after switching to a stable state with an 
intact filament and low device resistance after annealing. These observations are inconsistent with 
either Fickian diffusion pathways (Fig. 1a,b). We will later explain these differences in the context 
of phase separation, which can explain why some experiments show HRS retention failure15,16,20,21 
like ours, while others yield LRS retention failure14,18,19.  

Oxygen tracer diffusion in TaOX 
 To gain further insight into the mechanism for HRS retention failure, we approximate the 

retention time using the characteristic oxygen (vacancy) diffusion time14,15,31. The Arrhenius 
activation energy (EA) plays the largest role in determining diffusion time. Our HRS results, as 
well as previous literature results, suggest that the retention (diffusion) time can be modeled using 
EA~1.5 eV (Fig. S5). However, direct oxygen diffusion measurements of Ta2O5 show that EA 
ranges between 0.8 and 1.2 eV23,32, which predicts ~5-12 orders of magnitude faster oxygen 
diffusion and shorter device retention times23,26,32. 

We hypothesize that oxygen diffusion in tantalum sub-oxides is much slower and has 
higher activation energy compared to Ta2O5. Whereas the retention time is determined by the 
oxygen diffusivity of the TaOX sub-oxides that make up the filament, past results only quantified 
diffusion in the oxidized Ta2O5. To test our hypothesis, we quantified oxygen tracer diffusion in 
Ta (sub)-oxides using trilayer structures that consist of Ta16OX/Ta18OX/Ta16OX (X~0.7, 1.5, 2.5). 
The isotope-enriched center layer is formed using 18O2-enriched gas in the reactive sputtering gas 
mixture (Fig. 3a, S6), as recently conducted for amorphous HfO233. We then anneal these structures 
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and use Time-of-Flight, Secondary Ion Mass Spectrometry (ToF-SIMS) to determine the 18O/16O 
ratio as a function of depth. Directly incorporating the tracer 18O into the film enables tracer 
diffusion measurements in highly reduced sub-oxides, which cannot be accessed in standard gas-
phase isotope exchange. 

 

 

Fig. 3 Diffusion kinetics of TaOX with ToF-SIMS and effects on retention failure. a) We develop a 
trilayer sample structure that embeds the 18O tracer into the film stack, eliminating gas-phase reaction and 
enabling suboxide tracer diffusion measurements. b-c) Tracer diffusion results of Ta2O5 (b) and TaO1.5 (c) 
trilayer samples. Black dotted line shows the fitted Fourier series solution to the diffusion equation. Sub-
oxide TaO1.5 shows much slower diffusivity compared with that of oxidized Ta2O5. d) Fitted activation 
energy of oxygen tracer diffusivity in TaOX. Ta2O5 shows ~0.5 eV lower activation energy (EA) than that 
of sub-oxides. The uncertainty indicates 1 standard error. e) Comparison of characteristic diffusion time 
with the vacancy diffusivity estimated from the tracer diffusion activation energy in ToF-SIMS experiments 
(blue line) with experimental retention times (dark purple star). The diffusion time activation energy of sub-
stoichiometric oxides also matches well with retention time of TaOX devices from literature (light purple 
symbols), where each symbol represents a different paper15,18,27,34. 
 

In Figs. 3b and c, we show oxygen tracer diffusion profiles for the oxidized Ta2O5 and the 
TaO1.5 sub-oxide, respectively. While the Ta2O5 film shows substantial tracer diffusion after just 
10 minutes at 300oC, the sub-oxide requires over 18 hours at 400oC to observe a similar tracer 
concentration profile. Our results yield a tracer diffusion activation energy of 1.0±0.3 eV for the 
amorphous Ta2O5 film, and between 1.5±0.2 and 1.6±0.2 eV for the two sub-oxides TaO0.7 and 
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TaO1.5 (Fig. 3d, see all fits in Fig. S7). This reduction in diffusivity with higher oxygen vacancy 
concentration has also been observed in SrTiO335. 

The much slower oxygen diffusivity in the sub-oxides explains the excellent retention time. 
In Fig. 3e, we show that the retention time activation energy for the unstable state, HRS in our 
case, is ~1.5 eV, consistent with the higher ~1.5 eV activation energy of the sub-oxide. However, 
our stable state (LRS) has even longer retention and does not appear to fail. As we will explain 
next, this remarkable stability cannot be explained only by oxygen diffusion rates. 

Composition phase separation in amorphous Ta-O system 

 Our observation of increased conductance of both LRS and HRS during retention (Fig. 2) 
suggests that oxygen (vacancies) may diffuse against the concentration gradient (Fig. 1a); this 
“uphill diffusion” commonly arises during compositional phase separation29. In our experiments, 
phase separation describes the coexistence of two compositionally distinct materials with no net 
mass flux between the two layers, or “flux equilibrium” where J=0 (see Note S2). Here, the two 
phases are both amorphous with different Ta:O ratios36. Although these amorphous compounds 
are metastable and have higher energy than the inaccessible crystalline states, mass transport 
follows the chemical potential of the amorphous states when the crystalline states are inaccessible 
below 600oC37. While phase transformations have been studied in tantalum oxide memristors38–40, 
their relationship to retention time has not been previously considered.  

The combination of amorphous materials and the highly variable nanosized filaments make 
it difficult to probe the effects of phase separation on oxygen transport in a filaments. Instead of 
probing nanosized filaments, we construct a bilayer film with different metal to oxygen ratios as a 
model system to assess compositional phase separation. X-ray photoelectron spectroscopy results 
by Heisig et al.41 showed that the chemistry of a filament is nearly identical to that of a directly 
sputtered suboxide. Additionally, TEM studies show that the filament is also amorphous42. 
Building on these results, we anticipate a sputtered amorphous suboxide will have similar 
thermodynamics as an amorphous oxygen-deficient filament36. 

We fabricate bilayer films using a ~35 nm stoichiometric Ta2O5 layer on top of ~45 nm 
tantalum sub-oxides TaOX with different compositions (X) to investigate phase separation over 
time. We first investigate the TaO0.7 sub-oxide (~60 at% Ta). After annealing the sample at 300oC 
for 3 hours, the top Ta2O5 layer reduces to TaO1.9 (~35 at% Ta), while the bottom sub-oxide 
remains TaO0.7 (Fig. 4a). The compositional interface between the two layers persists, but moves 
in position to conserve mass. Importantly, samples annealed at 16 and 48 hours show essentially 
identical depth profiles (Fig. 4a). Under the premise that the crystalline state is kinetically 
unattainable at this temperature37, our results show that these amorphous samples have reached a 
state of “flux equilibrium” (J=0) in less than 3 hours. This state shows that composition phase 
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separation is the favored configuration; in contrast, Fick’s First Law would predict a progression 
to a homogeneous single phase. 

 

Fig. 4 Compositional phase separation probed by Auger electron spectroscopy (AES) depth profile 
of bilayer stack Ta2O5/TaOX. a) The AES depth profile results of Ta2O5/TaO0.7 before (left panel) and 
after annealing at 300oC for 3, 16 and 48 hours (right panel). While the Ta2O5 is initially oxidised to TaO1.9, 
it does not undergo further exchange of oxygen with the suboxide; this persistent interface after annealing 
indicates compositional phase separation. A darker plot background colour indicates higher Ta content. b) 
The AES depth profile results of three bilayer stacks before (left panel) and after annealing at 300 oC for 3 
hours (right panel) suggest that the solubility limit at 300oC is TaO1.9. Our results do not show substantial 
sputter reduction due to the relatively uniform metal:oxygen ratio with depth within each (sub)oxide layer.  
Dashed vertical guidelines convey 30 at% and 60 at% Ta. 
 

We next change the bottom suboxide to TaO and TaO1.5. After annealing, the oxidized top 
layer all converts to TaO1.9 and expands over the bottom layer while conserving oxygen (Fig. 4b). 
The results for all samples suggest that the TaO1.9 sub-oxide is the solubility limit at 300oC in 
amorphous tantalum-oxide; this solubility limit increases to at least TaO1.4 at 450oC (Fig. S8), 
consistent with an increase in the solubility for most materials at higher temperatures. In contrast, 
the crystalline phase diagram of tantalum oxide exhibits negligible solubility below 1000oC43. 
Even though the filament and suboxide film may possess some chemical differences, the persistent 

A

0 30 60
100

80

60

40

20 3hr
Anneal@300oC

16hr
Pristine

Ta2O5 TaO1.9

48hr

0 30 60

TaO0.7

3hr

D
ep
th
 P
ro
fil
e 
(n
m
)

TaO0.7

Tantalum Atomic Percentage (%)

100

80

60

40

20

D
ep
th
 P
ro
fil
e 
(n
m
)

0 30 60 0 30 60

Anneal@300oCPristine

TaO1.9Ta2O5

Ta2O5/TaO0.7

Ta2O5/TaO
Ta2O5/TaO1.5

B



10 

compositional interfaces (Fig. 4) and extremely stable LRS (Fig. 2) tell a consistent story: the 
oxygen-rich and oxygen-poor regions will not mix (Fig. 1b), but will instead remain separate (Fig. 
1c). Moreover, this composition phase separation is also observed in an amorphous HfO2/HfO0.4 
bilayer, where HfO1.6 is measured to be a stable phase (Fig. S9). This phase separation can also 
explain why certain studies also show the HRS fails to the LRS in Hf-based VCM devices28,44, like 
the case for Ta-based ones15,16,20,21, despite using different combinations of top and bottom 
electrodes. 

Ab initio thermodynamic calculations 
Having experimentally shown compositional phase separation, we next investigate phase 

separation computationally using ab initio calculations and phase-field simulations. We first use 
density functional theory to compute the free energy of amorphous tantalum oxide across different 
oxygen compositions between Ta and Ta2O5. We use ab initio molecular dynamics with Canonical 
Ensemble (NVT) conditions, where the atomic volume is determined from the experimentally 
measured density (Fig. S10), to generate amorphized structures of tantalum oxide. The samples 
are relaxed at 0K to compute the time-averaged formation enthalpy of the amorphous phases (Fig. 
S11). The amorphous formation enthalpies are all higher than that of the crystalline Ta-O convex 
hull energies (Fig. S11); however, the crystalline states are not accessible for the temperature and 
times of our experiments37 (Fig. S1). 

To account for the entropy of mixing, we develop a two-sublattice model, where the 
configurational entropy of the oxygen sublattice is calculated from mixing between oxygen ions 
and vacancies, and the configurational entropy of the tantalum sublattice is calculated from the 
mixing between various Ta oxidation states. For the latter, we use a dynamic programming 
approach to solve for the number of microstates where the possible Ta oxidation states are charge-
balanced by the oxygen composition (see Experimental Procedures for more details). Finally, we 
compute the Gibbs energy of mixing by referencing the total Gibbs free energy to that of 
amorphous-Ta and amorphous-Ta2O5 (Fig. S11). The resulting Gibbs free energy of mixing curves 
at T=300oC yield a ‘w’-shaped curve, with the local minima located at TaO1.9 (~35 at% Ta) and 
~Ta (100 at% Ta) (Fig. 5a). These results are qualitatively consistent with previous calculations39 
that show phase separation between amorphous Ta2O5 and TaO2 at 0K; however, our calculations 
span the entire Ta-O composition range and account for entropy. 

Next, we combine the computed formation energy of amorphous tantalum oxide with a 
phase-field model to simulate the bilayer composition over time. In this phase-field model, mass 
flux (𝐽) follows the gradient of the computed chemical potential 𝜇 from Fig. 5a and Fig. S12 via 
𝐽 = −𝐷/𝑘!	𝑇	𝑐	𝛻𝜇, where c is the oxygen concentration and D the oxygen diffusivity. Because 
the crystalline Ta and Ta2O5 states (Fig. S11) are not kinetically accessible from the amorphous 
state, mass transport under the thermally-constrained metastable equilibrium will follow the 
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chemical potential of the amorphous Ta-O compound, computed from the amorphous Gibbs Free 
Energy of Mixing (Fig. 5a) (see details in Experimental Procedures and Fig. S12).  

 

Fig. 5 Atomistic calculation and phase-field simulation of Ta-O system. a) Mixing free energy of TaOX 
across a series of compositions including enthalpy and entropy at 300oC (see Experimental Procedures). 
These energies are referenced that of amorphous Ta (X*=0) and Ta2O5 (X*=1) at 0K. The common tangent 
and the convex hull indicate phase separation between ~TaO1.9 (X*~0.74) and Ta (X*~0). The insert is the 
amorphous structure generated. b-c) Phase-field simulation of oxygen diffusion in bilayer stacks of (b) 
Ta2O5/TaO0.7 and (c) Ta2O5/TaO which incorporates phase separation with the formation energy fitted from 
(a). These simulations qualitatively capture the Auger depth profile in Fig. 4b. The light color line is the 
simulation results, and the dark color line is the 5-nm average value to account for depth- and lateral-
averaged AES measurement. 
 

We first simulate the stacked Ta2O5 and sub-oxide TaO0.7 (60 at% Ta) bilayer (Fig. 5b) in 
one dimension. Here, Ta2O5 is reduced to the solubility limit of TaO1.9 (35 at% Ta), consistent 
with experiment (Fig. 4a). The bottom suboxide TaO0.7 undergoes spinodal decomposition into 
two stable phases (lighter color), but the composition averaged over 5 nm remains ~TaO0.7 (60 
at% Ta). Previous electron microscopy studies of tantalum suboxide filaments have observed that 
they undergoes spinodal decomposition into Ta-rich and O-rich regions42,45. However, our 1D 
Auger depth profile does not have lateral resolution and only captures the average composition 
spatially averaged over many microns; the averaged depth profiles in Fig. 4 is consistent with a 5-
nm depth-averaged simulation (darker color) in Fig. 5b. When we replace the sub-oxide layer with 
TaO (50 at% Ta), the top Ta2O5 layer is also reduced to TaO1.9 and bottom TaO layer is 
decomposed into two phases with an average 50at% Ta composition (Fig. 5c), again matching 
experiment results (Fig. 4b). The Ta2O5/TaO1.5 (40 at% Ta) bilayer simulation (Fig. S13) is again 
consistent with experiment (Fig. 4b), which eventually becomes a single layer with TaO1.9 (35 at% 
Ta). In contrast, if we ignore phase separation and assume ideal Fickian diffusion (𝐽 = −𝐷	𝛻𝑐), 
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the Ta2O5/TaO0.7 and Ta2O5/TaO bilayers evolve into a single compositionally homogeneous layer 
in Fig. S14, in stark contrast with experiment.  

Our experimental (Fig. 4) and computational (Fig. 5) results both show persistent 
compositional phase separation, and independently identified the TaO1.9 sub-oxide as one of the 
solubility limits at 300oC. Four-point electrical measurements show that TaO2 is electronically 
insulating (Table S1) despite having a nominal 20% oxygen deficiency because it is amorphous; 
this result is consistent with other studies which utilize TaO2 as the pristine, initially-insulating 
switching layer42,46; as a result, the conducting filaments must be more conducting and reside in 
the miscibility gap. Our results show that a film with 40at% Ta, quantified by Auger, is needed to 
create an electronically conducting film. This number is somewhat higher than the ones quantified 
in recent work using XPS (33at% Ta)41, which we attribute to differences in the quantification 
values of Auger and XPS. 

Phase-field simulations of device operation 

Finally, we conduct 2D phase-field modeling to simulate the evolution of the conductive 
filament in the Ta2O5/TaOX memristor over time. We consider both the ideal solid solution model 
that yields Fickian diffusion (𝐽	 = −𝐷𝛻𝑐) used in previous work23,47, as well as the amorphous 
phase separation model (𝐽 = −𝐷/𝑘!	𝑇	𝑐	𝛻𝜇) based on a regular solution– details in Experimental 
procedures. The phase-field model here simulates mass transport under nonideal thermodynamic 
conditions, including but not limited to spinodal decomposition. 

Substantial differences between the two models arise during retention simulations. We 
simulate the filament composition as TaO0.4 based on recent transmission electron microscopy 
results by Skronowski and colleagues42, and the reservoir suboxide as TaO0.5, which is the 
experimentally measured suboxide composition of our devices. The ideal Fickian diffusion model 
shows that the pristine, LRS, and HRS will revert to the same low resistance state (Fig. S15a), like 
in Fig. 1a and in contrast to the pristine device results in Fig. 2. If we suppress phase separation 
between the two oxide layers (Fig. S15b), the pristine, LRS, and HRS will revert to the same HRS 
after annealing like the scheme in Fig. 1b, again contradicting the LRS measured in Fig. 2. In 
contrast, the regular solution model based on the calculated Gibbs free energy (Fig. S15c) shows 
that both the pristine and the LRS states are stable and will not fail, while the HRS state will fail 
and revert to LRS, all consistent with experiment (Fig. 2). In Fig. S16 and S17, we incorporated a 
composition-dependent oxygen diffusivity into our model. While the magnitudes and paths differ, 
the overall trend is essentially identical to what was observed with a composition-independent 
oxygen diffusivity. This results because the final state of the system is ultimately governed by 
thermodynamics: changing the magnitude and shape of diffusivity can change the time and path 
needed to reach this final state, but it cannot change the final form.  
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Fig. 6 Origin of HRS and LRS Retention Failure with 2D Phase field model for Ta2O5/TaO0.5 bilayer 
memristor. a-c) Retention simulation on LRS and HRS with different filament gap and filament width. 
Scale bar is 5 nm. d) The simulated stability of LRS and HRS as functions of the filament width and gap. 
Each circle represents one simulation that maps to the schematic shown in a, b, or c. e) The experimental 
retention results at 250 oC using different RESET voltage (1.5 and 2.5 V). The inset shows a decrease in 
the HRS conductance upon baking for one hour, consistent with the predictions of (c), before increasing as 
a result of the increased conductance of the pristine devices (Fig. 2b).  

While these simulation conditions are consistent with our experiments in Fig. 2, other 
researchers have shown LRS retention failure where devices revert to high resistance14,17,18. By 
parametrically exploring this phase-field model, we identify the filament width, filament gap, and 
gradient energy penalty as the critical parameters to assess the stability of the LRS and the HRS. 
Fig. 6a shows a case where the HRS fails while the LRS is stable (does not fail), which qualitatively 
resembles our experimental results (Fig. 2). When the filament width is decreased from 7 nm to 
3.5 nm (Fig. 6b), the filament would dissolve over time, resulting in LRS retention failure14,17,18. 
Finally, by increasing the gap distance from 0.4 to 0.8 nm while keeping the filament width at 7 
nm, both the LRS and HRS devices remain stable in respective states for very long times due to 
phase separation. We will experimentally validate these three regimes in the next section. In all 
cases, our phase separation model ensures that the pristine devices are insulating, like in Fig. S15c, 
without the need to additionally constrain transport between the reservoir and switching layers. 
These simulations also show the filament and suboxide layer initially separate into amorphous Ta 
and TaO~1.9 regions with a domain size ~2 nm as a result of the solubility limits calculated in Fig. 
5. These spinodal decomposition features are consistent with recent electron microscopy by 
Skowronski and colleagues42,45,48.  
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Fig. 6d plots the retention stability range of LRS and HRS as a function of the filament 
width and filament gap. The critical filament width W* approximately defines the boundary 
between filament dissolution and strengthening, which controls whether the LRS fails. When the 
gap is smaller than the threshold Gs (black line), a broken filament will re-form, leading to HRS 
retention failure. On the other hand, when the gap is larger than the threshold Gs, the broken 
filament will dissolve, resulting in neither LRS nor HRS retention failure (Fig. 6c). In Fig. S18, 
we simulate how the critical filament width and gap are affected by the gradient energy penalty, 
which represents the interfacial energy. These simulations suggest that both thresholds are related 
to the characteristic stability wavelength λ, and provide a design rule: lowering the gradient energy 
penalty would increase the parameter space for the “green” stable regime given by Fig. 6c, where 
neither the LRS nor the HRS will fail. While the exact thresholds depend on material parameters 
like the gradient energy penalty (Fig. S18), the directional trends among the three failure regimes 
have been consistently simulated and, as we show in the next section, experimentally verified. 

Experimental verification of phase-field model 

 Based on our predictions from Fig. 6, we experimentally identified the transition from HRS 
failure (red) to LRS failure (blue). Our results in Fig. S19 show that reducing the compliance 
current from 1 mA to 100 μA not only decreases the filament conductance, but also yields in a 
transition from HRS failure to LRS failure. Additional c-AFM measurements show this reduction 
in compliance current reduces the filament size from ~8 nm to ~3 nm (Fig. S19 c,f). The latter 
value (3 nm) is comparable to scalpel c-AFM images showing a ~4 nm diameter filament in a 
Hafnia device SET using a 50 μA compliance current49. These combined c-AFM and device 
characterization results confirm our model prediction of a transition from HRS to LRS failure with 
smaller filaments (Fig. 6d). In contrast, models based on Fick’s First Law would suggest that larger 
filaments dissolve slower due to longer diffusion lengths, not the observed dichotomy in the 
direction of failure in our experiments. 

Next, to experimentally obtain the predicted “green” region without retention failure, we 
used a larger RESET voltage of 2.5V (Fig. S20). These 2.5V RESET devices (HRS2) have ~4 
orders of magnitude higher resistance than the 1.5V RESET devices (HRS1) on the same die. 
Based on previous research, this vast increase in the filament resistance most likely results from 
an increase in the filament gap50. Using the Simmons equation51 with a barrier height of 1.5 eV, a 
filament diameter of 8 nm, and an electron effective mass of 1, we estimate from the measured 
HRS resistance that the filament gap increased from ~0.4 nm to ~0.9 nm upon increasing the 
RESET voltage from 1.5 to 2.5V (Fig. S21). We note that these estimates are based on idealized 
planar barriers, which do not account for deep traps as well as non-planar barrier shapes; 
additionally, while the Simmons equation may not be physically realistic for tunnel gaps <0.5 nm, 
the experimentally measured decrease in conductance upon a 2.5V RESET (Fig. 6e) should 
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correspond to an increase in the tunnel gap. After 1 hour baking at 250 oC, the HRS2 devices 
showed a decrease in conductance, qualitatively consistent with the predictions in Fig 6c whereby 
the gap increases over time. Over 48 hours, the conductance of the HRS2 devices converges with 
that of the pristine devices, again consistent with the predictions in Fig. 6c. In contrast, the 
resistances of the HRS1 devices will converge with the LRS, consistent with Fig. 6a. While the 
longer retention times may not outweigh the higher switching voltages, our results do provide 
strong experimental evidence for our phase-field model. 

Finally, we generalize our findings to Hafnia VCM devices made using a 65-nm process 
on a 300-mm wafer (see Note S1). These devices again showed a clear transition between LRS 
failure to HRS failure upon changing the compliance current (Fig. S22), with essentially identical 
statistics as the TaOx devices (Table S2). This shows that our key results are generalizable to other 
VCM devices, including ones made using 300 mm wafer processing tools. The “no failure” regime 
was not achieved because these devices would SET in a different direction upon applying -2V 
(Fig. S23), likely due to the TiN metallic electrode. All of the conclusions in this section are 
statistically significant at a Z-value > 3, p-value <0.2% (Note S1). 

Discussion and Conclusions 

We utilized a multimodal approach combining device measurements, scanning probe 
microscopy, depth profiling, ab initio, and continuum simulations. In conjunction, our results 
provide a consistent picture showing the strong consequence of phase separation on mass transport 
in TaOx. Our inclusion of compositional phase separation into oxygen transport models is a 
paradigm change for resistive memory and more broadly for defect-rich electronics. We thereby 
correct a longstanding and pervasive assumption of ideal solid solution used in previous physical 
models based on ideal Fickian diffusion14–18,22–24. The Fickian diffusion equation 𝐽 = −𝐷	𝛻𝑐 is a 
special case of mass transport where the mobile chemical species form an ideal thermodynamic 
solution with the host (Note S3). Because most binary metal-oxygen phase diagrams show phase 
separation for temperatures <500oC, the ideal solution assumption for 𝐽 = −𝐷	𝛻𝑐 is not fulfilled 
outside dilute limits in most crystalline metal oxides. Ideal Fickian diffusion should not be 
automatically assumed for filament-based VCM. However, we expect the exact Gibbs energy 
profile, solubility limit, and diffusion properties to be dependent on the switching oxide materials 
used a particular device. 

Additionally, our ability to measure sub-oxide tracer diffusion (Fig. 3) and characterize 
composition phase separation (Fig. 4,5) reconciles vast discrepancies regarding both the magnitude 
and direction of retention time in TaOx VCM. While phase separation into Ta-rich and O-rich 
domains have previously been observed in pioneering electron microscopy measurements of the 
filament42,45,48, our work explains how phase separation affects mass transport and ultimately 
controls the ability of memristive devices to attain a core functionality, which is to retain 
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information over time. Although our work was conducted at elevated temperatures to accelerate 
oxygen diffusion, we expect the overall trends to persist at lower temperatures. However, based 
on the retention time exceeding 10 years at 85C, the timescales would be too long for this 
experiment. The composition phase separation mechanisms described in this work differ from the 
role of the decomposed SrO phase in SrTiO3, which acts as a kinetic oxygen diffusion barrier52. 
We show that information retention in valence change memory has a thermodynamic origin–phase 
separation–and is not only a consequence of oxygen diffusion kinetics. While our experiments 
simulate oxygen, the computed chemical potential of Ta is also nonmonotonic with composition 
(Fig. S12d); therefore, we expect qualitatively similar diffusion characteristics if Ta is the mobile 
ion, as suggested in several recent experiments42,53.  

From a technological point of view, our results demonstrate that phase separation, even for 
metastable amorphous materials, may enable resistive switching devices with retention times 
unconstrained by diffusion times (Fig. 6). This design rule may be particularly important for 
unconventional memristors such as those made from transition metal dichalcogenides5 and organic 
materials54 that often have worse retention than TaOx and HfOx memristors. Phase separation also 
provides an avenue to improve retention in non-filamentary interfacial memristors55 and 
electrochemical random access memory56 (ECRAM), which has more reliable switching but 
poorer retention.  

Beyond resistive memory, our work has broad implications for future electronics enabled 
by defects and defect migration. For example, oxygen vacancy migration is directly linked to 
ferroelectricity in orthorhombic Hafnia2. While the dilute point defects in traditional covalent 
semiconductors generally follow ideal solution thermodynamics, our work shows that this 
assumption may not apply to newer classes of electronic and quantum materials with much higher 
point defect concentrations2–5. Accounting for nonideal interactions including compositional phase 
separation is critical, and ignoring such effects can lead to substantial errors. 

 
Experimental Procedures 

Resource Availability 

Lead Contact: Further information and requests for resources and reagents should be directed to 
and will be fulfilled by the lead contact, Yiyang Li (yiyangli@umich.edu) 
 
Materials Availability: No new materials or reagents were generated in this work. 
 
Data and Code Availability: The data and code for this work are available in Materials Commons 
at https://doi.org/10.13011/m3-n4fy-kr26.  Any additional information required to reanalyze the 
data reported in this paper is available from the lead contact upon request. 
 

mailto:yiyangli@umich.edu
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Preparation of TaOx bilayer VCM devices  

The VCM devices in this work have a cross-point area of ~1.5 × 1.5 µm2 and are fabricated on 
SiO2 (500 nm)/Si substrates in the Lurie Nanofabrication Facility (LNF) at the University of 
Michigan, following our previous work47. First, a 35 nm bottom Pd electrode with 5 nm NiCr 
adhesion layer is deposited by photolithography (1500/4000 rpm PMGI SF6/SPR220-3 𝜇m 
photoresist with GCA AS200 AutoStep), electron beam evaporation (Angstrom Engineering 
Evovac Evaporator), and lift-off processes (Remover PG and Isopropanol). Next, a 30 nm TaO0.5 
reservoir layer is deposited by direct current (DC) reactive sputtering with a Kurt J. Lesker Lab 18 
system using a 51 mm diameter Ta metal target, a power of 200 W for 150s, and a setpoint 
temperature of 400°C. The sputter pressure was 5 mTorr, and the gas was an Ar/O2 mixture at a 
ratio of 32:1. Next, the sputter chamber was cooled to room temperature, and a 4 nm Ta2O5 
switching layer is then deposited by radio frequency (RF) sputtering using a 51 mm diameter Ta2O5 
target in Ar gas with a pressure of ~5 mTorr and a power of 30 W for 1059s. A 30/30 nm Au/Pd  
top electrode is then deposited by photolithography, e-beam evaporation, and lift-off processes. 
This top electrode also acts as a hard etch mask for the two tantalum oxide layers. A reactive ion 
etching process using SF6 (Plasmatherm 790) is used to etch the two tantalum oxide layers to 
expose the bottom contacts. A third photolithography process is used to deposit a larger (150 by 
150 μm2),  200/10 nm Au/Ni pad by electron beam evaporation, which is used to contact the probe 
station. 

Preparation of HfOx in-line VCM devices 

The characterized HfO2 RRAM devices were fabricated at the Albany NanoTech Complex by 
NY CREATES and the College of Nanotechnology, Science & Engineering of the University at 
Albany. The integration is based on a 65nm backend of line (BEOL) process technology with 
custom modules embedding the ReRAM elements between tungsten and copper metallization 1 
and 2, respectively (W-M1 and Cu-M2). The W-M1 interconnect is utilized to fabricate in-line 
resistors with ranges from 0 to 50 kΩ enabling on-chip current overshoot control during the 
ReRAM forming process. An inert TiN bottom electrode (BE) was subtractively structured above 
the W-M1 layer with a device diameter of 80 nm for the devices characterized and shown here. 
The fabrication of the BE module was finished by a CMP process leaving an atomically flat contact 
for the deposition of the ReRAM stack. The 5.8 nm HfO2 switching layer (SL) was deposited via 
atomic layer deposition (ALD) and followed by 6 and 40 nm of Ti and TiN, via physical vapor 
deposition (PVD), serving as the oxygen exchange layer (OEL) and top electrode (TE), 
respectively. The RRAM stack was structured via a reactive ion etch (RIE) process to isolate the 
devices and an overlay of the SL, OEL and TE above the BE of around 50 nm is maintained to 
avoid RIE edge effects during filament formation. The connection to the TE and W-M1 layer was 
accomplished via a via-first dual damascene process where the via etch and hard mask thickness 
is tuned to enable the bridging of the vertical height difference to connect the TiN top electrode 
and the W-M1 with a single patterning process. After the conclusion of the dual damascene Cu-
M2 process the devices can be measured in a 1 RRAM (1R) or 1 resistor 1 RRAM (1R1R) 
configuration with RRAM device diameters ranging from 50 to 250 nm. The final structure can be 
seen in Fig. S22 for a device with an 80 nm bottom electrode.  
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Electrical measurements 

 The TaOx devices were characterized using a Keithley 4200 semiconductor parameter analyzer 
with a probe station. The voltage is applied to the top electrode and the bottom electrode is 
grounded during electrical measurements. A compliance current of 1 mA (or 0.1 mA) and -5 V 
stop voltage was set during electroforming. After electroforming, we switch the device 20 times 
between the high-resistance and low-resistance states by I-V sweeps (Fig. 2a). After this process, 
we SET some devices on the die into the LRS, while we RESET others into the HRS. The pristine 
devices did not undergo any electroforming, setting, or resetting. Fig. S2 shows switching 
statistics. The die was annealed in an Everbeing CG-196 environmentally-controlled probe station 
under ~ 300 Torr of ultra-high purity Ar (Fig. S24). No electrical measurements were taken at 
elevated temperatures.  

After cooling the device to room temperature, the sample was taken out of the environmental 
chamber. We measured the conductance of each device sequentially by sweeping the voltage from 
0 to 0.1 V with a sweep of 0.02 V with the Keithley 4200 in a two-probe measurement 
configuration. The measurements include the total device resistance, including both the bulk and 
contact resistance. Each die was only annealed at one temperature; because it was annealed and 
cooled several times, and the total annealing time is recorded. 

We recognize that our anneal-and-cool approach can only resolve the hour that the device fails. 
In contrast, measuring the resistance during annealing at high temperatures would substantially 
improve the temporal resolution. However, we used anneal-and-cool because it enables us to 
measure many devices on a single die, providing more information about distribution and statistics; 
additionally, by applying all electrical measurements at room temperature, we reduce the risk that 
the measurements would change the device resistance due to electric fields and/or Joule heating at 
the filament. 

To confirm that our two-point measurement setup had minimal series resistance, we placed 
both probes on the top electrode (Pd or W) and swept the voltage from 0 to 0.1V. For TaOx devices, 
the average series resistance across 10 electrodes is 3.99 Ohm with a standard deviation of 0.03 
Ohm. For HfOx devices, the average series resistance was 20.63 Ohm with a standard deviation 
of 0.06 Ohm. This series resistance plays a minimal contribution to the measured device resistance, 
which is on the order of 1000 Ohm or larger. This series resistance in this measurement includes 
the resistance of the wires and the contact resistance between the probe and the metal electrode. 
This resistance does not include the contact resistance between the top metal electrode and the 
Ta2O5 or HfO2 switching layer, which is an important factor in determining the device resistance 
and cannot be independently measured. 

Conductive atomic force microscopy 

The Au/Pd top electrode of TaOX VCM is removed by 9 min Ar ion beam sputtering with an 
AJA Orion-8 Sputter System at room temperature. The gas pressure was 5 mTorr while the RF 
power was 50 W. The etching time is estimated by the etch rate of Au/Pd is ~7 nm/s and that of 
Ta2O5 ~2 nm/min.  
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The conductive AFM was done using the NT-MDT Ntegra Prima microscope with platinum-
coated tips (MikroMasch, HQ:CSC37/Pt) and diamond-coated tips (Nanosensors, DT-NCHR), 
operated in contact mode. The conductive tip was grounded while the sample was biased with a 
constant voltage (0.5 V) through the conductive bottom electrode. The topography information 
and the current value were tracked simultaneously for constructing the electric current mapping. 

For all samples, we initially scan a (3 μm)2 area with 256 × 256 pixels with a constant 0.5V. 
This enables us to localize the filaments in the LRS and HRS samples. To measure the size of the 
filament, we then conduct a (500 nm)2 scan area around the filament with 256 × 256 pixels with 
0.5V. The diameter of filaments are determined by counting the total number of pixels with a 
current higher than 1nA under a circular assumption in the (500 nm)2 scan area measurement. Each 
pixel is taken to equal (1.95 nm)2. 

Transmission Electron Microscopy 

STEM measurements at the University of Michigan were taken using a Thermo Fisher Talos 
F200X G2, a 200 kV FEG scanning transmission electron microscope operated in STEM mode. 
The Velox software was used for STEM images and EDS data acquisitions. The TEM specimen 
was prepared using a Thermo-Fisher Helios 650 Xe Plasma FIB. The final beam condition was set 
at 12 keV 10 pA for the liftout polishing. 

X-ray Diffraction and Reflectivity 

XRD and XRR measurements were conducted using a Rigaku Smartlab X-ray diffractometer 
using a Cu K-α source. XRD samples were measured using a 2θ scan. The samples consist of thin 
films of single layer or bilayer TaOX or HfOX deposited on silicon. 

Auger Electron Spectroscopy 

Ta2O5/TaOX bilayer (~35/45 nm) samples for the Auger electron spectroscopy (AES) were 
deposited using DC reactive sputtering using a 76 mm Ta metal target (Plasmaterials, 99.95% 
purity) with an AJA Orion-8 Sputter System at room temperature. The gas pressure was 5 mTorr 
while the power was 100 W for all depositions. The oxygen concentration X is controlled by the 
Ar:O2 ratio in the sputtering chamber. The total gas flow rate was 40 sccm. Supplementary Table 
S1 shows the effects of different Ar:O2 ratio in the sputter chamber on the Ta:O ratios measured 
in the films using AES. Annealing was conducted in ~300 Torr of Argon at elevated temperatures 
in the Everbeing C-196 Probe Station. Fig. S1a shows that these thin films will remain amorphous 
after annealing. 

HfO2/HfO0.4 bilayer (~35/35 nm) samples were deposited using DC reactive sputtering using 
a 76 mm Hf metal target (AJA International Inc, 99.9% purity) with an AJA Orion-8 Sputter 
System at room temperature The gas pressure was 5 mTorr while the power was 100 W for all 
depositions. HfO2 and HfO0.4 layers were grown with 1:1 (50% O2) and 397:3 (0.75% O2) Ar:O2 
ratio, respectively.  The total gas flow rate was 40 sccm. Annealing was conducted in ~300 Torr 
of Argon at 300oC in the Everbeing C-196 Probe Station. All Pt layers are also DC sputtered at 
100W on a 51-mm Pt target at an Ar gas pressure of 5 mTorr. Fig. S25 confirms that these HfOX 
samples will also remain amorphous after the annealing conditions. 
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The elemental composition of the TaOx samples (Fig. 4) was characterized via AES using a 
Phi 680 scanning Auger nanoprobe from Physical Electronics (Chanhassen, MN) at Ford Research 
(Dearborn, MI). Data was collected using a 10 kV, 10 nA electron beam from an ~ 20 μm2 area. 
Sputter depth profiling with a 2 kV argon ion gun was employed to characterize the thin film 
chemistry. Sputter depth was calibrated using a 100 nm SiO2 standard sample. Our films do not 
show substantial sputter reduction due to the uniform Ta:O ratio with depth within each layer (Fig. 
4). 

Additional AES characterization of additional TaOx samples (Fig. S8) and the HfOx samples 
(Fig. S9) was performed at Sandia National Laboratories (Livermore, CA) using a Phi 680 
scanning Auger nanoprobe from Physical Electronics (Chanhassen, MN). Data was collected 
using a 5 kV, 10 nA electron beam from a ~ 625 μm2 area. Sputter depth profiling with a 2 kV 
Ar ion gun was employed to characterize the layered composition of each sample. 

Time-of-Flight, Secondary Ion Mass Spectrometry 

The Ta16OX/Ta18OX/Ta16OX trilayer (~30 nm each) samples used for ToF-SIMS analysis were 
also grown using the AJA Orion-8 with the same target, power, and gas pressure. All three layers 
used the same Ar:O2 ratio: Ta2O5 used 1:1 ratio of Ar:O2; TaO1.5 used 20:1 ratio; TaO0.7 used 65:1 
ratio. While the top and bottom layers used natural abundance oxygen (~99.8% 16O2), the middle 
Ta18OX layer was enriched with 99% 18O2 (Sigma-Aldrich). The enriched Ta2O5 layers used 1:9 
ratio of natural to 18O2-enriched gas; the enriched TaO1.5 used 1:1 ratio of natural to 18O2-enriched 
gas; the enriched TaO0.7 layer used 100% 18O2-enriched gas. This approach minimizes the use of 
18O2 to reduce cost. A protective Pt film (~20 nm) is also sputtered above and below the trilayer. 
The films are annealed at different temperatures in the Everbeing C-196 Probe Station under Ar to 
initiate tracer (self) diffusion.  

The ToF-SIMS measurements for the Ta2O5 samples were conducted using a PHI Model Thrift 
IV from Physical Electronics (Chanhassen, MN) at Ford Research (Dearborn, MI). Samples were 
analysed using a 30 kV Au+ primary ion beam over a 300 μm × 300 μm area for chemical analysis. 
Negative ion spectra were acquired without charge compensation. Depth profiling was executed 
using a 2 kV Argon sputter gun rastered over a 500 μm × 500 μm area. Data acquisition times were 
limited to ensure the data was collected under static SIMS conditions. 

The ToF-SIMS measurements for the two suboxides (TaO1.5, TaO0.7) were conducted using 
ToF.SIMS.5-NSC instrument (ION.TOF Gmb) at Oak Ridge National Laboratory. Bi3+ liquid 
metal ion gun operating at 30 keV energy, 0.5 nA current (DC mode) and spot size ~120 nm was 
used as a primary source for chemical analysis. It was complemented by Cs+ sputter ion gun 
operating at 1 keV energy and  ~70 nA current for depth profiling and low energy electron flood 
gun for charge compensation. The measurements were carried out at non-interlaced mode, where 
each analysis scan by Bi3+ (100×100 μm) was followed by 2 s of sputtering with Cs+ (300 × 300 
μm). Secondary ions were analyzed by time-of-flight mass analyzers with mass resolution m/Δm 
= 100 - 300. 

The 18O tracer concentration was computed by dividing the measured 18O counts by the 
18O+16O counts from ToF-SIMS. The “normalization” in Fig. 3 and S7 was conducted by 
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multiplying this fraction by 10 for Ta2O5, 2 for TaO1.5, and 1 in TaO0.7. This normalization enables 
easier comparison between the samples even though the 18O-enriched layer for the Ta2O5 and 
TaO1.5 sample was only 10% and 50% enriched with 18O2, respectively.   

To obtain the tracer diffusivity D from the 18O tracer profile, we used the 1D solution to the 
diffusion equation based on the Fourier Series; this is equivalent to the solution to the 1D solution 
to the heat equation.  

𝑐(𝑥, 𝑡) = Σ#	𝐴# exp6−𝐷
𝜋$𝑛$

𝐿$ 𝑡: cos >
𝜋	𝑛
𝐿 	𝑥?	 

The coefficients An can be obtained using the Fourier Transform of the “pristine” samples that 
not annealed, where l is the total thickness of the film (90 nm). We computed the coefficients for 
n = 0 to n = 100. 

𝐴#%& =
1
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'

&
 

𝐴#() =
2
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DFT calculation 

Ab initio amorphous free energy calculations 

To compute the formation enthalpies of amorphous TaOx structures, we followed the method 
of Aykol et al.57Amorphous structures were generated by creating a random packing of atoms and 
subjecting them to AIMD in an NVT ensemble (T = 5000K, timestep=2 fs). We created a cubic 
random packing of Nbulk atoms, where Nbulk ≥ 100 and is the smallest integer at which the given 
amorphous composition can be exactly represented. Atomic density at each composition was 
matched to experimental measurements and interpolated linearly where experimental values were 
not available. 

Structures were heated and annealed for 5000 timesteps. Then, three to five isochronal 
snapshots were selected from the production runs and cooled down through AIMD to 300K, with 
a ΔT of ~14K/timestep, before being quenched to 0K by conjugate gradient optimization. If the 
original quench did not converge, another soft annealing was performed with AIMD at 300K for 
300 timesteps, and then again quenched to 0K.  The final formation enthalpy was determined via 
a static calculation of the quenched structure. The amorphous nature was confirmed both visually 
from the atomistic structure, and by inspection of the radial distribution function, where long-range 
radial correlations beyond 2nd nearest-neighbours became negligible. The number of isochronal 
snapshots for each composition is defined below in the parenthesis: 

Ta (3); Ta4O (4); Ta3O (3); Ta7O3 (3); Ta13O7 (5); Ta6O4 (3); Ta11O9 (5); TaO (3); Ta9O11 (4); 
Ta2O3 (3); Ta7O13 (3); Ta3O7 (3); Ta2O5 (5) 

Random packing was done using packmol58. Structures were visualized using VESTA59. The 
workflow to generate and calculate these structures was built on pymatgen60, Fireworks61, 
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atomate62, and mpmorph57. All first-principles thermodynamic calculations were performed with 
DFT using the Vienna ab initio software package (VASP)63–66 using DFT basis cut-off energies, 
k-point densities, and other settings compliant with Materials Project standards67 and Aykol et 
al.57. 

More details are given in the Supplemental Experimental Procedures. 

Entropy calculation 

We calculate the configurational entropy of amorphous tantalum oxide using the Two-
Sublattice model, where there is a fully occupied cation lattice with integer Ta oxidation states 
spanning 0, 1+, 2+, 3+, 4+, and 5+; and there is an anion sublattice with O2- and vacancies. The 
stoichiometry of the sublattices is constrained to the TaOx stoichiometry. The number of 
configurational microstates of the two sublattice model, Ω, is assessed numerically via dynamic 
programming. The configurational entropy is then determined from S = kb ln Ω. More details are 
given in the Supplemental Experimental Procedures, Table S3, and Fig. 26. 

Phase-field models 

 The mixing energy at 0K is fit with an enthalpy component of the regular solution model to 
generate a continuous and differentiable free energy curve (Fig. S12a) in the compound TaO2.5X*. 
We define this as the enthalpy H: 

𝐻 = 𝛺𝑋∗(1 − 𝑋∗)                          (1) 

where X* is the TaO2.5 fraction in Ta and TaO2.5 mixture, 𝛺 is the positive enthalpy of mixing that 
controls the interaction between Ta and O particles. We fit 𝛺 = 0.63 eV (Fig. S12a). We conduct 
phase-field simulation with the variable X* in TaO2.5X* so that X* spans 0 (Ta) and 1 (TaO2.5). 

The total calculated entropy in TaO2.5X* is fit with a modified asymmetric entropy 
component of the regular solution model (Fig. S12b):  

𝑆 = −𝑎𝑘!𝑋∗𝑙𝑛(𝑋∗) − 𝑏𝑘!(1 − 𝑋∗)𝑙𝑛(1 − 𝑋∗)                   (2) 

where a = 1.39, b = 9.96, to account for asymmetric feature of the entropy term as a function of 
X* (Fig. S12b). 

The enthalpy and entropy components of free energy points in Fig.5a are fit with a modified 
regular solution model to generate a continuous and differentiable free energy curve (Fig. S12c). 
This fit is used to model homogeneous Gibbs free energy (Gh):  

𝐺+ = 𝐻 − 𝑇𝑆                    (3) 

where H and S are defined in equation (1) and (2), and T is the temperature = 573K (300 oC). 
The chemical potential of oxygen (𝜇) is given as the slope of the free energy with respect to the 
TaO2.5 fraction X* (Fig. S12d): 

 𝜇(𝑋∗) = 𝜕𝐺ℎ
𝜕𝑋∗ ⋅

1
2.5− 𝜅𝛻

2𝑋∗                  (4) 
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where 𝜅 is the Cahn-Hilliard gradient energy coefficient related to the interface thickness 
(0.01eV/nm2). The derivative of homogeneous Gibbs free energy (Gh) with regard to X* is divided 
by the number of oxygen atoms in a formula unit (2.5) to obtain the chemical potential 𝜇 of an 
oxygen atom. Our chemical potential uses a regular solution model that only accounts for the 
mixing enthalpy, entropy, and gradient energy penalty; these features were sufficient to model our 
experimental results. Additional features like valence variation and coupled anion-cation diffusion 
could be incorporated into the chemical potential when needed to model other experimental 
observations. 

This chemical potential of oxygen (𝜇) is used to simulate the oxygen flux: 

𝐽 = − 3
4"5

𝑐𝛻𝜇                      (5) 

where 𝐽 is the oxygen flux, 𝐷 is the diffusivity of oxygen, 𝑘!is Boltzmann constant, T is the 
temperature = 300 oC, and c is oxygen concentration that equals c0X*, where c0 is the oxygen 
concentration in TaO2.5. To simplify the calculations, we neglect the volume change associated 
with adding oxygen into TaO2.5X*42.  

The initial state of the 1D phase-field model is set the same as the experimental AES bilayer 
samples with a 35 nm Ta2O5 layer (X* = 0.95) and a 45 nm suboxide TaOX layer (X = 0.7, 1, 1.5 
or X* = 0.28, 0.4, 0.6). The simple Fickian diffusion model describes the oxygen flux within the 
concentration gradient following Fick’s first law 𝐽 = −𝐷𝛻𝑐.  

The 2D phase-field model of the memristive device simulates the oxygen movement during 
retention measurement, which shares the same equations (1-5) and formation energy function 
(Fig.5a, S11) with our 1D phase-field model. The initial condition of the 2D model is based on the 
device in Fig. 2 with a 4 nm near-stoichiometric Ta2O5 switching layer (X* = 0.95) and a 30 nm 
TaO0.5 reservoir layer (X* = 0.2). The filament spans the switching layer in the LRS and contains 
a gap in the HRS. We assume the conductive filament has the composition of TaO0.4 (X* = 0.16)42. 
More details about the geometry are given in the Supplemental Experimental Procedures and Fig. 
S27. To minimize the number of assumptions, all of the physical parameters in our model were 
taken from the geometry of our device, previously published work, or our ab initio simulations. 
The only exception is the gradient energy penalty 𝜅, which was chosen arbitrarily; however, we 
conducted simulations for many values of 𝜅, and the effects of changing 𝜅 are plotted in Fig. S18. 
Despite Joule heating during switching, we assume the filaments remain amorphous, which is 
consistent with electron microscopy studies36,42,45 as well as electro-thermal models23,47 which 
show device temperatures below 500°C. 

Equations are self-consistently solved using the finite element method based on the platform 
of COMSOL Multiphysics 6.0.2. More details are given in the Supplemental Experimental 
Procedures and Fig. S27. 
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