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While the mechanically-induced martensitic transformation and transformation-induced plasticity (TRIP) effects
have various known benefits, transformation of blocky martensite can also accelerate ductile damage nucleation
and growth. Some complex-concentrated alloys (CCAs) with negative stacking-fault energy (SFE) demonstrate a
rare faulting plasticity behavior with high strain hardening capability, that sets them apart from conventional
low, positive SFE alloys that exhibit the TRIP effect. This study investigates the influence of dilute nitrogen on the
TRIP mechanisms in a Co-rich CoCrNi CCA, and reveals, among other findings, that nitrogen interstitials can
effectively reduce the extension of stacking faults and deformation-induced phase transformation, resulting in
higher strain hardenability at early deformation levels and ductility. Thermodynamic calculations are coupled to
various experimental analyses based on atom-probe tomography, scanning transmission electron microscopy,
electron backscattered diffraction, electron-channeling contrast imaging, in situ high-energy synchrotron X-ray
diffraction, and stress relaxation testing, to explore the origins of the observation. This work provides insights

into the future design of CCAs with desirable TRIP, faulting plasticity, and mechanical properties.

1. Introduction

Single-phase face-centered cubic (fcc) complex concentrated alloys
(CCAs) have attracted attention due to their promising mechanical
properties [1-4]. The complex atomic environment in these alloys can
diversify the underlying strengthening mechanisms, ranging from
solid-solution strengthening to chemical short-range ordering [1,3,5].
This enables tunable load-bearing performance at ambient and cryo-
genic temperatures. In this regard, plasticity micro-mechanisms are of
fundamental importance: with decreasing intrinsic stacking fault energy
(visre), the dominant deformation modes in fcc-structured CCAs can vary
from perfect dislocation slip to twinning-induced plasticity (TWIP), and
to transformation-induced plasticity (TRIP) [5,6]. An appreciable
amount of literature has successfully uncovered the correlation amongst
composition, y;gm, and mechanical properties, presuming a positive
viser- On the other hand, theoretical and experimental investigations of
CCAs with negative y;g; remain limited, which motivates the present
study.

It is widely accepted that TRIP is the major plasticity mechanism in
alloys with low SFEs, such as medium or high Mn-steels with SFE<20
mJ/m? [7]. This is because a low SFE indicates that the parent fcc phase
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is mechanically metastable and favors displacive transformation during
plastic deformation (i.e., deformation-induced phase transformation
DIPT) [7,8]. However, some studies have reported plasticity behavior
primarily mediated by stacking faults, in lieu of DIPT—a phenomenon
we term faulting plasticity here—in CCAs with negative y;q, such as
Cu-Al [9,10], CoCrMoN [11] and CoCrNiW [12]. This mechanism pro-
vides new opportunities for CCA design, as blocky martensite is prone to
damage due to limited slip systems and plastic strain incompatibility
[12-14].

Regarding its origin, Yamanaka et al. [11] proposed that nanoscale
CryN and SRO associated with Cr-N bonding function as obstacles to the
glide of Shockley partials and suppress the DIPT in CoCrMoN. Another
origin was proposed by some of the authors of this study, in Wei et al.
[12], focusing on SFE. Through in situ electron channeling contrast im-
aging (ECCI) tests, it was shown that the formation of mono-layered
stacking faults (SFs) can be energetically favored in CoCrNiW with
negative y;gp. This enables the formation of uncorrelated SFs during
early-stage deformation, thereby delaying the formation of more stable
bulk structures (e.g., hexagonal close-packed (hcp) phase or twin).
Further, Pei et al. [15] demonstrated through the density-functional
theory (DFT) calculations that two Shockley partials can even switch
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their positions, forming an fcc stacking between the two SFs instead of a
wide SF. All these studies thus support the possibility of the faulting
plasticity in CCAs with negative y;qz. Yet, a recent molecular dynamics
study suggested that SRO and solute fluctuation in CrCoNi are insuffi-
cient to kinetically hinder the thermal activation of partial dislocations
at room temperature[16], implying negligible effects of SRO on the
extension of stacking faults and the resultant DIPT.

It is thus essential to understand which nanoscale chemical hetero-
geneities can effectively reduce martensitic transformation and increase
the contribution of stacking faults on plasticity, without relying on long-
range ordered precipitates. To this aim, doping interstitial elements can
be a promising candidate. A recent nanoindentation study on FeMn-
CoCrCN suggested that nitrogen atoms can trap partial dislocations [17].
This result implies that the interstitial atoms, which are weaker obsta-
cles compared to long-range ordered precipitates, can effectively reduce
the width of SFs and suppress DIPT. It is thus imperative to understand
the effects of interstitial elements on active mechanisms of deformation
faulting and DIPT to use the information for further design of CCAs with
the faulting plasticity mechanism. However, interstitial elements have
diverse effects on plasticity, posing challenges to study. Interstitial ele-
ments can change the chemical Gibbs energy of each phase and SFE,
which has been actively studied in high-manganese steels [7] and
austenitic stainless steels [18,19]. Interstitial elements can also form
interstitial SROs with other substitutional elements, which can hinder
dislocation motions [11,20]. As SRO can alter local SFEs in CCAs [2], the
formation of interstitial SROs is also expected to cause fluctuation in
local SFEs. Additionally, interstitial elements can segregate to disloca-
tion cores, causing dynamic strain aging or changing SFE of SFs (i.e.,
Suzuki segregation) [21,22]. This effect typically occurs at high tem-
peratures where the diffusivity of interstitial elements is high. However,
a recent study showed that interstitial elements can accumulate in re-
fractory metals even near 0 K without long-range diffusion [23],
implying the possibility of their accumulation in fcc CCAs due to plastic
deformation.

This present work aims to examine the potential of interstitial ele-
ments on TRIP, particularly focusing on suppressing DIPT and promot-
ing SFs. To this end, we select a Co-rich CoCrNi CCA that exhibits a
theoretical y;qz; of —44 mJ/m? as a model system and examine the ef-
fects of doping 0.2 at.% nitrogen (N). The microstructure and defect
evolution during uniaxial tensile deformation in Co-rich CoCrNi samples
with or without N (CCN—N and CCN) are firstly characterized via the
combination of electron-back scattered diffraction (EBSD) and electron-
channeling contrast imaging (ECCI) probing in the scanning electron
microscopy (SEM) and in situ high-energy X-ray diffraction (HEXRD)
testing. We then discuss the effects of N on deformation faulting in detail
taking into account gz, SRO, segregation, and pinning through struc-
tural and mechanical characterization methods, including atom-probe
tomography (APT), scanning transmission electron microscopy
(STEM), and repeated stress relaxation tests. The results indicate that
CCN and CCN—N exhibit different TRIP behaviors that N effectively
hinders the extension of SFs, leading to the formation of discrete SFs and
nano-hcp phase, and reducing DIPT into the hcp phase. By examining
these alloys with a minimal nitrogen content, we envision further ad-
vancements to fully suppress DIPT, enabling deformation exclusively via
SFs, paving the way for the development of damage-tolerant CCAs.

2. Experimental methods
2.1. Fabrication

The samples with nominal composition Co444Crs3 3Nigso (at.%,
CCN) and (Co44.4Cr33.3Ni2g.2)99.8Np 2 (at.%, CCN—N) were produced by
arc melting using high-purity elements (Cr, Co, Ni, and CrN; purity >
99.9%) under Ti-gettered Argon atmosphere. The nitrogen content in
CCN—N was measured by the infrared combustion method (Laboratory
Equipment Corporation, LECO), and the impurity N content in CCN is
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expected to be 0.05 at.%. The alloy buttons were re-melted more than
five times to improve the compositional homogeneity. The buttons were
then cast into a water-cooled copper mold with a rectangular cavity
(=20 mm width x 8 mm thickness x 60 mm length). The as-cast ingots
underwent hot rolling to a final thickness of 2 mm (~75% thickness
reduction) at 1273 K with intermediate annealing to maintain the
temperature. The plates were then homogenized at 1473 K for 2 h in an
Ar atmosphere, followed by water quenching to ambient temperature.
The rolled sheets were further cold rolled to 1.1 mm (~45% thickness
reduction) at room temperature and annealed at 1273 K for recrystal-
lization (CoCrNi, 5 min; CoCrNi-N, 12 min), followed by water
quenching to ambient temperature.

2.2. Characterization

2.2.1. Microstructural characterization

The mesoscale microstructures of the samples were analyzed via
electron backscatter diffraction (EBSD, EDAXZ Hikari camera), energy
dispersive spectroscopy (EDS), and electron channeling contrast imag-
ing (ECCI) using a Tescan MIRA 3 scanning electron microscope (SEM)
operated at a voltage of 20 kV. The EBSD data were analyzed using the
TSL OIM data-collection software. The specimens were mechanically
ground and polished with Struers 1 pm diamond suspension. The sam-
ples except for 5%-deformed samples were then electro-polished using
diluted phosphoric acids with distilled water (85%) in an electro-
polishing machine (Letropol, Struers). The 5%-deformed samples were
polished in OPU suspension for ~20 min without electropolishing to
ensure that the surface is flat enough for ECCI imaging.

2.2.2. Synchrotron-based in situ high-energy X-ray diffraction

In situ synchrotron tensile tests were conducted at beamline 11-ID-C
of the Advanced Photon Source, Argonne National Laboratory, USA. A
schematic diagram of the experimental setup can be found in Fig. 2 in
[12]. The dog bone-shaped specimens with a gage geometry of 10 mm
(length) x 1 mm (thickness) x 1.5 mm (width) were subjected to tensile
deformation at a nominal strain rate of 1.0 x 10™> s ~ !, under the
high-energy monochromatic X-ray beam (wavelength: 0.1173 A, beam
size: 500 um x 500 pm). The direction of the incident X-ray beam was
perpendicular to the loading direction. The diffracted beam was recor-
ded at every loading step on a two-dimensional large-area detector
(PerkinElmer, quadratic pixel size of 200 pm x 200 pm) placed behind
the sample. The distance between the sample and the detector was
~1500 mm. NIST-standard CeO, powder was used for calibration. The
Rietveld refinement of the recorded ring patterns was performed using
the Material Analysis Using Diffraction (MAUD) software [24] following
the instruction in Appendix of Ref. [25]. The Popa LB, isotropic, dia-
mond anvil cell (DAC) [26], and E-WIMYV algorithms were used for line
broadening, size-strain, and texture models, respectively. Exemplary
patterns and the refinement results are presented in Fig. S1. The lattice
strain was measured using the GSAS II software.

2.2.3. Atom probe tomography

The atom probe tomography (APT) samples were prepared using an
FEI Helios 660 Dual-Beam Focused Ion Beam. The APT measurements
were performed using a Cameca LEAP 4000 HR instrument in laser-
pulsing mode with a laser pulse energy of 75 pJ. The data analysis
was performed using IVAS 3.8.4 software (CAMECA Instruments). The
reconstruction was performed based on the tip profile.

2.2.4. Scanning transmission electron microscopy

Samples for scanning transmission electron microscopy (STEM)
characterization were prepared by grinding foils to <50 pm, after which
3 mm discs were punched out. Ion milling (Fischione 1051) at 4, 3, 2,
and 1 kV was performed to perforate and thin the discs. STEM imaging
was performed using an aberration-corrected Thermo Fisher Scientific
Themis Z 60-300 kV S/TEM using an accelerating voltage of 200 kV and
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convergence semi-angle of 18.8 mrad. High-angle annular dark-field
(HAADF) images were collected using a semi-angle of 65-200 mrad,
and image series were taken and drift-corrected using the Revolving
STEM (RevSTEM) method [27]. Analysis of short-range order utilized
the methodology outlined in [28,29] in which atom column intensities
are normalized and compared using a correlation template. The result-
ing correlated intensity map depicts areas of high order in atom column
intensities. Statistically significant SRO is determined by spatial auto-
correlation and local hotspot analysis using the local Getis-Ord Gi*
statistic with multiple hypothesis testing adjustments (analysis and
visualization performed using the spdep and tmap packages in [30,31]).
A cutoff value or z-score of 1.96 (p<0.05) is used as the threshold of
clustering, after which contiguous ordered atom columns are grouped
into individual SRO regions. Region properties for clusters with an area
greater than four atom columns are then calculated and plotted. To
avoid sampling issues, the distance from each cluster centroid to that of
its three nearest-neighbors is used to determine the average distance.

2.3. Mechanical property tests

2.3.1. Tensile tests

Double-necked dog-bone specimens with 4 mm (length) x 1 mm
(thickness) x 1.5 mm (width) gage geometry were prepared by electrical
discharge machining (EDM) with the longitudinal axis perpendicular to
the rolling direction. The specimens were ground using SiC abrasive
papers and coated with a layer of white spray paint and a fine black
speckle pattern of airbrushed ink. The specimens were subjected to
tensile loading using a Deben Gatan MTest2000 miniature tensile stage
at 40 ym/s constant crosshead speed (1072 s71). The surface patterns
were recorded using an AlliedVision digital camera and VimbaViewer
software. The macroscale strain was measured by digital image corre-
lation (DIC) of the recorded surface patterns using the GOM correlate
software. Three tensile tests were performed per sample.

2.3.2. Repeated stress relaxation test

Repeated load relaxation tests were conducted to measure the ther-
mal activation volumes [32-34] at various plastic strain levels using an
Instron 5984 testing machine. The tensile specimens with a dog-bone
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shape and 20 mm (length) x 1 mm (thickness) x 3-4 mm (width)
gage geometry were loaded with a strain rate of 103 s71. At each
desired plastic strain level, a stress relaxation cycle was repeated five
times. A cycle consists of the relaxation period (i.e., the cross-head
stopped for 30 s) and the reloading period (i.e., the specimens reloa-
ded back to the initial stress level at the beginning of the relaxation).
During relaxation, the load was recorded as a function of time. Two
repeated load relaxation tests were performed per sample.

3. Results
3.1. Microstructure in the undeformed state

Fig. 1 presents the initial microstructures of CCN and CCN—N in the
undeformed state. The EBSD inverse pole figure (IPF) maps show equi-
axed recrystallized grain morphologies with average grain sizes of ~19
um in CCN (Fig. 1al) and ~23 um in CCN—N (Fig. 1a2), excluding
annealing twins. Both alloys mainly consist of an fcc phase (Figs. 1bl
and b2), with less than 0.5% hcp phase, as supported by HEXRD results
(Fig. 1cl and c2). The IPFs (Fig. S2) show that grains are randomly
oriented in both samples. The lattice parameters of CCN and CCN—N are
3.5611 A and 3.5627 A, respectively. The EDS maps (Fig. S3) reveal
uniform element distribution in both samples, at the resolution limit of
SEM, except for oxide inclusions.

Fig. 1d1 and d2 show the thermodynamically predicted phase dia-
grams using Thermocalc (database: TCHEA3). The prediction matches
the experimental results for CCN, as the recrystallization annealing
temperature (1000 °C) falls in the high-temperature single fcc phase
region. On the other hand, the calculation predicts the formation of a
nitrogen-enriched hcp secondary phase (0.5% mole fraction) in CCN—N
at 1000 °C, and the nitrogen content in the high-temperature fcc phase is
only 0.04 at.%, which is lower than the nominal composition of nitrogen
(0.2 at.%). Although not shown here, this is also predicted by different
calculations using other databases (TCFE12, TCNI11) or different phase
conditions (without the secondary phases).

To validate the thermodynamic prediction for CCN—N, the atomic-
scale structure is observed using APT. Fig. 2a presents the recon-
structed 3-D elemental atom maps of CCN—N. Most N atoms are
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Fig. 1. Microstructure of (a) CCN and (b) CCN—N in undeformed state confirming the single fcc structure in both samples. (al) and (a2) EBSD inverse pole figure
maps. (b1) and (b2) EBSD phase maps. (c1) and (c2) HEXRD patterns. (d1) and (d2) Phase diagrams calculated as a function of temperature. EBSD step size: 350 nm.
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Fig. 2. APT results detected for a specimen of CCN—N. (a) Reconstructed 3-D atom maps showing the distribution of ion types. N was detected mainly within CrN
complex ion. (b) 2-D contour plot of Co showing the crystallographic pole along a <100> direction. (c) Frequency distribution analysis outside the crystallographic
pole. (d) Reconstructed 3-D atom map analyzed parallel to a (100) direction, showing the atomic layer structure. (e) Spatial distribution analysis of all elements-all

elements and all elements-N pairs. Dotted lines indicate the interplanar spacing.

detected in the form of CrN molecules. The APT tip was taken from the
grain interior and does not include any grain boundaries. In the 2-
dimensional contour plot of Co (Fig. 2b), a crystallographic pole [35,
36] corresponding to the (100) direction is observed, which originates
from the differences in the evaporation field between Cr, Co, and Ni
under the measurement conditions [37]. Thus, the pole does not imply
chemical heterogeneity. There is no indication of compositional
decomposition on the nm-scale outside the pole. Further, the frequency
distribution analysis reveals a binomial distribution of all elements
(Fig. 2c). The bulk chemical composition, as measured by the APT
experiment, is listed in Table 1. The nitrogen content is 0.2 at.%, sug-
gesting that all nitrogen atoms are dissolved in the matrix. By focusing
on the crystallographic pole area (4 nm x 4 nm x 200 nm) (Fig. 2d),
spatial distribution maps (SDMs) are calculated for N-all elements and
all elements-all elements pairs (Fig. 2e). Both pairs exhibit the same
interatomic spacing, indicating that nitrogen atoms occupy the octahe-
dral sites of the fcc phase. Therefore, the APT results reveal the uniform
distribution and full dissolution of N in the matrix in the resolution limit
of APT, deviating from the thermodynamic prediction.

Fig. 3a displays the uniaxial tensile stress-strain curves of CCN and
CCN—N. CCN exhibits 0.2% yield strength (YS0.2) of 420+6 MPa, ul-
timate tensile strength (UTS) of ~904+7 MPa, and uniform elongation
(UE) of ~53+1%. CCN—N exhibits YS0.2 of ~440+14 MPa, UTS of
~943+7 MPa, and UE of ~57+0.5%. The strain hardening rate curves
reveal that CCN—N has a higher strain hardening rate at true strain
levels of 0-0.1 and 0.3-0.45. In summary, CCN—N has a higher UTS, UE,
and strain hardening rate compared to CCN, although, the difference is
not substantial.

Table 1
Composition of CCN—N measured by APT.

Element Cr Co Ni N

Composition (at.%) 33.6 44.8 21.4 0.21

Fig. 4 presents the deformation substructures of CCN and CCN—N
observed by ECCI at 5% strain. The microstructure images reveal planar
features, which have characteristics of SFs or nano-hcp phase [12,38].
First, the planar features form along the {111} slip plane in both alloys
(Fig. 4al and a2), as confirmed by the trace analysis carried out
considering the loading direction and Euler angles using the STrCryst
code [39]. Second, the planar structure has a sharp contrast on one side,
and then the contrast fades through one direction (Fig. 4b1, b2, c1, and
c2), which is a characteristic feature of SFs, separating them from twins
[38]. Lastly, the bulky hcp phase or the characteristic misorientation
change from deformation twinning (60) is not observed in the EBSD
results with a 15 nm step size (Fig. 4d1, d2, el, and e2). Further,
considering the energetics of faulting, the formation of nano twins is
unlikely. The activation barriers for twin fault, intrinsic SF, and hcp
phase fault are yygpz — 21558, Yuspe> and yyspg, respectively, where yygp is
unstable SFE [40,41]. Consequently, the negative y;s; of the present
CCAs would increase the activation barrier for twin fault compared to
that of SF and hcp phase fault, suppressing twinning. Therefore, these
planar features should be either SFs or nano-hcp phase finer than the
resolution limit of EBSD, which is typically ~50 nm [38]; we will call
this feature SF/nano-hcp here.

Both samples undergo plastic deformation through the formation of
SF/nano-hcp at ~5% strain (Fig. 4al and a2). However, the patterns are
different in terms of their extensions. CCN exhibits continuous SF/nano-
hcp (Fig. 4b1) compared to CCN—N (Fig. 4b2). To make a systematic
comparison, the patterns are divided into two categories as Continuous
and Discrete. The former is when the SF/nano-hcp extends from one end
to the other end of the grain, and the latter is when the SF/nano-hcp is
narrower, ending in the middle of the grain; it is important to note that
this does not imply that partial dislocations end in the middle of the
grains. The pattern was analyzed in 50 individual grains using ECCI
imaging, and the results are summarized in Figs. 4f1 and f2. Each dot on
the map represents a grain. The red and green dots indicate grains with
continuous SF/nano-hcp and discrete SF/nano-hcp, respectively. The
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Fig. 3. Macroscopic mechanical properties of CCN and CCN—N. (a) Tensile stress-strain plots. (b) True stress-strain and strain hardening rate plots.

analysis shows that all grains in CCN have continuous SF/nano-hcp
regardless of the crystallographic orientation. In contrast, 1/3 of the
grains in CCN—N have discrete SF/nano-hcp. The grains close to
(001)//ND directions exhibit a higher propensity of discrete SF/nano-
hcp, while those close to (111)//ND directions mainly show continuous
SF/nano-hcp. The orientation dependence of the faulting behavior can
be explained by the difference in Schmid factors between the partial
dislocations, which creates a difference in the shear stress acting on
them, causing further extension of the SF [42-44]. Schmid factors are
calculated for slip systems in grains with orientations close to
(001)//ND, (110)//ND, and (111)//ND directions as an example in
Table S1. The (111)//ND orientation shows a larger Schmid factor dif-
ference (0.32), compared to other orientations where the maximum
difference is 0.24, indicating that the partial dislocations can experience
the largest difference in shear stress, leading to the extension of SFs.

Fig. 5 presents the stacking fault probability analysis results for CCN
and CCN—N. Stacking fault probability Py can be measured from the
asymmetric evolution of lattice strains in 111 and 222 planes using the
following equation [45,46]:

32n
Py=——|¢
sf 3\/3[ 222

—&n 1]

where €335 and €117 represents the lattice strains of the 222 and 111
planes, respectively. The evolution of lattice strains and the calculated
Py for both longitudinal and transverse directions are present in Fig. 5.
The averaged Py values in CCN and CCN—N are present in Fig. 5c. The
increasing rate of Py is (0.43+0.01) x 10~3/strain% for CCN and (0.51

40.01) x 10~3/strain% for CCN—N. This implies that, although the SFs

in CCN—N exhibit more discrete features, the stacking fault probability
in CCN and CCN—N are comparable with each other (i.e. ~20% higher
in CCN—N).

The higher stacking fault probability in CCN—N compared to CCN
implies that CCN—N has a higher fraction of uncorrelated stacking
faults, as the stacking fault probability measured using the present
method is a representation of the deviation from the periodic close
packed structure [47]. Once the SFs are accumulated and consumed to
form larger structures such as twin or hcp phase (i.e., correlated SF), they
may not affect the lattice asymmetry and be considered in this stacking
fault probability calculations. The consumption of SFs to form hcp phase
and the resultant reduction in Py was also reported in Ref [48].

Microstructure observations at 25% engineering strain reveal the
presence of DIPT, resulting in the formation of a blocky hcp phase in
both samples (Fig. 6). Interestingly, the area fraction of the hcp phase is
smaller in CCN—N (18%) compared to CCN (31%). With its limited
spatial resolution, the EBSD analysis only captures the block hcp phase
and does not include nanoscale hcp phase fractions. Thus, in situ
synchrotron-based HEXRD is employed to complement the foregoing

observation by EBSD. Fig. 4b presents the hcp phase fraction during
tensile deformation as measured by HEXRD. The HEXRD results support
the EBSD observation that the hcp fraction in CCN is more than 10%
higher than that in CCN—N at strain levels higher than 5%. Further, the
results show that over 30% of the deformation-induced hcp grains are
nanoscale thin-film, as deduced from the difference between EBSD and
HEXRD measurements.

Additional information is recognized from the EBSD phase maps in
Fig. 6a that the hcp grains exhibit different growth behavior in the
samples. Fig. 7a shows histograms of the aspect ratio of the hcp grains
having a size of 0.5-5 pm in CCN (15% engineering strain) and CCN—N
(25% engineering strain). Interestingly CCN exhibits a higher proportion
of hep grains with low aspect ratios (<0.2) in CCN (Fig. 7b). An example
is given in Fig. 7b for CCN, where blocky hcp grains are thin and elon-
gated, extending from one end to the other side of the parent fcc grains.
In CCN—N (Fig. 7¢), thin and elongated hcp grains are also observed, but
some hcp grains also nucleate at grain boundaries and frequently cease
growth in the middle of the parent fcc grains.

The deformation-induced fcc—hcp transformation has been well
documented in the literature [8,49]. The formation of hcp nuclei results
from the splitting and reaction of two perfect dislocations, forming six
hcp layers with three SFs on every other {111} plane. These nuclei grow
through the extension of SFs and combine with other nuclei to reach a
macroscopically observable size [49]. Fig. 8 summarizes the micro-
structural evolution observed in the present samples in Figs. 2-7. In
CCN, extended SFs are readily formed, and the embryo of the hcp lamella
would be long and continuous, resulting in the continuous SF/nano-hcp
pattern. On the other hand, in some grains of CCN—N, the extension of
SFs is stopped in the middle of the grains, resulting in the discrete
SF/nano-hcp pattern, which can lower the probability of the accumu-
lation of SFs for the development of the bulky hcp lamella. Therefore, hcp
martensite more commonly nucleates at grain boundaries where the
stress and number density of SFs are high enough for the nucleation. The
formation of the discrete and short SFs thus plays a role in the lower
amount of deformation-induced hcp martensite in CCN—N.

4. Discussion

The present study examines the influence of N on the tensile prop-
erties and microstructural response of Co-rich CoCrNi CCA. The CoCrNi
sample with N (CCN—N) shows improved tensile properties compared
to the N-free sample (CCN). The strain hardening rate of CCN—N is
higher at <0.1 strain and >0.3 strain than that of CCN. The significantly
different microstructural response of CCN—N is observed upon defor-
mation: the formation of discrete SF and the resultant discrete nano-hcp
in ~30% grains at low deformation levels (~5%) and the suppressed
DIPT to the hcp phase at higher deformation levels. In this section, we
will discuss the different strain hardening behaviors of the samples, the
stacking fault energy of CCN, and the fundamental origin of the different
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TRIP behavior of CCN—N (i.e., higher contribution and discrete features
of SFs in CCN—N).

4.1. Different strain hardening in model alloys

The strain hardening rate of CCN—N exceeds that of CCN at low
strain levels below 10% (Fig. 3b), a regime where the plastic deforma-
tion is dominated by SFs and nano-hcp phase (Fig. 4). Recent studies into
Co-rich or Cu-rich CCAs have suggested that promotion of SFs and
suppression of bulky hcp phase can lead to high strain hardening of the
alloys due to multiple factors, including the suppressed dynamic re-
covery stemming from low or negative intrinsic SFE [9,50], repulsive
interaction between SFs, and active Lomer-Cottrell lock formation [9,12,
50,51]. In this study, both CCN and CCN—N have negative y;gs,
implying a potential for suppressed dynamic recovery. Furthermore,
considering that the strain level is low, we anticipate that the higher
strain hardening rate of CCN—N compared to CCN is attributable to

factors other than dynamic recovery.

One factor can be the higher SF probability in CCN—N compared to
CCN (Fig. 5). SFs in CCN—N are less consumed to form relatively larger
structures such as twins or hcp-martensite, remaining as uncorrelated
monolayer SFs compared to CCN. This higher probability of SFs implies
a higher number density of partial dislocations, contributing to high
strain hardenability, when considered within the Kocks-Mecking-Estrin

model of flow stress (¢ = Maﬂb\/ﬁ(é‘/é’o)l/ ™, where M is the Taylor
factor, a a constant, u a shear modulus, b is the burgers vector, ¢ is the
strain rate, p is the dislocation density) [52,53].

Moreover, the discrete SF/nano-hcp pattern and the lower fraction of
hcp martensite in CCN—N imply a higher interface fraction that could
impede the glide of SFs, enhancing strain hardenability. A micro-
mechanics study demonstrated that the strength of deformation-induced
hcp martensite in CrMnFeCoNi CCA is almost identical to the fcc phase
[54]. Therefore, the main contribution of hcp martensite to hardening is
its provision of boundaries that impede the glide of SFs when it
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Fig. 8. Schematic diagram describing the microstructure evolution with
straining in CCN and CCN—N.

intersects with SFs in other directions. In CCN—N, the increased inter-
face fraction from finer nano-hcp can enhance the propensity of in-
teractions between SFs in different directions. Further, although the
monolayer SFs are thinner and perceived to be weaker than the bulky
structures, effective impingement of SFs can be achieved. This occurs
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because when an SF encounters another SF, a Lomer-Cottrell Lock can
form at the intersection, resulting in sessile dislocations. For the acti-
vation of further glide or cross-slip of the SF (e.g., the formation of
extrinsic SFs, twins, or annihilation), it is required to integrate the
gliding SF into the perfect lattice dislocation, which is difficult in alloys
with a low/negative SFE. As a result, uncorrelated monolayer SFs can
effectively interact with other SFs, hindering their motions and
increasing strain hardenability.

At strain levels between 10%-30%, the SFs are accumulated and they
form hcp martensite in both CCN and CCN—N. Although the martensite
morphologies show differences (Fig. 7), the rates of martensite forma-
tion (Fig. 6b) and the resultant strain hardening rates are similar. At
higher strain levels above 30%, the fractions of hcp martensite in both
alloys reach saturation. The strain hardening rate of CCN rapidly de-
creases, compared to that of CCN—N. We speculate that in CCN, a higher
fraction of brittle hcp martensite might facilitate the formation and
growth of voids, which may play a role.

Therefore, it can be suggested that promoting SFs while suppressing
DIPT not only offers resistance to damage but also results in higher strain
hardenability. This effect would be most pronounced for CCAs that
exhibit faulting plasticity.

4.2. Negative intrinsic stacking fault energy of CCN

In order to discuss the plasticity mechanism, a thermodynamic
assessment is performed to calculate y;gz; of CCN using a modified Olson
and Cohen approach [8,18]. The thermodynamic interaction parameters
for CoCrNiW alloy [12] are utilized in the calculation. The interfacial
energy and temperature are assumed to be 8 mJ/m? and 300 K,
considering a fully coherent structure. Other procedures for the calcu-
lation are described in detail in references [12,55]. The full results can
be found in Table S2 in Supplementary Materials. Fig. 9a shows the
thermodynamically calculated y;gz of the ternary CoxCrss 3Nijgox CCAs
(36<x<46) as a function of Co content. The y;g; decreases with
increasing the Co content and becomes negative for Co content larger
than 27.5%, reaching —44 mJ/m? for the present CCN.

The y;gp; of the equiatomic CoCrNi is calculated to be —18 mJ/m?
This value falls within the range of previously reported values (—51- —5
mJ/rnz) obtained using DFT calculations (see the summary of the DFT
calculation results of the equiatomic CoCrNi in Ref [56]). This value is
supported by previous experiments that demonstrated the trans-
formation from fcc to hcp transformation in this alloy under high pres-
sure and after pressure release [57], thus indicating that the hcp phase is
energetically more stable than the fcc phase in this alloy. However, these
values contrast with the experimentally measured ;g values (8-22
mJ/m?) determined using TEM [56]. This discrepancy between the DFT
calculated y;gz; and experimentally measured y;qs; has been addressed in
previous studies, specifically in Ref [18,56]. Intrinsic SFEs have been
determined through theoretical calculations [18,58,59] or experiments
[60,61]. For experimental determination, SF densities are measured
using techniques such as neutron or X-ray diffraction [61,62]; and
partial separation [63,64] or dislocation node radius [60,61] are
measured by TEM. These methods are based on the classical force bal-
ance model (Volterra model) between the repulsive elastic force be-
tween partials and the attractive force from positive SFE (as described in
Eq. 10.14 in Ref [65]). However, the model breaks down in metals with
negative intrinsic SFEs [12,56], as the intrinsic SFE results in repulsion
rather than attraction. In this case, both the elastic force between par-
tials and the intrinsic SFE contribute to the extension of stacking faults,
potentially leading to the formation of hcp martensite before deforma-
tion. This breakdown of the model can be recognized by the fact that the
sign of the SF width becomes negative when g is negative in the
equation. On the one hand, a high Peierls barrier can hinder the
extension of SFs, establishing a new force balance in alloys with negative
intrinsic SFEs. While this effect might be minor in dilute alloys and has
been disregarded in the classical Volterra model for experimental



H.S. Oh et al.

Acta Materialia 262 (2024) 119349

(@) . : : . . (b) . 111 ©) e
@ Continuous SF/nano-hcp 70 .
By . 1 o©Discrete SF/nano-hcp L 5ol - ]
& N c o
E 30} o 1 2 50} 1
€ 35] J 8 40! ]
= -\ CCN <
I(.,L) 40 | (N N l g 30+ J
] 20} —=—CCN
sl CCN2 | - CCN-N |
A = CCN2

0.36 0.38 040 042 044 046
Co contents (at.%)

001

N CCN
0 5 10 15 20 25 30 35 40 45 50
Strain (%)

Fig. 9. CCN2 having higher ;g than CCN without N. (a) Estimated y;gz; as a function of Co contents. (b) Summary of deformation substructures at 5% strain; most
grains exhibit continuous SF/nano-hcp. (c) Phase fraction measured by the synchrotron HEXRD diffractograms.

measurement of SFEs, it becomes notable in CCAs. Factors such as high
solid-solution strengthening (e.g., increasing unstable SFE [18]),
short-range ordering, and clustering can amplify lattice shear resistance,
thereby increasing the kinetic barrier to the extension of SFs. Therefore,
in the presence of high lattice shear resistance, it is feasible for fcc
structures to exist in alloys with negative y;g.

Reverting to the current CCN sample, it has higher fraction of Cobalt
than the equiatomic CoCrNi alloy, and thus its calculated y;gs; value is
~25 mJ/m? lower than that of the equiatomic CoCrNi alloy. Therefore,
it can be inferred that the current CCN sample possesses a negative y;gzg.
As a result, the formation of SFs, rather than perfect dislocations or twins
with a perfect fcc stacking sequence, is energetically favored in the
present samples.

4.3. Origin of the discrete stacking fault formation in CCN-N

The extension of SFs in alloys depends on the interplay between y;gg,
which provides a driving force for the extension or shrinkage of SFs; and
friction stress, which can suppress the extension of SFs [12,18]. Four
approaches are conceivable for explaining the effects of N on the for-
mation of discrete SFs: 1) increased y;qp;, which can decrease the driving
force for the extension of SFs, 2) promotion of SRO, which can lead to
the changes in SFEs or friction stress to partial dislocations, 3) segre-
gation at SFs (i.e. Suzuki segregation), which can affect local SFEs in the
faulted regions, and 4) increased lattice resistance to the motion of
partial dislocations, which can act as pinning sites. This section will
discuss the four mechanisms in detail, supported by experimental evi-
dence. Potential other microstructural factors are also discussed.

4.3.1. Effects of nitrogen on intrinsic stacking fault energy

The first question is whether the formation of the discrete SFs in
CCN—N originates from the increased y;gzz by N. For CCN—N, to the best
of the authors’ knowledge, thermodynamic interaction parameters for N
are not currently available. An ab-initio calculation demonstrated that N
increases the SFE by ~20 mJ /m? per1at.% [66] Lin equiatomic CrCoNi.
This value (4 mJ/m? per 0.2 at.% N) was used as a first approximation to
discuss the effect of y;gz; in CCN—N. Although the exact value remains
unknown, it is expected to represent the potentially maximum increase
of y;sgr by nitrogen. This is because N is known to increase the y;gz of
other fcc alloys such as Fe-Ni-Cr [19], Fe-Mn-Cr [67], and CrMnFeCoNi
[59] by less than 2 mJ/m? per 0.2 at.% N.

A new Co-33.3Cr-24.3Ni (at.%) sample (CCN2), which has a y;gz of
—40 mJ/m?, 4 mJ/m? higher than CCN, was fabricated and subjected to
further investigation. As shown in Fig. 9c, the in situ HEXRD results show

1 The value was obtained by averaging the increments of SFEs in all
configurations.

that CCN2 has a lower hcp fraction compared to CCN, suggesting that the
increased y;qp; effectively suppresses the martensitic transformation.
However, at 5% strain, most SF/nano-hcp features are continuous rather
than discrete, similar to CCN (Fig. 9b). This result suggests that while the
increase in yqz; may reduce the driving force of DIPT, it cannot solely
explain the formation of discrete SFs and the suppression of DIPT in
CCN—N. This is understandable, since the force balance is now domi-
nated by lattice friction, and changing the SFE does not affect the friction
stress [68]. Consequently, in CCN—N, the influence of changes in
intrinsic SFE from nitrogen on the formation of discrete SFs is likely to be
minimal.

4.3.2. Effects of nitrogen on short-range ordering

Studies have suggested that the formation of SROs can stabilize the
parent phase by elevating anti-phase boundary energy or influencing
Gibbs free energy in various alloys, including NiTi [69,70] and CrCoNi
[2,71]. Furthermore, the diffuse antiphase boundary energy of SROs can
hinder the thickening of stacking faults [72]. N can form clusters with Cr
in austenitic stainless steels [20,73-75] and CoCrMoN:i alloys [11] due
to their strong chemical interaction [76]. Thus, the addition of N may
enhance the SRO, resulting in an increase of SFE and potentially
affecting the formation of discrete SFs.

The results obtained from the APT analysis in Fig. 2 reveal the
absence of Cr-N precipitates in the resolution limit of APT, despite Cr
and N tending to evaporate together, implying the potential for prefer-
ential bonding between them. Therefore, we here focus on the impact of
nitrogen on the formation of substitutional SRO. Atomic resolution
STEM imaging is performed to determine the spatial distribution of
substitutional SRO in CCN and CCN—N. Fig. 10a shows the process for
determining areas of statistically significant SRO based on atom column
intensity comparison and spatial autocorrelation [27,29]. Importantly,
L1a-type SRO is present based on the alternating atom column intensities
of (002) planes in the [110]-oriented images. This pattern is further
highlighted by applying a correlation template matching that of the L1,
order, giving a correlated intensity where higher values represent high
local order. The statistical significance of this correlated intensity is
evaluated at each atom column (i) using a local test of spatial autocor-
relation, the local Getis-Ord statistic, Gi*, given by

L wy(d)x; — Wix

Gi(d) = :
s ("2,":1 ("’*’El)*w,‘z> ’

where

Wi =X w;(d)
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Fig. 10. (a) Overview of calculation of short-range ordered regions from HAADF STEM images, seen in the [110]-oriented images. A correlation template is used to
highlight areas of L1, order from the normalized intensity, and the local Getis-Ord statistics is used to determine the ordered and disordered hotspots. Nine adjacent
images of the resulting order maps from (b) CCN and (c) CCN—N are used to visualize SRO. Statistically significant SRO (d) area and (e) separation distance his-
tograms calculated across individual STEM images, showing no significant changes in substitutional SRO.

wy defines the weights given to neighboring (j) values determined by
proximity and number of neighbors, x is the measured feature, and s is
the square root of the variance of x. The Gi* statistic measures local
hotspots of order and disorder that are above and below the expected
local mean. The local neighbors are taken to be the first and second
nearest neighbor atom columns, with the obtained values adjusted for
multiple hypothesis testing and representing a z-score/p significance
value with respect to the null hypothesis of no local clustering (ordering)
[77,78]. For a detailed description of spatial autocorrelation for iden-
tifying and correlating local order, see reference [29]. The resulting
maps across nine separate imaged regions for CCN and CCN—N

10

(Figs. 10b and c) show the prevalence of significant atom column
ordering (<0.05) (i.e., SRO) given by a dark red color. Interestingly, the
size and distribution of the red islands in the two maps are visually akin
to each other. For more detailed inspection, the area (i.e., size of SRO)
and separation distance (i.e., inter SRO spacing) are measured across
these ordered clusters. The resulting histograms between the two alloys
(Fig. 10d and e) show no significant change in the spatial distribution of
substitutional SRO, indicating a limited impact of N on the formation of
substitutional SRO.

Fig. 11 shows the SPD analysis results performed using APT data in
Fig. 2d. The results reveal no significant difference between the modu-
lation of Cr-N, Co-N, and Ni-N pairs. This suggests that, although the
possibility of preferential bonding between N and Cr exists, the effect
might be weak. The solubility of nitrogen in the equiatomic fcc CrCoNi
CCA is proven to be larger than 0.5 at.% [79], which should be similar to
the present samples, considering the fact that the present alloy has the
same Cr content. The concentration of N in CCN—N is only 0.2 at.%.
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Therefore, the current composition is far away from the phase boundary
associated with precipitates of N and other elements, suggesting that the
tendency of forming N—Cr SRO may be weak.

4.3.3. Segregation of nitrogen at stacking faults
The first two questions discussed concerning the y;gz; of the alloy
matrix are from a global perspective, in which the fluctuation of local
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chemistry is presumed to be subtle. In actual alloys, however, the ;g
can vary locally, driven by the elemental segregation at the SFs [21,22].
The so-called Suzuki segregation effect has been well documented in
concentrated alloy systems such as Cu-Zn [21] and Co-Ni alloys [22,80].
In these alloys, segregation occurs at high temperatures, changing y;esx
and affecting the extension of SFs. If N segregates at SFs in the present
alloys due to its high mobility even at ambient temperature, shrinkage of
the SFs can be anticipated as a result of the increase of local SFE.

We thus investigate the elemental segregation at SFs in the deformed
CCN—N sample at ~32% strain using APT measurements. Fig. 12a
presents the event histogram and 2D contour plot of Co. The analysis is
done in the central region (white square), away from the crystallo-
graphic pole and zone lines. Fig. 12b presents a 2D density plot of all
elements, revealing the presence of diagonal bands with different den-
sities. The bands are not present in the undeformed sample and have a
planar shape (see Fig. S4 for a visual representation of the density maps
of CCN—N in undeformed and deformed states). The voltage history of
the sample (Fig. S5), particularly the voltage at the ion sequence number
between 3.5e7-6e7 (where the analyzed region in Fig. 12 belongs to), is
smooth and without sudden disruptions, implying that the planar
feature is not a result of small fractures in the sample. Given that the
alloy deforms solely through the formation of SFs or their accumula-
tions, the only structural features in CCN—N that could constitute these
bands are SFs or their accumulated hcp martensite. The distance be-
tween SFs, d, can be calculated using d = di11/Ps, where dq1; is the p-
spacing of 111 planes. As estimated from Fig. 5c, the expected distance
between SFs should be around 6-7 nm, which is shorter than the dis-
tances between the planar bands (10-30 nm) in Fig. 12b. This discrep-
ancy might arise from the accumulation of SFs at high strain levels,
which is supported by the presence of hcp martensite in the APT tip
(Fig. S4).

The 2D concentration maps in Fig. 12b reveal that N, despite its
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Fig. 12. APT measured elemental distribution in CCN—N after 32% deformation, capturing SFs. (a) Event histogram and 2-D contour plot of Co displaying crys-
tallographic pole and zone lines. (b) 2-dimensional density (all elements) and concentration (Co, Cr, Ni, CrN) plots. Diagonal features are seen, which are SFs. (c)
Comparison between the total composition (Table 1) and average composition at stacking faults, obtained by analyzing the five 1-D concentration profiles along the
white box in (b), showing the depletion of Co and enrichment of Ni or Cr in SFs; See Fig. S6 for the detailed procedure. (d) Estimated y;gz; considering Cr, Co, and Ni

in the SFs and the total composition.
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interstitial nature, does not have a strong correlation with the SFs.
Therefore, the segregation of N is unlikely to have a significant impact
on the y;qm of the SFs. Surprisingly, substitutional Co, Cr, and Ni show
different concentrations in the SFs, with Co being depleted and Cr and Ni
enriched (Fig. 12b, c; See Fig. S6 for individual 1-D concentration pro-
file). The cause of this segregation is yet to be fully understood, as
substitutional elements are expected to have slow diffusivity at room
temperature. A previous TEM-EDS measurement also reported the
segregation of substitutional elements at SFs in a CrMnFeCoNi CCA [51].
The segregation could have occurred during deformation, or the diffu-
sion kinetics could have been enhanced due to the small curvature
radius of the APT tip (for example, driven by the Young-Laplace pres-
sure). Local y;qs; at SFs is calculated and plotted in Fig. 12d considering
the concentration of substitutional elements. Despite the lower Co
composition, the estimated 7, is —53 mJ/m?2, lower than yg; (—46
mJ/m?) considering the total composition of the sample. This is due to
the higher concentration of Cr, which has a stronger impact than Co in
reducing ;g This trend of lower y;qs; at SFs aligns with previous
studies, where the segregation of elements to SFs occurred to further
decrease the SFE and stabilize SFs [81]. Lower gz implies the extension
of SFs. Therefore, Consequently, irrespective of whether the segregation
occurred during deformation or emerged as post-preparation artifacts of
the APT tips, the SFE change due to the elemental segregation cannot
explain the formation of discrete SFs (and nano-hcp as well) in CCN—N.

4.3.4. Effects of nitrogen on pinning partial dislocations

The extension of SFs can also be affected by their mechanical inter-
action with solute elements, which can act as pinning sites for partial
dislocations [17]. This effect is evident in the fact that CCN—N has a
yield strength similar to CCN (Fig. 3a), despite having a larger grain size
(Fig. 1). To understand the pinning effect better, the activation volume
of dislocations in CCN, CCN—N, and CCN2 is measured via repeated
stress-relaxation tests [34,82] (See Method 2.3.2 for the experimental
procedure). Fig. 13a and the inset show the stress-strain and relaxation
curves of CCN—N during the test, respectively. By fitting the relaxation
curves (stress vs. time), one can obtain the physical activation volume,
which represents the volume of matter that is swept by the thermally
activated dislocation segments without hindrance from obstacles. The
detailed fitting procedures can be found in Refs. [34]. The measured
physical activation volume V is shown in Fig. 13b. Interestingly, CCN
and CCN2 have similar activation volumes of ~150b° (2.3 nrn3), where
b is the Burgers vector at ~1% true strain, indicating that the activation
volume is insensitive to the global y;gz. On the other hand, CCN—N has
~25% smaller activation volume (~110b3; 1.7 nm3).

The activation volume is linked to the average distance between the
effective obstacles hindering the dislocation motion [32]. For instance, a
molecular dynamics study [72] showed that the activation volume in the
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equiatomic fcc CrCoNi CCA increases with the increasing distance be-
tween SROs. Assuming that dislocation segments are pinned by shear-
able spherical obstacles with a small volume fraction (i.e., average
distance between obstacles [>>average radius of obstacles r), the acti-
vation area (V/b) becomes on average equal to I*>. Based on this
assumption, the activation volume of each sample gives the average
effective obstacle distances (i.e., I) of 3 nm for CCN (I¢ccy) and CCN2 and
2.6 nm for CCN—N (ZCCNfN)-

In the present samples, the obstacles at 1% strain can primarily be
SROs and interstitial atoms. For CCN, the average separation distance
between SROs is ~2 nm, which is shorter than Iccy, suggesting that not
every single substitutional SRO island is an effective obstacle to mobile
dislocations. For CCN—N, the shorter lccy_y compared to lgcy implies
the contribution of additional obstacles beyond the substitutional SROs,
which are the N interstitial atoms or small clusters surrounding the N
atoms (which are beyond the resolution of APT). The average distance
between the N atoms is ~2 nm, considering the N content (0.2 at.%),
which is shorter than locy_n, indicating that not every single N atom or
cluster can pin the dislocation segments. Therefore, both substitutional
SROs and solute N are expected to contribute to the pinning effect
together, leading to the shorter [ and the smaller V in CCN—N compared
to CCN.

4.3.5. Potential other microstructural factors on the development of
stacking faults and hcp martensite

In addition to the nanoscale structural factors discussed above, the
development of SF and hcp martensite may also depend on microstruc-
tural factors such as texture and grain size. As presented in Fig. 4f2,
grains close to the (111)//ND directions in CCN—N display continuous
SFs. This is due to the significant Schmid factor difference between
partial dislocations, which results in the maximum difference in shear
stress between leading and trailing partials, thereby promoting the
extension of SFs [44,83]. Consequently, grain orientation can influence
the extension of SFs. However, it does not alter the interpretation in this
study since both CCN and CCN—N exhibit a random distribution of grain
orientations.

Grain size is another potential influential factor. Larger grain sizes
favor the formation of hcp martensite, as adequately large martensite
can induce high stress at the tip, triggering further transformation in
various directions [84]. In this study, CCN—N (~23 um) has a slightly
larger grain size than CCN (~19 um). This suggests that the grain size
effect should encourage the formation of the hcp phase in CCN—N, even
though observations indicate a lower hcp fraction in CCN—N. Therefore,
the discrete SFs and lower hcp fraction in CCN—N are unlikely to stem
from microstructural factors, although the factors could be generally
influential on the TRIP behavior.
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Fig. 13. Repeated load relaxation tests. (a) Exemplary tensile stress-strain curve of CCN—N. The inset shows a set of repeated load relaxation tests (duration 30 s
each, five times) at ~0.03 true strain. (b) Physical activation volume of thermally activated dislocation motions in CCN, CCN—N, and CCN2, as a function of the true
strain. CCN—N has ~25% smaller activation volume implying a higher density of obstacles.
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4.3.6. Summary of the origin of discrete stacking faults in CCN-N and
implication to faulting plasticity

To uncover the origin of the formation of discrete SFs in CCN—N, we
evaluate four potential effects of N on the extension of SFs: intrinsic SFE,
formation of substitutional SRO, segregation and SFE of the SFs, and
mechanical pinning of partial dislocations. The first three effects appear
to be relatively insignificant, likely due to the diluted nature of N in
CCN—N. In contrast, a drastic difference was observed in the mechanical
pinning effect. The results suggest that the formation of discrete SFs in
CCN—N primarily originates from the mechanical pinning effect of
partial dislocations by N (small N clusters beyond the resolution of APT).
Therefore, the suppression of DIPT necessitates additional obstacles to
hinder the extension of SFs. Indeed, the previously reported CCAs that
exhibit faulting plasticity are characterized by strong SRO formation
tendencies, such as W in CoCrNiW [12,85] and high concentrations of N
and Mo in CoCrMoN [11].

Moreover, considering the fact that nanoscale precipitates can
effectively refine the twins in high-manganese TWIP steels [86], obsta-
cles can be any nanoscale heterogeneities, such as SRO, clustering,
interstitial elements, chemical fluctuation, and precipitates. The effects
of these obstacles on the SF extension and DIPT can differ, depending on
their strength, size, separation distance, and (diffuse) antiphase
boundary energy. For example, SRO and random chemical ordering can
inhibit and promote cross slip of dislocations, respectively [87].
Therefore, further studies are required to understand the impacts of
these obstacles on achieving faulting plasticity.

While it is critical to possess low or negative y;gz to form SFs, the
threshold y;qs; activating faulting plasticity remains unclear. Consid-
ering that the equiatomic CoCrNi CCA exhibiting TWIP has a negative
viser» faulting plasticity may occur only in CCAs with larger negative ;g
to prevent twinning. We further propose that lowering the y;gz; to larger
negative values are beneficial to activate faulting plasticity for several
reasons. It has been suggested that negative y;qz; energetically stabilizes
the formation of SFs over perfect slip and twin faults [40,41]. Further-
more, if the y;gm is not sufficiently low, the SFs can more readily
recombine to form perfect dislocations in the presence of applied stress,
enabling cross-slip when intersecting with SFs in different directions,
leading to the formation of twin, annihilation or thickening of SFs [88].
Therefore, with positive y;qz;, the emergence of twin or hcp martensite
during deformation is highly probable, inducing sequential faulting
plasicity, TWIP, and TRIP behavior.

Consequently, we conclude that both a negative y;q;; and the pres-
ence of atomic- and nano-scale obstacles are essential for the faulting
plasticity effect to occur, and further research is required to deeply
understand their effects on faulting plasticity.

5. Conclusions

We studied the effects of 0.2 at.% N on the stacking fault and
transformation-induced plasticity in a Co-rich CoCrNi complex-
concentrated alloy with negative intrinsic stacking fault energy using
atom-probe tomography, revolving scanning transmission electron mi-
croscopy, interrupted electron backscattered diffraction and electron
channeling contrast imaging probing, in situ high-energy X-ray diffrac-
tion during tensile testing, thermodynamic calculation on intrinsic
stacking fault energy, and repeated stress relaxation testing methods.
The following conclusions can be drawn from the study:

(1) Atom-probe tomography analysis reveals that the N atoms are
dissolved in the matrix without forming detectable precipitates.
The spatial distribution analysis does not show a significant dif-
ference between Cr-N, Co-N, and Ni-N pairs.

(2) The presence of dilute N results in different microstructural re-
sponses upon deformation, including the formation of discrete
stacking faults and nano-hcp phase at early deformation levels
and suppressed deformation-induced phase transformation at
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later stages. The formation of the discrete stacking faults is the
cause of the suppression of deformation-induced phase
transformation.

Four potential effects of N on stacking faults are evaluated,
including intrinsic stacking fault energy, formation of substitu-
tional short-range order, segregation and stacking fault energy of
stacking faults, and mechanical pinning of partial dislocations.
The formation of discrete stacking faults in the N-containing
sample is attributed to the mechanical pinning of partial dislo-
cations by N (or small N clusters beyond the resolution of atom
probe tomography).

These points altogether lead to the conclusion that both a nega-
tive intrinsic stacking fault energy and the presence of atomic-
and nano-scale obstacles are essential for the promotion of
faulting plasticity and suppression of deformation-induced phase
transformation and transformation-induced plasticity.
Promoting stacking faults while suppressing deformation-
induced martensitic transformation not only offers resistance to
damage but also results in higher strain hardenability. This effect
would be most pronounced for CCAs that exhibit faulting
plasticity.

(3)

4

5
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