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A B S T R A C T   

The Ti37V15Nb22Hf23W3 is a multi-principal refractory alloy with exceptional strength and ductility at room 
temperature. For potential high-temperature applications, it is of great signi昀椀cance to investigate the deforma-
tion mechanism at different temperatures through tensile tests. The yield strength (YS) has a substantial tem-
perature dependency from 298 K to 473 K, nevertheless is insensitive between 473 K and 1073 K, with a large 
decline at 1223 K. At 1,073 K, the yield strength of 550 MPa is still maintained, which has nearly exceeded most 
commercial alloys. The transmission electron microscopy (TEM) experiments revealed that the plastic defor-
mation was controlled by dislocation slip, and the degree of deformation was strongly related to the dislocation 
density. The proportion of edge dislocations gradually increases as the temperature rises. When the temperature 
reaches 1073 K, the deformed dislocations are almost all edge dislocations. Edge dislocations control the strength 
of the alloy at high temperatures. The yield strength of the alloy is predicted using the edge dislocation 
strengthening model, which is in good agreement with the experimental values. The excellent high-temperature 
mechanical properties of the Ti37V15Nb22Hf23W3 RHEAs indicate that it is potential to be used in future.   

1. Introduction 

Structural materials with remarkable mechanical characteristics at 
higher temperatures are in considerable demand for the development of 
gas-turbine engines [1–3]. The demand for high-temperature materials 
continues to increase due to the potential for improved gas turbine ef-
昀椀ciency by raising the operating temperature [4]. Because of their su-
perior mechanical properties and great resistance to creep and fatigue at 
high temperatures, nickel-based superalloys are frequently utilized as 
the primary component in high-pressure turbines [4–6]. However, the 
operating temperatures of nickel-based superalloys are getting close to 
their melting points, which makes further improving turbine ef昀椀ciency 
extremely dif昀椀cult [1,7]. When the temperature, T g 0.5Tm, the 
nickel-based superalloys will undergo time-dependent plastic deforma-
tion under the continuous action of a constant load [2,8]. It is crucial to 
develop new high-temperature materials that can work at higher 

temperatures as a consequence. 
Recently, the design of high-entropy alloys (HEAs) with a wide 

compositional range has evolved, opening up new directions for 
research into enhanced refractory structural materials [9–13]. The 
newly developed HEAs, which consist of four or more principal metallic 
elements in equiatomic or near-equiatomic ratios, exhibit remarkable 
strength and hardness [9,14], high resistance to oxidation [15,16], 
outstanding thermal stability, and resistance to softening at high tem-
peratures [17–19]. Due to their outstanding mechanical properties at 
temperatures over 800 çC, and in some cases even up to 1500 çC, re-
fractory HEAs (RHEAs) distinguish out among many types of HEAs [5, 
20,21]. They outperform traditional Ni-based superalloys, such as 
NbMoTaW and VNbMoTaW RHEAs, which still have a yield strength of 
more than 400 MPa at 1600 çC [20]. 

The underlying physical origin of high-temperature strength in 
RHEAs is unknown. The conventional view is that the strength of a BCC 
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alloy is controlled by screw dislocation [22]. For instance, a large 
number of long and straight dislocations are present in TiZrHfNbTa 
RHEAs, which is characteristic of screw dislocations [23,24]. However, 
at high temperatures (~773 K) the dislocation has considerable curva-
ture and “viscous” motion, indicating a loss of a strong screw advantage 
[25]. In addition, it has recently been indicated that edge dislocations 
control the high-temperature strength of the RHEAs [26]. In NbTaTiV 
and CrMoNbV RHEAs, the percentage of dislocations measured as edge 
dislocations after deformation at 1173 K were 82 % and 64 %, respec-
tively [26]. However, the evolution of dislocation types in the RHEAs 
with temperatures has been rarely reported. 

In view of this, the Ti37V15Nb22Hf23W3 RHEA developed by our 
group was chosen as our research object in this study. The 
Ti37V15Nb22Hf23W3 RHEA, developed previously [27] using the natural 
mixing method, exhibits an excellent tensile yield strength (~980 MPa) 
and elongation (~20 %) combination, which is expected to break 
through the limitation shackles and application bottlenecks of RHEAs. 
The main objectives of the research in this study are as follows: 昀椀rst, to 
explore the potential of Ti37V15Nb22Hf23W3 RHEA for high-temperature 
applications. We will study the mechanical properties of the alloy at 
room temperature (RT) up to 1227 K and investigate its 
micro-deformation mechanism at high temperatures. Secondly, we will 
examine the evolution of dislocation types in the alloy at various tem-
peratures and explore the factors contributing to the absence of 
screw-type dislocations at high temperatures. Finally, the theory of 
edge-type dislocations’ strength is established to predict the 
high-temperature strength of the alloy, and the reasons for the disparity 
between the theory and experimental values are discussed. 

2. Experimental methods 

The as-cast plates were fabricated by vacuum arc melting a combi-
nation of high-purity raw material elements (>99.9 atomic percent, at 
%) in a Ti-gettered argon environment. The atomic nominal composition 
of the plates was Ti37V15Nb22Hf23W3. Each alloy ingot was turned and 
remelted more than 5–8 times to ensure chemical homogeneity before 
being drop-cast into water-cooled copper molds measuring 36 × 12 × 6 
mm in size. For more detailed experimental steps, one could refer to 
Refs. [27,28]. 

Electro-discharge machining was used to create dog-bone-shaped 
specimens with a gauge length of 10 mm and a cross-sectional size of 
3 × 1 mm for uniaxial tensile tests. The surfaces of the samples were 
polished with 180, 400, 800, 1,200, 1,500, up to 2000-grit SiC paper. 
Using a universal testing machine (Instron 5969), the tests were run at 
temperatures ranging from 298 K to 1227 K with a constant strain rate 
( Ûε) of 0.001/s. The heating method used was infrared heating. Once it 
reached the desired testing temperature, it was maintained for 5 min. In 
order to prevent oxidation, the tested sample’s surface was coated with a 
boron-nitride high-temperature resistant paint. To guarantee the ve-
racity of the data, at least three samples were measured in each instance. 

Transmission electron microscopy (TEM) and electron backscatter 
diffraction (EBSD) techniques were used to study the microstructures of 
the alloys under various experimental settings. The EBSD was conducted 
by Oxford C-swift with a Voltage of 20 kV, and the EBSD data were 
analyzed by the software of Channel-5 [29,30]. Before conducting the 
EBSD testing, argon ion polishing (IM4000plus) was performed with a 
voltage of 4 kV, an angle of 3ç, and the time of ~2 h was used. The 
samples were mechanically reduced to a thickness of less than 50 μm 
before being punched into discs with a diameter of 3 mm for TEM in-
vestigations. Twinjet electropolishing was 昀椀nally carried out at 20 V and 
- 25 çC using a solution consisting of 5 (vol%) perchloric acid, 35 vol% 
n-butanol, and 60 vol% methanol. 

3. Results 

Microstructural analysis for the as-cast Ti37V15Nb22Hf23W3 RHEA is 

presented in Fig. 1. The EBSD-IPF and XRD images in Fig. 1(a) and (b), 
respectively, provide further insights that the as-cast alloy seems to be a 
single-phase body-centered-cubic (BCC) solid solution with a grain size 
of ~28.8 μm [Fig. 1(d)], which is the same as the previous results [27]. 
The corresponding grain-boundary map, which re昀氀ects high and low 
angles, is derived in Fig. 1(c) to qualitatively represent the extent of the 
misorientation between the adjacent grains [31]. A green solid line is 
used to indicate the low-angle grain boundary (LAGB), which is present 
among them and has a misorientation of 2ç–15ç. A high-angle grain 
boundary (HAGB), represented by a black solid line, is a grain boundary 
with a misorientation greater than 15ç. The HAGBs are clearly visible, 
and there are more HAGBs, while there are fewer LAGBs, which is 
consistent with common as-cast samples [32]. 

The engineering stress-strain curves of as-cast Ti37V15Nb22Hf23W3 
BCC-RHEAs at different temperatures are shown in Fig. 2. Additionally, 
the in昀氀uence of deformation temperature on the yield strength (σy), 
ultimate strength (σust), and fracture elongation (εf) is also depicted. The 
σy of the Ti37V15Nb22Hf23W3 alloy decreases signi昀椀cantly from 977 MPa 
at 298 K to 759 MPa at 473 K. After that, an approximate plateau is 
observed from 473 K to 873 K [Fig. 2(b)]. An increase in temperature to 
1223 K signi昀椀cantly reduces the σy. Table 1 summarizes the σy, σust, and 
εf of the Ti37V15Nb22Hf23W3 RHEA at different temperatures. Individual 
data points represent the average of three independent tensile tests 
conducted under each condition. Standard deviations were determined 
from the three test results and are displayed as error bars in Fig. 2(b). 
The evolution trend of σust with the temperature is similar to that of the 
σy. According to the basic theory for dislocation motion the critical stress 
(τF−R) required to activate the Frank-Read (F–R) dislocation source is 
described as follows [33,34]: 

τF−R = α
Gb
L (1)  

where L is the length of the dislocation source, G is the shear modulus, 
and b is the Burgers vector, and α is a constant. G is sensitive to the 
temperature and decreases with increasing the temperature [33,35]. 
Therefore, τF−R of the alloy decreases with increasing the temperature. 
That is to say, the movement of dislocations will become easier at high 
temperatures, that is, the strength of the alloy will decrease, as 
demonstrated in Fig. 2(b). The particular ‘high-temperature plateau’ 

found in the Ti37V15Nb22Hf23W3 alloy, where the strength is found to be 
indepedent of the temperature at between 473 K and 873 K, is of special 
interest, with comparable results in other literatures [5,36–38]. While 
early studies suggested that cross-kinks in screw dislocations were po-
tential contributors to high-temperature strength [36,39–41], more 
recent research suggests that it may be due to the presence of thermal 
super-jogging in edge dislocations, which act as strong obstacles to 
dislocation motion [1,26,36]. 

However, the fracture elongation of the Ti37V15Nb22Hf23W3 alloy 
decreases sharply at 973–1073 K, almost drops to zero. This indicates 
that it undergoes a transition from the plastic to brittle fracture as the 
temperature increases, as shown in Fig. 2(b). The tensile fracture dia-
gram in Fig. 3 also con昀椀rms the transtition of the alloy from ductile to 
brittle fracture under high-temperature tension. When the temperature 
is below 973 K, a signi昀椀cant number of dimples can be found on the 
fracture surface of the sample, which is considered as a typical 
morphology of ductile fracture [6,42]. As the temperature continues to 
rise, the dimples disappears, and only quasi-cleavage fractures appear 
[see Fig. 3(e-f)]. Generally, the mobility of metal atoms increases at high 
temperatures, which leads to a decrease in the barrier to dislocation 
movement [43,44]. Likewise, dislocation motion modes increase, such 
as cross-slip and climb [43,44]. Theoretically, dislocation movement 
becomes easier, and the fracture elongation of single-phase alloys in-
creases with increasing the temperature [30,45]. But in fact, the 
Ti37V15Nb22Hf23W3 alloy is brittle at high temperatures, as presented in 
Fig. 2(b) and 3(e-f). The speci昀椀c reasons are analyzed in detail in the 
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discussion section. When the temperature reaches 673 K, serrated 昀氀ows 
are detected. These 昀氀ows are believed to be caused by localized het-
erogeneous deformation, speci昀椀callly the interaction between disloca-
tions and local stress 昀椀eld induced by the rough local atomic 
environment [1]. It is noticed that as the temperature exceeds 673 K, the 
serrated 昀氀ows become less evident, indicating that a diffusion-mediated 
deformation process may become relevant. 

The Ti37V15Nb22Hf23W3 alloy has a higher yield strength than most 
typical superalloys. The temperature dependence of the yield strength of 
this alloy and other popular superalloys [1,5,17,21,27,46–48] as a 
function of testing temperature and homologous temperature, i.e., the 
ratio of testing temperature/melting temperature (T/ Tm), is summa-
rized in Fig. 4. The Ti37V15Nb22Hf23W3 RHEA, which contains elements 
with high melting points (Tm), exhibits greater yield strengths at high 
temperatures [5,20]. For example, the yield strength of the studied alloy 
is approximately 300 MPa higher than that of Haynes 230 and about 
100 MPa higher than that of Waspaloy (a nickel-based superalloy) in the 
temperature range of 298–1,073 K [Fig. 4(a)]. However, the 
high-temperature performance is comparable to that of the common 
TiZrHfNbTa RHEA [Fig. 4(a)]. If we switch to the speci昀椀c strength 
perspective, the Ti37V15Nb22Hf23W3 alloy shows incomparable and 
obvious advantages compared to the TiZrHfNbTa RHEA [Fig. 4(c)]. Like 
most metals and alloys [5,17,48], the strength of the metals and alloys 
decreases rapidly when the temperature exceeds 1,073 K [Fig. 4(a)]. 
This is because the activation of the diffusion-controlled deformation 
mechanism occurs above ~0.5–0.6 Tm, thereby leading to the softening 
of materials [Fig. 4(b)] [1,49,50]. The high-temperature performance of 

Fig. 1. Structural analysis of the as-cast Ti37V15Nb22Hf23W3 RHEA. (a) EBSD inverse pole 昀椀gure (IPF) map, (b) corresponding X-ray diffraction (XRD) pattern, (c) 
corresponding grain-boundary (GB) misorientaton mapping, and (d) corresponding grain-size distribution indicating an average size of 28.8 μm. 

Fig. 2. (a) Tensile stress-strain curve of the as-cast Ti37V15Nb22Hf23W3 RHEA at room temperature (RT) and high temperature (373–1223 K). (b) Temperature 
dependence of the yield strength (YS), the Ultimate strength (UTS) and the fracture elongation (FE) for the as-cast Ti37V15Nb22Hf23W3 RHEA. 

Table 1 
Tensile mechanical properties of the Ti37V15Nb22Hf23W3 RHEA at different 
temperature.  

Temperature (K) σy (MPa) σust (MPa) εf (%) 
293 977 ± 24 1002 ± 16 19.8 ± 0.6 
373 893 ± 28 989 ± 20 9.8 ± 2.5 
473 759 ± 13 882 ± 9 19.1 ± 2.5 
673 697 ± 8 865 ± 16 19.7 ± 7.6 
873 729 ± 20 881 ± 37 12.5 ± 6.1 
973 648 ± 16 637 ± 17.3 1 ± 0 
1073 575 ± 20 626 ± 59 2.5 ± 0.8 
1223 186 ± 10 186 ± 10 43.2 ± 9.9  
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the Ti37V15Nb22Hf23W3 alloy is not excellent. The traditional Inconel 
718 superalloy exhibits superior excellent high-temperature mechanical 
properties [1,48]. However, the Inconel 718 alloy requires complex heat 
treatments to ensure its mechanical properties and corrosion resistance 
[51,52]. The as-cast Ti37V15Nb22Hf23W3 alloy possesses a unique 
advantage between 298 and 1073 K. Speci昀椀cally, the speci昀椀c strength of 

this alloy is signi昀椀cantly superior to that of other superalloys, as 
demonstrated in Fig. 4(c). 

Fig. 5 presents the inverse pole 昀椀gure (IPF) and kernel average 
misorientation (KAM) of tensile samples at different temperatures. The 
high-temperature tensile sample is a single-phase solid solution, and the 
grain size is approximately 20–40 μm. The difference in grain sizes is 

Fig. 3. The fracture morphology of the as-cast Ti37V15Nb22Hf23W3 RHEA at different temperatures: (a) 373 K, (b) 473 K, (c) 673 K, (d) 873 K, (e) 973 K, and (f) 
1073 K. 

Fig. 4. Mechanical properties of the Ti37V15Nb22Hf23W3 RHEA. (a, b) Yield strength as a function of the testing temperature and homologous temperature (T/ Tm) 
under tension with other superalloys. (c) Speci昀椀c yield strength as a function of the testing temperature of the CrMoNbV alloy under tension with other superalloys. 
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more likely to result from the randomness of the sample rather than the 
coarsening of the grains. This trend indicates that none of samples un-
derwent phase transformation or twinning during the high-temperature 
deformation and the dislocation movement undertakes the plastic 
deformation of the samples [53–55]. The KAM value calculates the 
average misorientation between a pixel, i, and its neighbors, assuming 
that the misorientation does not exceed a given threshold value (usually 
5ç). The hue, ranging from blue to red, re昀氀ects the KAM value in the 
0–5ç range. The low-temperature sample exhibits a higher misorienta-
tion, as indicated by the presence of numerous green lines in the KAM 
map, as shown in Fig. 5(e). As the temperature of the tests increases, the 
proportion of green lines gradually decreases. In Fig. 5(f), when the 
temperature is increased to 1073 K, the color of the KAM map appears 
predominnantly almost blue. The geometrically necessary dislocation 
density (ρGND) can be quanti昀椀ed using the formula [17,56]. 

ρGND =
2θKAM

xb (2)  

where x is the unit length, which is the step size of the scan (10−5 /m), 
θKAM is Kernel average misorientation obtained, using graphs displayed 
in Fig. 5(e–h), and b is the Burgers vector of the dislocation slip. As 
presented in Fig. 2, the ρGND of the alloy is steadily decreased with 
increasing the testing temperature, and this change trend is consistent 
with the ductility of the tensile sample. This feature indicates that the 
plastic deformation of the current alloy is closely related to the prolif-
eration of dislocations, which results in an increase in the dislocation 
density of the alloy, indicating that the deformation mechanism may be 
primarily associated with dislocation slip [57,58]. 

Fig. 6 provides an impression of misorientation distributions of the 
Ti37V15Nb22Hf23W3 RHEA at different temperatures. At 473 and 673 K, 
the majority of grain boundaries are the low-angle grain boundaries 
(LAGBs), while at 873 and 1073 K, the majority are the high-angle grain 
boundaries (HAGBs). The tensile ductility of the Ti37V15Nb22Hf23W3 
alloy is noticeably impacted by this large evolution of GB types. Rupp 
et al. [59] concluded that cracks under stress loading conditions 

Fig. 5. (a–d) EBSD IPF maps and corresponding grain size of different temperatures; and (e–f) EBSD KAM maps and corresponding dislocation densities.  

Fig. 6. Misorientation angle obtained from EBSD results of the Ti37V15Nb22Hf23W3 RHEA at different temperature: (a) 473 K, (b) 673 K, (c) 873 K, and (d) 1073 K.  
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propagate along HAGBs and result in brittle fracture of the alloy along 
the intergranular region. Similar conclusions were obtained by Ter-
entyev et al. [60], who concluded that the increased LABGs has a 
shielding and passivating effect on the crack points, thereby improving 
the tensile ductility. The stress-strain curve, given in Fig. 2(a), con昀椀rms 
this trend. LAGBs have stronger fracture resistance than HAGBs, and it 
has long been recognized that the intergranular strain compatibility of 
LAGBs is better than that of HAGBs [61]. The simulation results also 
indicate that LAGBs ef昀椀ciently decrease the need for independent slip 
systems in BCC crystals and may transmit strains across grains without 
fracture [62]. The 昀椀ndings of three-point bending tests indicate that 
LAGBs have stronger fracture resistance than HAGBs [63]. As a result, 
the large fraction of LAGBs greatly reduces strain incompatibility, 
enhancing the ductility of the BCC Ti37V15Nb22Hf23W3 RHEA. According 
to the crystallographic study, weak lattice coherency in HAGBs impedes 
dislocation migration, leading to the accumulation and entanglement of 
dislocations, which have been identi昀椀ed as sites where cracks initiate 
[42]. On the other hand, the orientation difference of the LAGBs in the 
Ti37V15Nb22Hf23W3 alloy is less than 15ç, i.e., the lattice on both sides of 
the LAGBs is more coherent, allowing slip dislocations to pass through 
the LAGBs more effectively, rather than getting blocked on one side of 
the LAGBs. As stated by Clark et al. and Birnbaum et al. [64,65], the 
most favorable selection rule for dislocation transfer is when the grain 
boundaries are parallel to both the slip plane and direction. Addition-
ally, when the slip planes are not parallel, it is important to minimize the 
angle (θ) between the inlet and outlet slip planes. According to the se-
lection guidelines [64,65], LAGBs provide a better pathway for trans-
boundary slip of the dislocation than HAGBs, dislocations to move 
across borders, while also avoiding the stress concentration at GBs. 
Misra et al. [66,67] observed similar results in tests of interphase 
boundaries, suggesting that the effective slip transmission plays a sig-
ni昀椀cant role in the outstanding ductility of Ni–Fe–Al alloys at room 
temperature. Furthermore, in LAGBs, dislocation network segments 
昀椀nction as Frank-Read sources, serving as locations for dislocation 
nucleation and delayed fracture [68]. Increased LAGBs have two pri-
mary favorable impacts on the dislocation emission: (i) dislocation 
nucleation, and subsequently (ii) dislocation gliding, which enhance the 
ductility of the present Ti37V15Nb22Hf23W3 alloy. 

The microstructures of Ti37V15Nb22Hf23W3 RHEA specimens under-
going tensile deformation at various temperatures until fracture are 
investigated using TEM (Fig. 7). The dislocation morphology indicated 
cross-kinks/jogs (edge-dipoles) on screw dislocations at 473 K and 673 K 
[Fig. 7(a and b)]. Very long and straight screw dislocations were found 
at 473 K [Fig. 7(a2)]. Furthermore, TEM analysis demonstrated that the 
deformation occurred only through dislocation slip, as there was no 
evidence of deformation twinning. At 673 K, the TEM image revealed a 
denser and complex dislocation structure (containing a large number of 
dislocation debris and loops), causing it to become challenging to 
distinguish individual dislocation structures [Fig. 7(b2)]. At higher 
temperatures (873 K), the microstructure consisted of dislocation slip 
bands and numerous dislocation fragments (dipoles and jogs), similar to 
those observed at 473 K and 673 K [Fig. 7(c-c2)]. When the temperature 
rises further (1,073 K), the microstructure changes dramatically [Fig. 7 
(d-d2)]. The dislocation density is reduced, and there are no dislocation 
loops or dislocation fragments [Fig. 7(d-d2)]. This trend implies that the 
dislocations lack cross-kinks, which is different from the morphologies 
of the dislocations observed at lower deformation temperatures. The low 
dislocation density con昀椀rms the low fracture elongation (Fig. 2). Inverse 
fast Fourier transform (FFT) plots and high-resolution transmission 
electron microscopy (HRTEM) images of the Ti37V15Nb22Hf23W3 RHEA 
after tensile fracture at various temperatures are shown in Fig. 8(a–c). 
Severe plastic deformation introduces a large number of dislocations, 
and this abundance of dislocations causes a lattice mismatch in the 
crystal, which in turn leads to the bending of dislocation lines in the FFT. 

Fig. 9 depicts the TEM characterization and dislocation type analysis 
of the Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 673 K. No 

twinning, stacking faults, or phase transitions were found in the alloy 
before or after the tensile fracture. Instead, a signi昀椀cant number of slip 
dislocations were observed. This suggests that the dislocation slip in the 
alloy at 673 K is responsible for all the plastic deformation (see Figs. 7(b) 
and Fig. 9(b)). To determine the Burgers vector of the dislocations, the 
dislocation features were characterized by TEM under two-beam con-
ditions (Fig. 9(b–e)). The TEM contrast of a dislocation is related to g " b, 
and when |g " b|/gb > 1/3, the contrast is visible in the TEM image. 
Fig. 9(h) summarizes relevant the possible combinations of Burgers 
vectors and their contrasts with respect to the g vectors that were [200], 
[011], [211], and [222], which were selected for the investigation. It is 
always known that the <111> type represents the well-established 
Burgers vector in elemental and dilute BCC alloys. For both Burgers 
vectors, [111] and [1 11], have the same contrast conditions and so they 
cannot be distinguished. They presented dislocation contrasts for g of 
[200] and [2 1 1], and invisibility for [011] and [22 2]. For Burgers 
vectors of [1 1 1] and [111], they have no contrast only under one g 
vectors respectively. Furthermore, not all dislocations are visible under 
the g = [222] vector. Based on these various conditions, we can interpret 
the TEM data, which shows dislocation contrasts for the different im-
aging conditions (g vectors). In Fig. 9 (a), an area is selected, where the 
dislocation line is clearly visible for the speci昀椀ed dislocation type, as 
depicted in Fig. 9 (f). The 30 dislocation lines were identi昀椀ed (Fig. 9(f 
and g)), and the Burgers vector of the dislocation was determined ac-
cording to whether the dislocation was visible or not visible under 
different g vectors. The vectors of the 30 dislocation lines (ξ) in Fig. 9 (g) 
are determined using stereographic projection (Fig. 9 (i)) [26]. The 
identi昀椀cation results of these dislocation line vectors (ξ) are shown in 
Table 2. Furthermore, the type of dislocation (edge or screw) can be 
determined by examining the relationship between the dislocation line 
vector (ξ) and the Burgers vector (b). For example, if ξ is perpendicular 

Fig. 7. TEM bright-昀椀eld image of the deformed sample of the 
Ti37V15Nb22Hf23W3 RHEA under ε = 0.001/s at different temperatures: (a) 473 
K, (b) 673 K, (c) 873 K, and (d) 1073 K. 
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to b, the dislocation line is an edge dislocation; if ξ is parallel to b, the 
dislocation line is a screw dislocation. The results for the angle between ξ 

and b in the 30 dislocation lines of Fig. 9(g) are presented in Table 2. 
Most dislocations are mixed dislocations. Furthermore, there were 7 
dislocations more inclined to edge dislocations and 23 dislocations more 
inclined to screw dislocations (see Fig. 9(i) and Table 2). Based on a 
similar method as described above, the dislocation type of the 
Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 873 K was counted 
and is shown in Fig. 10. The details of the 30 dislocation lines in Fig. 10 
(g) are shown in Table 3. If 45ç is used as the “standard” for determining 
the edge dislocation or screw dislocation. Then, in Fig. 10(g), there are 
17 dislocations that tend to be edge dislocations and 13 dislocations that 
tend to be screw dislocations. Among the dislocation types observed in 
the Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 1073 K, 14 
dislocation lines are classi昀椀ed as edge dislocations, while only one 
dislocation line exhibits characteristics of a screw dislocation (Fig. 11). 

4. Discussion 

4.1. Brittle fracture at high temperature 

At testing temperatures of 298 and 1223 K, the Ti37V15Nb22Hf23W3 
RHEA exhibited high tensile ductility (~20 % and ~40 %, respectively). 
At 1073 K, the Ti37V15Nb22Hf23W3 RHEA displayed considerably 
reduced ductility (2 %), which corresponded to a transition from ductile 
to intergranular fracture. This trend may come from the following three 
reasons: (i) ductile to brittle transition (DBT) [22,69,70], (ii) 

high-temperature oxidation [71], and (iii) precipitated phase at high 
temperatures [30].  

(i) DBT characteristics of BCC alloys. DBT means that the toughness 
of BCC metallic materials decreases with reducing temperatures, 
from a ductile to brittle fracture transition [72,73]. The tensile 
ductility of the BCC Ti37V15Nb22Hf23W3 RHEA in this study is 
about 20 % at room temperature. According to the de昀椀nition of 
DBT, the ductile to brittle transition temperature (DBTT) must be 
below the room temperature. It also means that the reason for 
brittle fracture at 1073 K must not be that the alloy has under-
gone a ductile-brittle transition. This feature would rule out the 
reason.  

(ii) High-temperature oxidation during the tensile process. When 
tested at 1073 K, the embrittlement element of oxygen from the 
environment can quickly permeate along the GBs, lowering their 
cohesiveness and causing an easy start of intergranular cracking 
[71,74]. This similar dynamic oxygen embrittlement behavior 
has been reported in the literature [75]. However, it is dif昀椀cult to 
observe impurities formed due to oxidation from the SEM images 
of the fracture surface (Fig. 3(f)).  

(iii) Precipitation at high temperatures. The signi昀椀cant drop in 
ductility at 1073 K is similar to that found in the TiZrHfNbTa 
alloy [30]. It was reported that it was due to the formation of two 
different precipitates at the grain boundaries within a heating 
time as short as 6 min [30]. Precipitation at grain boundaries 
played an important role in the transition from the ductile to 
intergranular fracture [30]. However, Fig. 7(d) shows a 
single-phase BCC structure, and no precipitates were observed. 

In order to further identify the cause for the signi昀椀cant decrease in 
toughness at 1,073 K, we sealed the as-cast sample in a quartz tube, heat- 
treated it at 1,073 K for 15 min, and then quenched it into the water. The 
room-temperature uniaxial tensile stress-strain curve is shown in Fig. 12 
(a). A transition from the plastic to brittle fracture was found. It is 
believed that the brittle fracture of the 1,073 K uniaxial tensile specimen 
was due to precipitation at the grain boundaries during heating times as 
short as 15 min. These precipitates are not only scarce, but also 
extremely small, possibly only a few nanometers in size. Consequently, 
locating these sporadic precipitates dispersed along grain boundaries 
within a limited 昀椀eld of view in the TEM is a signi昀椀cant challenge. 

4.2. The transition from screw dislocation to edge dislocation at high 
temperatures 

The motion of screw dislocations in BCC metals or dilute BCC alloys 
is well-established to control yield strength [22,25]. The motion of edge 
dislocation is almost universally ignored. For multi-principal RHEAs, the 
broad dispersion of slip resistance due to chemical 昀氀uctuations at the 
atomic level leads to the multiplicity of dislocation pathways, which 
differs from the dislocation slip behavior in conventional BCC metals 
[76]. Recent studies of RHEAs provide an evidence of the increasing 
importance of edge dislocations. For instance, the edge dislocation is 
prodominant at the beginning of the plastic 昀氀ow in TiZrHfNbTa alloy 
[24]. Feng et al. [1] found that edge dislocations play an important role 
in the superior high-temperature strength of CrMoNbV RHEA. Lee et al. 
[26]. were more directly suggesting that edge dislocations control the 
strength of RHEAs. This experiment also partially con昀椀rmed the above 
views. At different temperatures, the edge dislocations play different 
roles (Figs. 9–11). At 673 K, there were only 7 edge dislocations out of 
the 30 dislocation lines (see Fig. 9(g) and Table 2). When the tempera-
ture was raised to 873 K, there were 17 edge dislocations out of 30 
dislocation lines (see Fig. 10(g) and Table 3). As the temperature in-
creases, the number of edge dislocations increases signi昀椀cantly, while 
the proportion of screw dislocations becomes more signi昀椀cant (~40 %), 
as shown in Fig. 13. It is similar to Feng et al. [1], but inconsistent with 

Fig. 8. Lattice-uniformity analysis of the Ti37V15Nb22Hf23W3 RHEA after ten-
sile fracture at different temperatures and the corresponding Inversed Fast 
Fourier Transform (FFT) images. 
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Lee et al. [26]. When the temperature reaches 1073 K, there are 14 edge 
dislocation lines out of 15 dislocations, and the remaining dislocation is 
a mixed dislocation (see Fig. 11(g) and Table 4). At this point, the edge 

dislocation is responsible for almost all the plastic deformation of the 
alloy. Fig. 13 shows the proportion and ratio of dislocation types after 
tensile fracture of the Ti37V15Nb22Hf23W3 RHEA at different 

Fig. 9. The TEM characterization and dislocation type analysis for the Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 673 K. (a) The bright 昀椀eld TEM images and 
SAED analysis. (b–e) The two-beam bright 昀椀eld TEM images of the dislocations of the deformed sample at 673 K with different g vectors along the zone axes of [011]. 
The g vector is annotated in each image with the direction shown by the red arrow. (f) An enlarged dislocations region of the boxed area in (a). The Bugers vectors are 
determined from the projected cubic lattice, with the red line and blue line denoting 1/2[111] and 1/2[111], respectively. (g) A schematic presents the dislocation 
lines marked in (f), in which the dislocations numbered 1–30 for the dislocation-line-direction analysis. The dislocations are colored according to their respective 
Burgers vectors. (h) Normalized g⋅b values for possible Burgers vectors under the imaging conditions used in (g). Absolute values of |g"b|

|g|"|b| <
1
3 are invisible. (i) 

Stereographic projection related to the [011] orientation, which determined the relationship among all possible dislocation lines ξ in (g) and the Burger vector b. If ξ 

is parallel to b, the type of dislocation is a screw dislocation. The types of daily dislocation lines in (g) shown in Table 2. (For interpretation of the references to color 
in this 昀椀gure legend, the reader is referred to the Web version of this article.) 

Table 2 
Types of dislocations of the Ti37V15Nb22Hf23W3 RHEA after fracture at 673 K.  

No. ξ b cos−1(ξ " b) Type No. ξ b cos−1(ξ " b) Type 
1 [ 855] [ 111] 13ç Screw 16 [411] [ 111] 35ç Screw 
2 [211] [ 111] 19ç Screw 17 [211] [ 111] 19ç Screw 
3 [533] [ 111] 14ç Screw 18 [211] [ 111] 19ç Screw 
4 [ 411 ] [ 111] 74ç Edge 19 [211] [ 111] 90ç Edge 
5 [ 211 ] [ 111] 19ç Screw 20 [211] [ 111] 90ç Edge 
6 [ 211 ] [ 111] 19ç Screw 21 [ 211] [ 111] 19ç Screw 
7 [ 611 ] [ 111] 68ç Edge 22 [222] [ 111] 0ç Screw 
8 [ 322] [ 111] 11ç Screw 23 [411] [ 111] 35ç Screw 
9 [200] [ 111] 55ç Edge 24 [222] [ 111] 0ç Screw 
10 [ 211] [ 111] 19ç Screw 25 [211] [ 111] 19ç Screw 
11 [ 211] [ 111] 19ç Screw 26 [211] [ 111] 19ç Screw 
12 [ 211] [ 111] 19ç Screw 27 [222] [ 111] 0ç Screw 
13 [ 211] [ 111] 90ç Edge 28 [433] [ 111] 2ç Screw 
14 [455] [ 111] 6ç Screw 29 [200] [ 111] 55ç Edge 
15 [ 211] [ 111] 19ç Screw 30 [ 322] [ 111] 11ç Screw  
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temperatures. As the tensile temperature of the sample increases from 
673 K to 1073 K, the proportion of edge dislocations gradually increases, 
from ~20 % up to ~90 %. In other words, as the temperature increases, 
the type of dislocation responsible for the plastic deformation of the 

alloy gradually shifts from screw dislocation to edge dislocation. 
It is generally believed that the plastic deformation of BCC metals is 

primarily dominated by screw dislocations. The screw dislocation of 
BCC metals has a three-dimensional core structure, as illustrated in 

Fig. 10. The TEM characterization and dislocation type analysis for the Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 873 K. (a) The bright 昀椀eld TEM images and 
SAED analysis. (b–e) The two-beam bright 昀椀eld TEM images of the dislocations feature of deformed sample at 873 K with different g vectors along the zone axes of 
[011]. The g vector is annotated in each image with the direction shown by the red arrow. (f) An enlarged dislocations region of the boxed area in (c). The Bugers 
vectors are determined from the projected cubic lattice, with the red line and blue line denoting 1/2[111] and 1/2[111], respectively. (g) A schematic presents the 
dislocation lines marked in (f), in which the dislocations numbered 1–30 for the dislocation-line-direction analysis. The dislocations are colored according to their 
respective Burgers vectors. (h) Normalized g⋅b values for possible Burgers vectors under the imaging conditions used in (g). Absolute values of |g"b|

|g|"|b| <
1
3 are invisible. 

(i) Stereographic projection related to the [011] orientation, which determined the relationship between all possible dislocation lines ξ in (g) and the Burger vector b. 
If ξ is parallel to b, the type of dislocation is a screw dislocation. The types of daily dislocation lines in (g) are shown in Table 3. (For interpretation of the references to 
color in this 昀椀gure legend, the reader is referred to the Web version of this article.) 

Table 3 
Types of dislocations of the Ti37V15Nb22Hf23W3 RHEA after fracture at 873 K.  

No. ξ b cos−1(ξ " b) Type No. ξ b cos−1(ξ " b) Type 
1 [111] [111] 71ç Edge 16 [211] [111] 90ç Edge 
2 [111] [111] 71ç Edge 17 [211] [111] 90ç Edge 
3 [111] [111] 71ç Edge 18 [211] [111] 90ç Edge 
4 [111] [111] 71ç Edge 19 [111] [111] 0ç Screw 
5 [111] [111] 71ç Edge 20 [411] [111] 36ç Screw 
6 [111] [111] 0ç Screw 21 [211] [111] 90ç Edge 
7 [411] [111] 36ç Screw 22 [111] [111] 0ç Screw 
8 [211] [111] 90ç Edge 23 [111] [111] 0ç Screw 
9 [211] [111] 90ç Edge 24 [111] [111] 0ç Screw 
10 [111] [111] 0ç Screw 25 [211] [111] 90ç Edge 
11 [111] [111] 0ç Screw 26 [411] [111] 36ç Screw 
12 [211] [111] 90ç Edge 27 [411] [111] 66ç Edge 
13 [211] [111] 90ç Edge 28 [111] [111] 0ç Screw 
14 [211] [111] 90ç Edge 29 [111] [111] 0ç Screw 
15 [211] [111] 90ç Edge 30 [211] [111] 19ç Screw  
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Fig. 11. The TEM characterization and dislocation type analysis for the Ti37V15Nb22Hf23W3 RHEA after tensile fracture at 1073 K. (a) The bright 昀椀eld TEM images 
and SAED analysis. (b–e) The two-beam bright 昀椀eld TEM images of the dislocations feature of deformed sample at 1073 K with different g vectors along the zone axes 
of [001]. The g vector is annotated in each image with the direction shown by the red arrow. (f) The dislocation lines are marked in (a). The Bugers vectors are 
determined from the projected cubic lattice, with the red line and blue line denoting 1/2[111] (or 1/2[111]) and 1/2[111] (or 1/2[111]), respectively. (g) A schematic 
presents the dislocation lines marked in (f), in which the dislocations numbered 1–15 for the dislocation-line-direction analysis. The dislocations are colored ac-
cording to their respective Burgers vectors. (h) Normalized g⋅b values for possible Burgers vectors under the imaging conditions used in (g). Absolute values of |g"b|

|g|"|b| <
1
3 are invisible. (i) Stereographic projection related to the [001] orientation, which determined the relationship between all possible dislocation lines ξ in (g) and the 
Burger vector b. If ξ is parallel to b, the type of dislocation is a screw dislocation. The types of daily dislocation lines in (g) shown in Table 4. (For interpretation of the 
references to color in this 昀椀gure legend, the reader is referred to the Web version of this article.) 

Fig. 12. (a)The room-temperature uniaxial tensile test of the Ti37V15Nb22Hf23W3 RHEA after the heat treatment at 1073 K for 15 min; (b–c) Secondary electron (SE) 
SEM micrographs of the fracture surfaces reveal the failure modes of the sample, following tensile loading. 
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Fig. 14(a). Project and observe the core of a screw dislocation along the 
Burgers vector <111> direction, where each point represents a column 
of atoms, and arrows represent the displacement difference between 
adjacent columns of atoms perpendicular to the paper direction [22]. 
Due to the special core structure of the screw dislocation of BCC metals, 
the simulation results indicate that the Peierls-Nabarro force required to 
initiate the screw dislocation at room temperature is at least one order of 
magnitude greater than that of the edge dislocation [77]. Therefore, 
compared with the edge dislocation, the movement of the screw dislo-
cation is more dif昀椀cult and requires larger thermal activation. The screw 
dislocation is ideally long and straight (see Fig. 14(b)). However, vari-
ations in composition and thermal activation in RHEAs can lead to the 
spontaneous formation of kinks in screw dislocations (Fig. 14(c)). The 
kinks move along the dislocation line under the action of stress (Fig. 14 
(d)), thereby facilitating the slip of the screw dislocation [22]. More-
over, the slip deformation mechanism in BCC metals is fundamentally 
different from that of FCC metals: the slip plane is not unique, and the 
dislocation can slip in the {110}, {112} and {123} planes [72,78]. When 
kinks on different glide planes intersect, they form cross kinks (also 
known as jogs or dipoles) that act as strong pinning points [40], as 
shown in Fig. 14(e). Breaking the cross kink creates a high-energy point 
defect, which results in a high-energy 昀氀ow barrier [40]. Therefore, as 
the temperatures increase, the more kinks will be caused by thermal 
activation, leading to the formation of more cross kinks under stress. The 
higher the energy required for high-temperature plastic deformation to 
break the cross kinks. At high temperatures, the motion of the screw 

dislocation becomes more challenging compared to that of the edge 
dislocation, or the slip rate of the screw dislocation is lower than that of 
the edge dislocation [40,79]. Therefore, more edge dislocations can be 
found at higher temperatures. That is to say, as the testing temperature 
increases, the slip pattern changes from screw dislocation to edge 
dislocation. This study just con昀椀rms this, with 23 % of the edge dislo-
cations at 673 K (see Fig. 9). At 873 K, the percentage of edge disloca-
tions was 57 % (Fig. 10). It continues to rise to 1,073 K, with almost all of 
them being edge dislocations (Fig. 11). This is the 昀椀rst demonstration of 
the evolution of dislocation types with the temperature in RHEAs. 

4.3. The theory of strengthening for edge dislocations 

Based on the analysis in section 4.2, the edge dislocation plays an 
important role in high-temperature strength. Starting from the motion of 
edge dislocation, Maresca et al. [25] established a thermal activation 
model for solid solution strengthening that is applicable at high tem-
peratures. In the model, each alloyed element is treated as a solute that 
interacts with a dislocation in a hypothetical uniform “average” alloy 
that possesses all the macroscopic properties of a truly random alloy [26, 
80]. Fluctuations in the local arrangement of solutes lead to local 
changes in dislocation potential energy [25,80]. As a result, the dislo-
cation spontaneously forms a wave structure to reduce energy to be 
adapt to the local solute environment. In addition, the plastic 昀氀ow de-
pends on the temperature and stress. A dislocation moving from a 
low-energy environment to an adjacent high-energy environment needs 
to overcome a signi昀椀cant barrier in the random alloys [25,26]. The 
intrinsic yield stress at a 昀椀nite temperature (T) and a 昀椀nite strain rate ( Ûε) 
is expressed as follows [25]: 

τy(T, Ûε)=Mτy0
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Here, Ûε0 = 104/s is a reference strain-rate estimated [80]. M = 2.76 is 
the Taylor factor for polycrystalline BCC metals [76]. τy0 is the 
zero-temperature shear yield stress. k = 1.38 × 10−23 J/K is the Boltz-
mann constant [1]. ΔEb is the energy barrier for the thermal-activated at 
absolute zero. 
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Here, α = 1/12 is the weight coef昀椀cient of the dislocation line tension for 
the lattice of BCC structure. G is shear modulus, which is calculated 
using Vegard’s law, and the calculation results are shown in Table 5. ν is 
Poisson’s ratio, obtained from the formula G = E/[2(1 + ν)], where E is 
calculated using Vegard’s law (Table 6). The Burgers vector (b) of the 
Ti37V15Nb22Hf23W3 RHEA is computed through b =

( ���3: a)/2. The lat-
tice constant (a) is 330.7 p.m., which comes from reference [27]. 
Applying Vegard’s law to the average atomic volume of each solid so-
lution, i.e. V = 3

n
cnVn, with Vn = a3n/2, we calculte individual atomic 

volume (Vn) for each element (n), and get Vn = 17.58 ÚA3, 14.03 ÚA3, 
17.98 ÚA3, 22.54 ÚA3, 15.75 ÚA3 for Ti, V, Nb, Hf, and W, respectively. The 
mis昀椀t volume of an element (n) in the Ti37V15Nb22Hf23W3 RHEA is 
estimated to be ΔVn = Vn − V (the sum rule 3

n
cnΔVn = 0 is followed by 

construction). 
Table 7 presents the experimental and predicted tensile yield 

Fig. 13. The proportion and ratio of dislocation types after tensile fracture of 
the Ti37V15Nb22Hf23W3 RHEA at different temperatures. 

Table 4 
Types of dislocations of the Ti37V15Nb22Hf23W3 RHEA after fracture at 1073 K.  

No. ξ b cos−1(ξ " b) Type 
1 [110] [111] or [111] 90ç Edge 
2 [110] [111] or [111] 90ç Edge 
3 [110] [111] or [111] 90ç Edge 
4 [110] [111] or [111] 90ç Edge 
5 [110] [111] or [111] 90ç Edge 
6 [110] [111] or [111] 90ç Edge 
7 [110] [111] or [111] 90ç Edge 
8 [110] [111] or [111] 90ç Edge 
9 [110] [111] or [111] 90ç Edge 
10 [110] [111] or [111] 90ç Edge 
11 [110] [111] or [111] 90ç Edge 
12 [110] [111] or [111] 90ç Edge 
13 [110] [111] or [111] 90ç Edge 
14 [110] [111] or [111] 90ç Edge 
15 [120] [111] or [111] 39ç Screw  
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strengths of the Ti37V15Nb22Hf23W3 RHEA at different temperatures. 
Fig. 15 compares the tensile yield strengths of theoretically predicted 
and experimental values. It can be observed that the tensile yield 

strength of the alloy, as predicted by the theory, decreases with the 
increasing temperatures. The predicted trend is in good agreement with 
the experimental results. However, it is found that the theoretical pre-
dicted value is higher than the actual value when the temperature is 
below 673 K (Fig. 15). It is due to that the edge dislocation strength 
model is used. According to the analysis in section 4.2, the dislocation 
involved in plastic deformation of the alloy is mainly screw dislocation 
at low and medium temperatures [25,76]. This means that less shear 
stress is required to start the screw dislocation. The edge dislocation 
strength model overestimates the yield strength of the alloy. At the same 
time, it is noted that the theoretical predicted value is lower than the 
experimental value at 873 K to 1,073 K (Fig. 15). This may be due to the 
following reasons: the Ti37V15Nb22Hf23W3 RHEA smelted during the 
experiment contains impurities such as O, N and C. For example, 

Fig. 14. Screw dislocation structure of the Ti37V15Nb22Hf23W3 RHEA: (a) Screw dislocation in the 5-component random alloy (colors indicate species). Arrows 
indicate the characteristic three-fold symmetric compact core in pure BCC alloys. The dislocation can kink on any {110} plane of the <111>-zone. (b) A long and 
straight screw dislocation under ideal conditions. (c) The actual screw dislocation after kink is formed spontaneously due to composition 昀氀uctuation and thermal 
activation. (d) The slipping of a screw dislocation along the direction of the dislocation line under stress. (e) A kink formed when screw dislocations on different 
sliding planes meet. (For interpretation of the references to color in this 昀椀gure legend, the reader is referred to the Web version of this article.) 

Table 5 
The lattice constant (a), shear modulus (G), Modulus of elasticity (E), individual 
atomic volume (Vn), and atomic mis昀椀t volume (ΔVn) of the element and the 
studied alloy.  

Element Ti V Nb Hf W 
a (pm) 327.6 303.9 330.1 355.9 315.8 
G (GPa) 43.9 46.7 37.5 28.5 160.5 
E (GPa) 116 128 105 78 411 
Vn (ÚA3) 17.58 14.03 17.98 22.54 15.75 
ΔVn (ÚA3) −0.64 −4.19 −0.24 4.32 −2.48  

Table 6 
The Poisson’s ratio (ν), zero-temperature shear yield stress (τy0), and the energy 
barrier for the thermal-activated at absolute zero (ΔEb0) of the 
Ti37V15Nb22Hf23W3 RHEA.  

Alloy ν τy0 (MPa) ΔEb0 (×10−19 J) 
Ti37V15Nb22Hf23W3 0.347 574.7 3.37  

Table 7 
Experimental and predicted tensile yield strengths of Ti37V15Nb22Hf23W3 RHEA 
at different temperature.  

Temperature (K) σy (MPa) 
Experimental Predicted 

293 977 ± 24 1080 
373 893 ± 28 962 
473 759 ± 13 855 
673 697 ± 8 706 
873 729 ± 20 555 
973 648 ± 16 492 
1073 575 ± 20 437 
1223 186 ± 10 343  

Fig. 15. Calculated yield strength as a function of the temperature for the 
Ti37V15Nb22Hf23W3 RHEA by the edge-dislocation-strengthening model, 
compared with experimental data. 
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commercial raw materials Ti, V, Nb, Hf, and W inevitably contain im-
purities such as O, N and C with a mass fraction of about 1 × 10−16 [81]. 
These impurity elements tend to polarize around the dislocation and 
have a certain pinning effect on the dislocation, which may produce 
additional strengthening effects [82]. 

5. Conclusions 

In summary, a novel Ti37V15Nb22Hf23W3 RHEA has been developed, 
which presents excellent tensile mechanical properties over a wide 
temperature range of 298–1223 K. The conclusions are summarized as 
follows: 

(1) The as-cast Ti37V15Nb22Hf23W3 RHEA exhibits excellent resis-
tance to high-temperature softening at elevated temperatures. An 
anomalous temperature-independent “high-temperature plateau” 

in the yield strength of the alloy was observed between 473 K and 
873 K. During this tempearature range, the strength remained 
constant at 700–750 MPa. At the same time, when the tempera-
ture is 1073 K, the strength of the Ti37V15Nb22Hf23W3 RHEA re-
mains above 550 MPa, which already surpasses most superalloys.  

(2) The causes of the 1,073 K brittle fracture are discussed and 
analyzed. In the time as short as 15 min, nano-sized precipitates 
were precipitated at the grain boundaries of the alloy. These 
precipitates cause stress concentration under loading, resulting in 
intergranular fracture.  

(3) The yield strength of Ti37V15Nb22Hf23W3 RHEA at different 
temperatures was predicted using the edge dislocation strength 
model. The predicted values are higher than the experimental 
values at low and medium temperatures, which is attributed to 
the large number of screw dislocations involved in the plastic 
deformation of the alloy. At higher temperatures, the predicted 
values are lower than the experimental values, probably due to 
the pinning effect of C, N, and O impurity elements on the edge 
dislocations, which produce additional strengthening. 
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[24] J.P. Couzinié, L. Lilensten, Y. Champion, G. Dirras, L. Perrière, I. Guillot, On the 
room temperature deformation mechanisms of a TiZrHfNbTa refractory high- 
entropy alloy, Mater. Sci. Eng., A 645 (2015) 255–263. 

[25] F. Maresca, W.A. Curtin, Mechanistic origin of high strength in refractory BCC high 
entropy alloys up to 1900K, Acta Mater. 182 (2020) 235–249. 

[26] C. Lee, F. Maresca, R. Feng, Y. Chou, T. Ungar, M. Widom, K. An, J.D. Poplawsky, 
Y.-C. Chou, P.K. Liaw, W.A. Curtin, Strength can be controlled by edge dislocations 
in refractory high-entropy alloys, Nat. Commun. 12 (1) (2021) 5474. 

[27] W. Huang, J. Hou, X. Wang, J. Qiao, Y. Wu, Excellent room-temperature tensile 
ductility in as-cast Ti37V15Nb22Hf23W3 refractory high entropy alloys, 
Intermetallics 151 (2022) 107735. 

[28] W. Huang, S. Yin, X. Wang, R. Guo, Y. Wu, J. Qiao, Grain growth and Hall–Petch 
relationship in Ti37V15Nb22Hf23W3 refractory high-entropy alloys, J. Mater. Res. 
38 (6) (2023) 1719–1729. 

[29] C. Zhang, H. Wang, X. Wang, Y.T. Tang, Q. Yu, C. Zhu, M. Xu, S. Zhao, R. Kou, 
X. Wang, B.E. MacDonald, R.C. Reed, K.S. Vecchio, P. Cao, T.J. Rupert, E. 
J. Lavernia, Strong and ductile refractory high-entropy alloys with super 
formability, Acta Mater. 245 (2023). 

[30] L.H. Mills, M.G. Emigh, C.H. Frey, N.R. Philips, S.P. Murray, J. Shin, D.S. Gianola, 
T.M. Pollock, Temperature-dependent tensile behavior of the HfNbTaTiZr multi- 
principal element alloy, Acta Mater. 245 (2023) 118618. 

[31] Q. Liu, L. Fang, Z. Xiong, J. Yang, Y. Tan, Y. Liu, Y. Zhang, Q. Tan, C. Hao, L. Cao, 
J. Li, Z. Gao, The response of dislocations, low angle grain boundaries and high 
angle grain boundaries at high strain rates, Mater. Sci. Eng., A 822 (2021) 141704. 

[32] L. Zhang, Y. Gu, Y. Xiang, Energy of low angle grain boundaries based on 
continuum dislocation structure, Acta Mater. 126 (2017) 11–24. 

[33] W.D. Callister, D.G. Rethwisch, Materials Science and Engineering, Wiley, United 
States of America, 2012. 

[34] L.T.W. Smith, Y. Su, S. Xu, A. Hunter, I.J. Beyerlein, The effect of local chemical 
ordering on Frank-Read source activation in a refractory multi-principal element 
alloy, Int. J. Plast. 134 (2020) 102850. 

[35] A.G. Quarrell, The hardness of metals, Nature 170 (4333) (1952) 818. 
[36] S. He, X. Zhou, D. Mordehai, J. Marian, Thermal super-jogs control the high- 

temperature strength plateau in Nb-Mo-Ta-W alloys, Acta Mater. 244 (2023) 
118539. 

[37] H. Zhang, Y. Zhao, J. Cai, S. Ji, J. Geng, X. Sun, D. Li, High-strength NbMoTaX 
refractory high-entropy alloy with low stacking fault energy eutectic phase via 
laser additive manufacturing, Mater. Des. 201 (2021) 109462. 

[38] R.R. Eleti, N. Stepanov, N. Yurchenko, S. Zherebtsov, F. Maresca, Cross-kink 
unpinning controls the medium- to high-temperature strength of body-centered 
cubic NbTiZr medium-entropy alloy, Scripta Mater. 209 (2022) 114367. 

[39] A. Ghafarollahi, F. Maresca, W.A. Curtin, Solute/screw dislocation interaction 
energy parameter for strengthening in bcc dilute to high entropy alloys, Model. 
Simulat. Mater. Sci. Eng. 27 (8) (2019) 085011. 

[40] F. Maresca, W.A. Curtin, Theory of screw dislocation strengthening in random BCC 
alloys from dilute to “High-Entropy” alloys, Acta Mater. 182 (2020) 144–162. 

[41] A. Ghafarollahi, W.A. Curtin, Screw-controlled strength of BCC non-dilute and 
high-entropy alloys, Acta Mater. 226 (2022) 117617. 

[42] X.F. Xie, Z.M. Xie, R. Liu, Q.F. Fang, C.S. Liu, W.-Z. Han, X. Wu, Hierarchical 
microstructures enabled excellent low-temperature strength-ductility synergy in 
bulk pure tungsten, Acta Mater. 228 (2022) 117765. 

[43] A.H. Cottrell, Theory of dislocations, Prog. Met. Phys. 4 (1953) 205–264. 
[44] A.S. Argon, Strengthening Mechanisms in Crystal Plasticity, Oxford University 

Press, 2007. 
[45] A. Pineau, Preface to overviews of failure of metals, Acta Mater. 107 (2016) 423. 
[46] X. Yan, P.K. Liaw, Y. Zhang, Ultrastrong and ductile BCC high-entropy alloys with 

low-density via dislocation regulation and nanoprecipitates, J. Mater. Sci. Technol. 
110 (2022) 109–116. 

[47] Y. Jia, G. Wang, S. Wu, Y. Mu, Y. Yi, Y. Jia, P.K. Liaw, T. Zhang, C.-T. Liu, 
A lightweight refractory complex concentrated alloy with high strength and 
uniform ductility, Appl. Mater. Today 27 (2022) 101429. 

[48] O.N. Senkov, J.M. Scott, S.V. Senkova, F. Meisenkothen, D.B. Miracle, C. 
F. Woodward, Microstructure and elevated temperature properties of a refractory 
TaNbHfZrTi alloy, J. Mater. Sci. 47 (9) (2012) 4062–4074. 

[49] O.N. Senkov, S. Gorsse, D.B. Miracle, High temperature strength of refractory 
complex concentrated alloys, Acta Mater. 175 (2019) 394–405. 

[50] D. Caillard, J. Martin, Thermally Activated Mechanisms in Crystal Plasticity, 2003. 
[51] W. Jiang, P. Xu, Y. Li, H. Wang, Z. Cai, J. Li, Y. Liang, Y. Liang, Effect of a gradient 

structure on the mechanical performance of Inconel 718 Ni-based superalloy at 
elevated temperatures, J. Mater. Res. Technol. 23 (2023) 2031–2042. 

[52] A. De Bartolomeis, S.T. Newman, I.S. Jawahir, D. Biermann, A. Shokrani, Future 
research directions in the machining of Inconel 718, J. Mater. Process. Technol. 
297 (2021) 117260. 

[53] X. Yan, Y. Zhang, Y. Zou, Near-superplastic behavior of a body-centered cubic 
Zr50Ti35Nb15 multi-principal element alloy via dynamic recrystallization, Scripta 
Mater. 227 (2023) 115308. 

[54] M.J. Sohrabi, H. Mirzadeh, S. Sadeghpour, R. Mahmudi, Grain size dependent 
mechanical behavior and TRIP effect in a metastable austenitic stainless steel, Int. 
J. Plast. 160 (2023) 103502. 

[55] L. Li, Z. Zhang, P. Zhang, Z. Zhang, A review on the fatigue cracking of twin 
boundaries: crystallographic orientation and stacking fault energy, Prog. Mater. 
Sci. 131 (2023) 101011. 

[56] A. Kanchi, K.V. Rajulapati, B.S. Rao, D. Sivaprahasam, R.C. Gundakaram, In昀氀uence 
of thermomechanical processing on microstructure and mechanical properties of 
moNbTaW refractory high-entropy alloy, J. Mater. Eng. Perform. 31 (10) (2022) 
7964–7972. 

[57] J.R. Rice, Dislocation nucleation from a crack tip: an analysis based on the Peierls 
concept, J. Mech. Phys. Solid. 40 (2) (1992) 239–271. 

[58] V.I. Tre昀椀lov, Y. Milman, I.V. Gridneva, Characteristic temperature of deformation 
of crystalline materials, Cryst. Res. Technol. 19 (1984) 413–421. 

[59] D. Rupp, R. Mönig, P. Gruber, S.M. Weygand, Fracture toughness and 
microstructural characterization of polycrystalline rolled tungsten, Int. J. Refract. 
Metals Hard Mater. 28 (6) (2010) 669–673. 

[60] C. Yin, D. Terentyev, T. Zhang, S. Nogami, S. Antusch, C.-C. Chang, R.H. Petrov, 
T. Pardoen, Ductile to brittle transition temperature of advanced tungsten alloys 
for nuclear fusion applications deduced by miniaturized three-point bending tests, 
Int. J. Refract. Metals Hard Mater. 95 (2021) 105464. 

[61] C. Ren, Z.Z. Fang, L. Xu, J.P. Ligda, J.D. Paramore, B.G. Butler, An investigation of 
the microstructure and ductility of annealed cold-rolled tungsten, Acta Mater. 162 
(2019) 202–213. 

[62] Y. Cheng, M. Mrovec, P. Gumbsch, Atomistic simulations of interactions between 
the 1/2〈111〉 edge dislocation and symmetric tilt grain boundaries in tungsten, 
Phil. Mag. 88 (4) (2008) 547–560. 

[63] E. Smiti, P. Jouffrey, A. Kobylanski, The in昀氀uence of carbon and oxygen in the 
grain boundary on the brittle-ductile transition temperature of tungsten Bi-crystals, 
Scripta Metall. 18 (7) (1984) 673–676. 

[64] W.A.T. Clark, R.H. Wagoner, Z.Y. Shen, T.C. Lee, I.M. Robertson, H.K. Birnbaum, 
On the criteria for slip transmission across interfaces in polycrystals, Scripta Metall. 
Mater. 26 (2) (1992) 203–206. 

[65] Z. Shen, R.H. Wagoner, W.A.T. Clark, Dislocation and grain boundary interactions 
in metals, Acta Metall. 36 (12) (1988) 3231–3242. 

[66] A. Misra, R. Gibala, Room-temperature deformation behavior of directionally 
solidi昀椀ed multiphase Ni-Fe-Al alloys, Metall. Mater. Trans. 28 (3) (1997) 795–807. 

[67] R.D. Noebe, A. Misra, R. Gibala, Plastic 昀氀ow and fracture of B2 NiAl-based 
intermetallic alloys containing a ductile second phase, ISIJ Int. 31 (1991) 
1172–1185. 

[68] J. Reiser, J. Hoffmann, U. Jäntsch, M. Klimenkov, S. Bonk, C. Bonnekoh, M. Rieth, 
A. Hoffmann, T. Mrotzek, Ductilisation of tungsten (W): on the shift of the brittle- 
to-ductile transition (BDT) to lower temperatures through cold rolling, Int. J. 
Refract. Metals Hard Mater. 54 (2016) 351–369. 

[69] J.R. Rice, R. Thomson, Ductile versus brittle behaviour of crystals, Phil. Mag.: J. 
Theor. Exp. Appl. Phys. 29 (1) (1974) 73–97. 

[70] Y. Lu, Y.H. Zhang, E. Ma, W.Z. Han, Relative mobility of screw versus edge 
dislocations controls the ductile-to-brittle transition in metals, Proc. Natl. Acad. 
Sci. USA 118 (37) (2021) e2110596118. 

[71] J.X. Hou, S.F. Liu, B.X. Cao, J.H. Luan, Y.L. Zhao, Z. Chen, Q. Zhang, X.J. Liu, C. 
T. Liu, J.J. Kai, T. Yang, Designing nanoparticles-strengthened high-entropy alloys 
with simultaneously enhanced strength-ductility synergy at both room and 
elevated temperatures, Acta Mater. 238 (2022) 118216. 

[72] J.W. Christian, Some surprising features of the plastic deformation of body- 
centered cubic metals and alloys, Metall. Trans. A 14 (7) (1983) 1237–1256. 

[73] M. Tanaka, E. Tarleton, S.G. Roberts, The brittle–ductile transition in single-crystal 
iron, Acta Mater. 56 (18) (2008) 5123–5129. 

[74] K.S. Chan, A grain boundary fracture model for predicting dynamic embrittlement 
and oxidation-induced cracking in superalloys, Metall. Mater. Trans. 46 (6) (2015) 
2491–2505. 

[75] C.T. Liu, C.L. White, Dynamic embrittlement of boron-doped Ni3Al alloys at 600çC, 
Acta Metall. 35 (3) (1987) 643–649. 

[76] F. Wang, G.H. Balbus, S. Xu, Y. Su, J. Shin, P.F. Rottmann, K.E. Knipling, J.- 
C. Stinville, L.H. Mills, O.N. Senkov, I.J. Beyerlein, T.M. Pollock, D.S. Gianola, 
Multiplicity of dislocation pathways in a refractory multiprincipal element alloy, 
Science 370 (6512) (2020) 95–101. 

[77] G. Monnet, D. Terentyev, Structure and mobility of the 12<111>{112} edge 
dislocation in BCC iron studied by molecular dynamics, Acta Mater. 57 (5) (2009) 
1416–1426. 

[78] H. Cho, C.A. Bronkhorst, H.M. Mourad, J.R. Mayeur, D.J. Luscher, Anomalous 
plasticity of body-centered-cubic crystals with non-Schmid effect, Int. J. Solid 
Struct. 139–140 (2018) 138–149. 

[79] Y. Lu, Y.-H. Zhang, E. Ma, W.-Z. Han, Relative mobility of screw versus edge 
dislocations controls the ductile-to-brittle transition in metals, Proc. Natl. Acad. 
Sci. USA 118 (37) (2021). 

[80] C. Varvenne, A. Luque, W.A. Curtin, Theory of strengthening in fcc high entropy 
alloys, Acta Mater. 118 (2016) 164–176. 

[81] X. Zhang, J. Tian, M. Xue, F. Jiang, S. Li, B. Zhang, J. Ding, X. Li, E. Ma, X. Ding, 
J. Sun, Ta-W refractory alloys with high strength at 2000çC, Acta Metall. Sin. 58 
(2022) 1253–1260. 

[82] Z. Wang, H. Wu, Y. Wu, H. Huang, X. Zhu, Y. Zhang, H. Zhu, X. Yuan, Q. Chen, 
S. Wang, X. Liu, H. Wang, S. Jiang, M.J. Kim, Z. Lu, Solving oxygen embrittlement 
of refractory high-entropy alloy via grain boundary engineering, Mater. Today 54 
(2022) 83–89. 

W. Huang et al.                                                                                                                                                                                                                                 

http://refhub.elsevier.com/S0921-5093(24)00565-3/sref22
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref22
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref22
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref23
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref23
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref23
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref23
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref24
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref24
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref24
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref25
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref25
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref26
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref26
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref26
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref27
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref27
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref27
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref28
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref28
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref28
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref29
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref29
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref29
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref29
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref30
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref30
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref30
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref31
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref31
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref31
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref32
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref32
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref33
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref33
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref34
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref34
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref34
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref35
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref36
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref36
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref36
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref37
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref37
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref37
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref38
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref38
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref38
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref39
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref39
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref39
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref40
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref40
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref41
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref41
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref42
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref42
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref42
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref43
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref44
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref44
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref45
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref46
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref46
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref46
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref47
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref47
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref47
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref48
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref48
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref48
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref49
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref49
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref50
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref51
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref51
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref51
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref52
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref52
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref52
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref53
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref53
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref53
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref54
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref54
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref54
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref55
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref55
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref55
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref56
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref56
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref56
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref56
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref57
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref57
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref58
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref58
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref59
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref59
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref59
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref60
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref60
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref60
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref60
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref61
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref61
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref61
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref62
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref62
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref62
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref63
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref63
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref63
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref64
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref64
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref64
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref65
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref65
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref66
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref66
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref67
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref67
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref67
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref68
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref68
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref68
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref68
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref69
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref69
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref70
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref70
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref70
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref71
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref71
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref71
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref71
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref72
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref72
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref73
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref73
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref74
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref74
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref74
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref75
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref75
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref76
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref76
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref76
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref76
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref77
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref77
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref77
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref78
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref78
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref78
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref79
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref79
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref79
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref80
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref80
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref81
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref81
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref81
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref82
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref82
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref82
http://refhub.elsevier.com/S0921-5093(24)00565-3/sref82

	Edge dislocation-induced high-temperature strengthening in the Ti37V15Nb22Hf23W3 refractory high-entropy alloys
	1 Introduction
	2 Experimental methods
	3 Results
	4 Discussion
	4.1 Brittle fracture at high temperature
	4.2 The transition from screw dislocation to edge dislocation at high temperatures
	4.3 The theory of strengthening for edge dislocations

	5 Conclusions
	Originality statement
	CRediT authorship contribution statement
	Declaration of competing interest
	Data availability
	Acknowledgments
	References


