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a b s t r a c t 

Refractory high-entropy alloys (RHEAs) exhibit remarkable strengths at elevated temperatures and are 

hence extremely promising candidates for high-temperature structural materials. However, the RHEAs 

with ordered superlattice structures generally suffer from poor room-temperature plasticity, which 

severely hampers their widespread applications. Here, we discovered that the introduction of multi- 

component ceramic nanoparticles (MCNPs) into the RHEAs makes the problem alleviative and realizes 

a multifold increase in plasticity without sacrificing strength. The detailed characterizations show that 

the improvement originates from the chemical ordering-disordering transition near MCNPs in the B2- 

ordered RHEAs. This transition promotes the formation of local disordered regions where the mobility 

of dislocations is significantly enhanced. These regions wrap around MCNPs to form a unique heteroge- 

neous structure, which suppresses the premature microcracks by the boosted dislocation mobility. Simul- 

taneously, the existence of stable MCNPs prevents grain coarsening at elevated temperatures by Zener 

pinning. These novel alloy-design ideas shed new insights into developing RHEAs with an outstanding 

combination of strength and plasticity. 

© 2024 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 

1. Introduction 

Over the past decades, increasing operating temperatures have 

remained an essential way to improve efficiency and maximize 

thrust in the design of aerospace and gas turbine engines [1–3] . 

Therefore, it is of great significance to develop metallic materials 

for higher-temperature applications. Currently, Ni-based superal- 

loys with a combination of properties are qualified for the role. In 

this kind of superalloy, the precipitation with a long-range ordered 

structure, i.e., an L12 structure, serves an essential duty in realiz- 

ing high strengths in extreme conditions owing to strong chemical 

binding and low atomic mobility [4] . However, most of the ben- 

eficial structures annihilate at elevated temperatures and do not 

provide support for ultrahigh-temperature applications [5–7] . 

Traditional refractory alloys, albeit with the development po- 

tential due to high melting points, are generally insufficient in 

strength and high in density [1,8] . Hence, they are unsuitable 

for serving in the critical parts of air/aero vehicles. By copy- 
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ing the microstructure of the superalloy into the refractory alloys 

with a body-centered cubic (BCC) structure, the elegant integra- 

tion of both advantages was accomplished by Naka et al. [9,10] . 

This category of refractory alloys with a BCC + B2 superstruc- 

ture is found in highly alloyed systems, such as AlNbTaTi2 . It is 

noted that the ordered structure, i.e., B2, is extremely difficult to 

form in binary alloys [10–12] . Highly alloying refractory alloys, 

not built with one principal element and adding dilute concen- 

trations of alloying elements, are based on a mixture of multi- 

ple refractory elements with similar atomic proportions, termed 

refractory high-entropy alloys (RHEAs) or refractory complex con- 

centrated alloys (RCCAs) [13–30] . Recently, driven by this concept, 

a typical RHEA AlMo0.5 NbTa0.5 TiZr with both BCC cuboidal nano- 

precipitation and thin continuous B2 channels was successfully 

synthesized by Senkov et al. [31,32] . The RHEAs display an ultra- 

high yield strength of ∼ 750 MPa at 10 0 0 °C [32] . It has sur- 

passed all Ni-based superalloys and seems to be a strong candi- 

date for high-temperature structural material. Nevertheless, weak 

plastic deformability at ambient temperature is commonly present 

in such RHEAs, resulting in poor processability during rolling and 

forging. Currently, it is imperative to seek some new strategies for 

enhancing the plasticity of RHEAs. 

https://doi.org/10.1016/j.jmst.2024.01.030 

1005-0302/© 2024 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & Technology. 
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Table 1 

Experimental chemical compositions of these al- 

loys studied (at.%). 

Alloy Al Mo Nb Ti B 

BF 15.9 19.2 30.7 34.2 –

B15 15.0 18.5 30.9 34.4 1.2 

Here, we developed the RHEA with multicomponent ceramic 

nanoparticles (MCNP-RHEA). In our strategy, the introduction of 

harder and more brittle borides (i.e., MCNPs) into the B2-type 

RHEAs AlMoNb2 Ti2 , departing from the traditional design philos- 

ophy, achieves unexpected plasticity. Generally, the most typical 

strategy to improve the plasticity of the matrix is to synthesize 

composites by adding ductile particles, such as metallic-glass com- 

posites [33] . Unlike the above, we demonstrate that the key to 

plasticity improvement in the present RHEAs lies in the ordering- 

to-disordering transition with the help of MCNPs. The chemical 

long-range ordered structure in the RHEA matrix was destroyed 

by high-density dislocations during deformation, which translates 

these local regions from the B2 to BCC structure. These disordered 

regions where the mobility of the dislocations is significantly in- 

creased near the MCNPs lead to the emergence of unique hetero- 

geneous microstructures that further facilitate plastic deformation. 

2. Materials and methods 

2.1. Materials preparation 

Ingots with nominal compositions of (AlMoNb2 Ti2 )100–x Bx 

( x = 0 and 1.5, in at.%) were prepared by arc-melting a mixture of 

these elements with purity higher than 99.9 weight percent (wt.%) 

in a Ti-gettered argon atmosphere. During preparation, the samples 

were flipped over and re-melted no less than eight times to ensure 

a homogeneous distribution of the alloying elements, and eventu- 

ally drop-cast into a copper mold with a cavity of 3 mm in diam- 

eter and 70 mm in length. For convenience, the two alloys men- 

tioned above will be labeled by their B concentrations, referred to 

as BF and B15, respectively. 

Subsequently, a heat treatment was conducted at 1250 °C for 

24 h to assuage elemental segregation due to rapid cooling. Before 

heating, all samples were covered with Ta foils and then sealed in 

a vacuumed quartz tube to minimize oxidation. After heat treat- 

ment, the tubes were removed from the furnace and the samples 

were cooled inside the vacuumed tubes down to room tempera- 

ture. Long-duration annealing experiments at a high temperature 

of 10 0 0 °C were conducted, using the same steps for up to 120 h. 

Alloy density was measured according to the Archimedes princi- 

ple. The alloy composition was determined by inductively coupled 

plasma atomic emission spectroscopy (ICP-OES, Agilent 730) and is 

given in Table 1 . 

2.2. Mechanical tests 

Room-temperature compressive tests were performed on a 

mechanical-testing machine (Lishi LE5105) at the strain rate of 

1 × 10–3 /s and a strain gauge was employed to measure the de- 

formation strain. The cylindrical samples were 3 mm in diameter 

and 4.5 mm in height, giving an aspect ratio of 1.5. Compression 

tests were performed at 60 0, 80 0, and 10 0 0 °C in the same ma- 

chine outfitted with a vacuum furnace and silicon-carbide platens. 

Before each test, the furnace chamber was evacuated to 10–4 torr. 

The samples were then heated to the test temperature at a rate of 

20 K/min, and soaked at the test temperature for 15 min under 5 

N load. These samples still exhibited a metallic luster after hot de- 

formation, indicating that oxidation was effectively avoided during 

the testing. 

Nanoindentation was performed on an Agilent Nano Indenter 

G200 with a Berkovich diamond tip to characterize the modulus 

and hardness. All indents were conducted, using a continuous stiff- 

ness method protocol to an indentation depth of 10 0 0 nm. The av- 

erage values collected at the indent depths of 500 to 600 nm are 

considered the modulus and hardness values obtained from one 

experiment. 

2.3. Structures characterizations 

Phase identification of the as-prepared samples was performed 

by X-ray diffraction (XRD, Rigaku Smart Lab) equipped with a 

monochromator. The crystallographic information was collected in 

the range of 2 θ = 20 °–100 ° with a scanning speed of 2 °/min. 

Microstructural characterization was conducted under scanning 

electron microscopy (SEM, JSM-7100F) equipped with electron 

backscatter diffraction detector (EBSD, an EDAX-TSL OIM system) 

and transmission electron microscopy (TEM, FEI Talos F200X) at 

200 kV. EBSD images were acquired at a step size of 0.4 µm. In 

particular, the atomic-scale structure analysis was performed, em- 

ploying Cs-corrected TEM, FEI Themis G2 300 at 300 kV. The dis- 

location analysis was conducted on the FEI Tecnai G2 operating at 

200 kV. The in-situ tensile observation was conducted on FEI Talos 

F200X at a loading rate of 1 nm/s. The relative volume fraction of 

precipitates is statistically quantified on SEM images (at least five 

images) using the image processing software, MIPAR. 

The samples for nanoindentation, SEM, and EBSD were pre- 

pared with a VibroMet 2 Vibratory Polisher. Their surfaces were 

ground using SiC papers (final grit size P30 0 0) and the final pol- 

ishing work was completed using active oxide polishing suspension 

(OPS) consisting of 50 nm colloidal silica. The samples used for 

dislocation analysis were processed by ion milling on Gatan 691. 

Other samples for the TEM observation were prepared by an FEI 

Helios NanoLab 600i Beam focused ion-beam (FIB) instrument. 

Three-dimensional atom probe tomography (3D-APT) was per- 

formed with a Local Electrode Atom Probe (CAMECA LEAP 40 0 0X 

Si) at a specimen temperature of 50 K, a detection rate of 0.8%, 

a pulse repetition rate of 200 kHz and an ultraviolet laser energy 

of 60 pJ in a laser-pulsing mode. Tip-shaped specimens for the 

3D-APT tests were fabricated by a lift-out method and annularly 

milled in a FIB instrument. The estimated volumes of these sam- 

ples before and after deformation were 1.87 × 105 and 1.10 × 106 

nm3 , respectively. An Interactive Visualization and Analysis Soft- 

ware (IVASTM , version 3.8.2, CAMECA) was utilized to reconstruct 

the collected data and process the compositional analysis [34] . 

3. Results 

3.1. Microstructure characteristics 

Only BCC-type structures exist in the B-free (BF) RHEAs, while 

in B15 RHEAs, the BCC-type and orthorhombic structures appear, 

identified by XRD patterns (Fig. S1 in Supporting Information). In 

the B15 alloy, the weak peaks (marked by triangles) are related to 

the orthorhombic phase, whose structural characteristics are simi- 

lar to those of TiB phases [35] . It is worth noting that in the B15 al- 

loy ( Fig. 1 (a, b )), a large number of needle-like particles precipitate 

in the matrix, which are the aforementioned MCNPs. According to 

statistics, in the B15 alloy, the volume fraction of the needle-like 

particles is about 2%. It is determined that the grain sizes of BF 

and B15 alloys are 117.5 and 29.8 µm, respectively, based on the 

EBSD data analysis ( Fig. 1 ( c , d )). With the introduction of a minor 

amount of B, the grain size of the alloy decreases significantly. This 
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Fig. 1. Microstructure of BF and B15 alloys. (a) Backscatter electron (BSE) images of the B15 alloys. (b) Higher-magnification BSE images of the B15 alloys. (c, d) EBSD images 

of the BF and B15 alloys, respectively. 

Fig. 2. Microstructure and elemental distribution of MCNPs in B15 alloys. (a) HADDF-STEM image showing the double-phase morphology. (b, c) The SAED and corresponding 

structural schematics of the matrix and precipitated phase, respectively. (d) EDS compositional maps showing the elemental distributions of each element, labeling different 

colors. (e, f) The HADDF and ABF micrographs of the MCNPs, respectively, showing the interface orientation of B27 [010]//BF[001]. 

is mainly because B acts as an inoculant to promote the hetero- 

geneous nucleation process during solidification, which has been 

confirmed in other alloy systems [36,37] . 

The TEM characterization was conducted on the as-prepared 

samples to obtain more comprehensive crystallographic structure 

information. Fig. 2(a) represents a high-angle annular dark field 

(HADDF) image of B15 alloys. The selected area electron diffrac- 

tion (SAED) patterns and corresponding structural schematics of 

the matrix and precipitated phase are presented in Fig. 2 ( b , c ), 

respectively, which were collected from the zone axis parallel to 

[001]. The matrix phase can be determined to be a kind of ordered 

BCC structure, called the B2 structure, which is one of the varia- 

tions of the BCC structure. The same ordered BCC structure is iden- 

tified in the BF alloys (Fig. S2(a)). The precipitated phase has an 

orthorhombic structure, consistent with the XRD results ( Fig. 1(a) ). 

Compared with the matrix, Al and Mo atoms are largely depleted, 

while Ti and Nb are slightly enriched in the precipitated phases 

( Fig. 2(d) ). Subsequently, the detailed phase composition and ele- 
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Fig. 3. (a) 2D reconstruction atom maps. (b) Proximity histogram across the matrix and MCNPs. The green arrow in (a) denotes the detected line across the matrix and 

MCNPs in (b). 

mental distribution were investigated by 3D-APT ( Fig. 3 ). From the 

two-dimensional (2D) reconstruction atom maps ( Fig. 3(a) ), it can 

be observed that the four elements of Al, Mo, Nb, and Ti are uni- 

formly distributed in the matrix. However, in the MCNPs, the Al 

and Mo elements are significantly depleted, consistent with the 

observations in Fig. 2(d) . The detailed compositions of the two 

phases can be read from the corresponding proximity histogram. It 

can be found that the solubility of element B in the matrix is about 

0.1 at.%, while most of the boron is enriched in the MCNPs. Their 

crystal structure is the same as that of the TiB phases, but part 

of the Ti atoms is replaced by different proportions of Al, Mo, and 

Nb atoms, thus forming the characteristic multicomponent ceramic 

phase. The width of these borides is around 20–100 nm, analyzed 

from BSE microscopy and HADDF images. Remarkably, all diffrac- 

tion spots are elongated into thin lines in the SAED of the MNCPs, 

demonstrating the existence of stacking faults [38] . 

To understand the stacking-fault mechanism more intuitively, 

the HADDF and annular bright-field (ABF) micrograph of the MC- 

NPs are acquired under an aberration-corrected scanning trans- 

mission electron microscope (STEM) ( Fig. 2 ( e , f )). It can be ob- 

served that B27 and BF structures have good compatibility, which 

is because the (200)B27 planes fit excellently onto (110)BF planes, 

i.e., (200)B27 //(110)BF [39,40,41] . This fact makes it possible for the 

stacking disorder to occur. The HADDF-STEM micrograph of the 

B2 matrix phase is obtained (Fig. S2(b)), from which the lattice 

constant is statistically 0.3325 nm, slightly larger than 0.3252 nm 

obtained from the XRD analysis. In the B2 phases, obtained by 

the fast Fourier transformation (FFT), the diffraction spot of (100) 

planes can be verified, further proving the ordered structure (the 

inset of Fig. S2(b)). Based on the quantification of the Super-X EDS, 

the composition of the B2 matrix is 19.08Al-16.48Mo-30.24Nb- 

34.06Ti-0.14B (at.%), whereas that of the needle-like MCNPs can be 

regarded as 0.18Al-3.13Mo-24.75Nb-19.07Ti-52.87B (at.%). 

Based on the above analysis, it is noteworthy that the crys- 

tal structure of the MCNPs is particularly analogous to those of 

TiB and NbB. These borides, belonging to the Topological Close- 

Packed (TCP) phases, generally exhibit a hard and brittle be- 

havior due to the lack of an effectively movable slip system. 

The CALculation of PHAse Diagram (CALPHAD) calculations of 

the (AlMoNb2Ti2)100–x Bx alloys were developed using TCHEA3 

databases via ThermoCalc software (Fig. S3). During the solidi- 

fication of B15 alloys, the B2 phase is first precipitated in the 

metal liquid. Subsequently, the remaining liquid transforms into 

the MB phases with a B33 structure, in which M is a metal compo- 

nent. With further reduction of the alloy temperature, MB phases 

transform into the studied MCNPs. The polymorphic transforma- 

tion common in Ti alloys (i.e., the β → α transformation) will not 

continue to occur in the matrix because there are enough Mo and 

Nb atoms to inhibit the process. 

3.2. Mechanical properties and thermal stability 

The room-temperature compressive experiments of these alloys 

were then performed ( Fig. 4(a) ). At least five samples were tested 

for each composition. The BF samples have a yield strength ( σ Y ) 

of 1085 ± 40 MPa, but a plastic strain of less than 5%. It does not 

exhibit obvious work-hardening behavior during deformation, and 

fracture occurs at 935 ± 50 MPa. It is a common phenomenon that 

most RHEAs with ordered structures usually present poor plastic- 

ity at room temperature [11,32] . Surprisingly, due to the introduc- 

tion of appropriate MCNPs, the B15 samples show evident work- 

hardening behaviors, and their plasticity increases by about five 

times up to 23.5% ± 1.5%, compared with that of the BF samples. 

Not only has plasticity improved, but its strength has also exhib- 

ited a noteworthy increase, with a yield strength of 1380 ± 65 MPa 

and an ultimate strength of 1800 ± 30 MPa. As a brittle ceramic, 

the MCNPs are diffusely distributed in the alloy system with neg- 

ligible deformability, which unexpectedly realizes the synchronous 

enhancement of strength and plasticity. Particularly, the enhanced 

plasticity in the RHEAs via brittle ceramic particles is an unusual 

phenomenon. 

The Young’s modulus and hardness of the B15 alloy are 171.4 

and 6.71 GPa, and those of the BF alloy are 164.1 and 6.26 GPa, re- 

spectively, obtained by nanoindentation experiments. The density 

of the B15 alloy was measured to be about 6.48 g/cm3 , close to 

the density value of 6.46 g/cm3 calculated by the rule of mixture 

(ROM), which is lower than those of traditional Ni-based alloys 

and most RHEAs. The stress–strain curves of BF and B15 alloys at 

high temperatures are presented in Fig. 4(b) . The yield strengths of 

these alloys at different temperatures are listed in Table S2. With 

the increase of temperature, the yield strength of BF alloys gradu- 

ally decreases, and are 700 ± 40, 670 ± 45, and 440 ± 50 MPa at 

60 0, 80 0, and 1,0 0 0 °C, respectively. And the yield strengths gradu- 

ally decrease, and are 1050 ± 50, 10 0 0 ± 30, and 510 ± 65 MPa at 

60 0, 80 0, and 10 0 0 °C, respectively. At 1,0 0 0 °C, neither the BF nor 

B15 alloy fractures under compression. It is noted that the yield 

strength of B15 alloys remains above 500 MPa at 1000 °C. Based on 

the parameters of B15 alloys, the curve of the temperature depen- 

dence of the specific yield strength (the ratio of yield strength to 

density) is drawn ( Fig. 4(c) ). The thermally-activated, diffusionless 

dislocation glide changes to the diffusion-dominated dislocation 

slip or climbing at 0.5–0.6 Tm [8] . The temperature range of B15 

alloys is about 830–1050 °C, as calculated by the ROM. Compared 

with the disordered RHEAs, B15 alloys with an ordered structure 
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Fig. 4. Mechanical properties of BF and B15 alloys at different temperatures. (a) Stress–strain curves of two alloys at room temperature under compression. (b) Stress–strain 

curves of two alloys at high temperatures. (c) The temperature dependence of the specific yield strength in the B15 alloys, other typical RHEAs, and superalloys. 

Fig. 5. Room-temperature plasticity vs 10 0 0 °C specific yield strengths of representative RHEAs. 

have stronger interatomic bonding, which makes them still stable 

at high temperatures and dislocation initiation insensitive to tem- 

perature. 

The room-temperature plasticity vs 10 0 0 °C specific yield 

strengths of representative RHEAs are summarized in Fig. 5 

[1,42,43] . Although the available RHEAs all exhibit outstanding spe- 

cific strengths at high temperatures, they almost all lack suffi- 

cient plasticity at room temperatures, and some of them do not 

even have high-temperature plasticity, which greatly limits their 

engineering applications [42] . It should not be ignored that for 

air/aero vehicles, reducing the density is an important way to 

improve energy conversion efficiency. At present, it is of great 

significance to develop RHEAs with both high-temperature spe- 

cific strengths and room-temperature plasticity. Some RHEAs with 

only BCC structures, labeled by rhombuses and squares, have 

good room-temperature plasticity, but their high-temperature spe- 
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Fig. 6. Slow growth of grains at 10 0 0 °C. (a) The variation of grain size as a function of annealing time. (b) Room temperature stress–strain curves of the B15 alloys annealed 

at 10 0 0 °C for 120 h. (c, d) EBSD inverse pole figures for BF and B15 samples annealed at 10 0 0 °C for 120 h, respectively. 

cific strength is not sufficient. Other RHEAs with only BCC struc- 

tures, represented by MoNbTi and CrMoNbV, possess high specific 

strengths at elevated temperatures, which is due to the mech- 

anism of nonscrew-character dislocation-dominated deformation 

[1] . However, they maintain poor plastic deformability and still suf- 

fer from catastrophic fractures. The introduction of the TCP phases 

into RHEAs with BCC structures, labeled by triangles, significantly 

reduces its room-temperature plastic deformability. This indicates 

that it is particularly meaningful to suppress the formation of TCP 

phases or to regulate their size and distribution. RHEAs with B2 

structures, labeled by circles, have almost no plastic-deformation 

behavior due to dislocation slip being limited by the superstruc- 

ture [6] . Among this class of RHEAs, AlMo0.5 NbTa0.5 TiZr0.5 exhibits 

the highest specific strength at 10 0 0 °C, compared to all other re- 

fractory alloys. However, the present B15 alloy achieves a decent 

combination of strength and plasticity by introducing a moderate 

amount of MCNPs. 

In the high-temperature service, the stability of the grain size 

is of vital importance for the mechanical properties. Hence, long- 

duration annealing was conducted in BF and B15 alloys at a high 

temperature of 10 0 0 °C for 120 h ( Fig. 6 ). It is well noticed that af- 

ter annealing, the BF samples undergo significant coarsening, while 

the B15 samples remain almost constant ( Fig. 6 ( c , d )). The MC- 

NPs distributed near the grain boundary are believed to restrict the 

movement of the grain boundary by Zener pinning [44,45] . Com- 

pared with BF alloys, the migration rate of the grain boundary in 

B15 alloys is greatly limited by the existence of the MCNPs. Sim- 

ilar cases of improving grain stability by introducing borides have 

been reported in Ti alloys [44,46] . The stress–strain curve of the 

annealed B15 alloy is presented in Fig. 6(b) . Its yield strength is 

1,180 ± 60 MPa, with a plastic deformation of 24% ± 2%. Compared 

to the unannealed samples, the yield strength of this alloy has de- 

creased by approximately 200 MPa, while the plastic deformability 

remains almost unchanged. This also indicates that the B15 alloy 

exhibits excellent thermal stability. 

3.3. Microstructure deformed at room temperature 

Fig. 7(a) represents the micromorphology of the B15 samples 

after 3% deformation at room temperature. It can be seen that 

a large number of dislocations, generated in the B2 matrix, pile 

up near the phase boundary between the MCNPs and B2 phases. 

The diffraction spots corresponding to the (100) superlattice can 

be seen to disappear in the range of approximately 300 nm near 

the phase boundary, from the SAED with the zone axis parallel to 

[100]B2 (the inset of Fig. 7(a) ). This result is likewise detected in 

the deformation area under the indentation ( Fig. 7(d) ). The disap- 

pearance of the diffraction spots suggests that the transition from 

ordering to disordering has occurred. It has been established that 

the diffraction intensity, I , is positively correlated with the struc- 

ture factor, F , of a unit cell. Subsequently, F can be expressed as 

follows [47] : 

FHKL =

n 
∑ 

j=1 

f j e
2 π i( Hx j + Ky j + Lz j ) (1) 

where HKL denotes the Miller indices of a given crystallographic 

plane, f j the scattering factors for different sites in a unit cell. In 

crystals with BCC-type structures, there are generally two differ- 

ent sites occupied by atoms, namely the body-centered position 

(BP) and the vertex position (VP). Therefore, the expression for the 

structure factor, F , of the (100) plane can be written as [47] : 

F =
∣

∣ fBP − fVP 
∣

∣ (2) 

The magnitude of the scattering factor, f j , is only related to the 

elements at the sites. In multicomponent alloys with chemically 

disordered structures, the possible atoms at BP and VP are ran- 

dom with equal probability. It implies that fBP and fVP are identi- 

cal, meaning that the (100) planes do not form diffraction spots in 

the chemically-disordered alloy. The reason for the disappearance 

of diffraction spots can be explained clearly by the aforementioned 
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Fig. 7. Microstructure characterization of the B15 alloys after plastic deformation. (a) The micromorphology of the B15 alloys after 3% deformation at room temperature, and 

the insets are the SAED, showing a disordered structure. (b) TEM image at locations away from the MCNPs, and the insets are the SAED, presenting an ordered structure. (c) 

Schematic of the dislocations numbered 1 to 8 for the dislocation-line-direction analysis (The corresponding dislocation morphology is presented in Fig. S4 with different g 

vectors under two-beam conditions). (d) TEM image of the B15 alloys underneath indentation, illustrating the same disordered structure. (e) A high-resolution HADDF-STEM 

image near MCNPs, and (f) the associated FFT images. 

theory from the perspective of physics. In the B15 alloys with or- 

dered structures, these atoms near MCNPs move from BP to VP, 

or from VP to BP during the deformation process, contributing to 

the transition from ordering to disordering. This behavior may be 

caused by plastic deformation or dislocation glide. 

To further confirm the fact, a random field in the vicinity of 

the phase boundary was selected for high-resolution HADDF-STEM 

observations ( Fig. 7(e) ). It can be concluded from the FFT image 

that there is no superlattice structure at the phase boundary of 

B15 alloys after deformation ( Fig. 7(f) ). Nevertheless, what is more 

intriguing is that the diffraction spots corresponding to the (100) 

superlattice do not disappear at locations away from the MCNPs, 

through the SAED with the zone axis parallel to [110]B2 (the in- 

set of Fig. 7(b) ). It demonstrates that the ordered structure re- 

mains here, and the ordering-to-disordering transition occurs only 

in a small region around the MCNPs. The dislocation density in 

this field of view is much lower than that near the MCNPs. More- 

over, some of the super dislocations, marked by red arrows, are 

observed to have undergone dissociation ( Fig. 7(b) ). 

For further clarification of the mechanism of dislocation mo- 

tion, the TEM observation was performed in the region away from 

the MCNPs under two-beam conditions. The BF TEM images of the 

B15 samples after 3% plastic deformation are presented in Fig. S4, 

which were taken under two-beam conditions along the zone axis 

of [001] or [ ̄1 13 ] with different g vectors. A substantial number of 

dissociated super dislocations are observed, consistent with the re- 

sults in Fig. 7(b) . Some of the dislocations are bent, which may be 

related to the interaction between dislocations and local composi- 

tional fluctuations [43] . The solute atoms on the pathway of dis- 

location movement play the role of pinning and make them bow 

out [48] . In addition, by comparing Figs. 7(a, b) and S4, an inter- 

esting phenomenon is found that the projection length of dislo- 

cation lines varies greatly near and away from MCNPs. The projec- 

tion length of the former is only about 10 nm, while the projection 

length of the latter is almost more than 100 nm. Through the anal- 

ysis of the invisibility criterion (Table S3), the Burgers vector, b, of 

the selected dislocation is defined ( Fig. 7(c) ). The dislocations with 

the Burgers vectors of 1 / 2[111 ] and 1 / 2[111̄ ] dominate the defor- 

mation process in the B15 alloy. A very small number of [100] dis- 

locations, marked by #8 (Figs. 7(c) and S2(d)), are also detected in 

the upper right corner, which is formed through the interaction of 

< 111 > dislocations, common in the kind of B2 alloys, such as FeAl 

[49,50] . Subsequently, by the two-projection method with different 

zone axes [43] , the line directions of the typical dislocations were 

analyzed, and the specific information is summarized in Table S4. 

Through the analysis of the relationship between the line direction 

and the Burgers vector on each dislocation, it can be found that 

all dislocations are of mixed character, i.e., there is no pure screw 

or edge dislocation. Compared with #4, #6, and #7, dislocations 

#1, #2, #3, and #5 have more screw character, because the angle 

between the line direction and the Burgers vector is close to 0. It 

can be proved that the movement of dislocations occurs mainly on 

the {110} and {123} planes in the B15 alloys, calculated from ξ × b

( ξ refers to the line direction of each dislocation). The sufficiently 

small deviations are calculated as the angle between ξ × b and the 

slip plane. 
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Fig. 8. Mechanism for the disordering behavior. (a–c) The step-by-step records at different moments of the deformation process in the in-situ tensile experiments, and corre- 

sponding SAED, respectively. (d) Schematic of the formation of the disordering process. (e) Proximity histogram of the ordered and disordered regions, and 2D-compositional 

contour maps revealing the elemental distribution of boron before and after deformation. 

So far, the microstructure characteristics of the B15 alloy de- 

formed at room temperatures are clear, which can be summarized 

as follows: i) the dissociated super dislocation dominates the plas- 

tic deformation; ii) all dislocations are of mixed character; iii) dis- 

location pileups exist near MCNPs, and iv) the transition from the 

chemically ordered B2 to disordered BCC phase occurs in the re- 

gion near the phase boundary. 

4. Discussion 

4.1. Origin of the disorder 

To clarify the underlying mechanism, it should be first demon- 

strated whether the transition from ordering to disordering is 

caused by plastic deformation or dislocation movement. Therefore, 

the in-situ tensile experiments of the B15 alloys were conducted 

with an in-situ loading device equipped with TEM ( Fig. 8 ( a –c ) and 

Movie 1). The step-by-step records at different moments of the 

deformation process are shown, operated along the g vector of 

[200] under the two-beam condition. By suspending the loading 

stress, the SAED was obtained at the moment corresponding to 

Fig. 8 ( a –c ). With the increase in strain, the (001) superlattice re- 

flection gradually disappears near MCNPs, which indicates that the 

structure factor, F , is decreasing. Furthermore, it is proved that the 

restrictions on the types of atoms are being weakened on body- 

centered and VPs. It can be seen ( Fig. 8(c) ) that the diffraction 

spots representing (001) planes no longer exist, which fully con- 

firms that the intensification of strain enables the transition from 

ordering to disordering. 

From the above evidence, it can be considered that the move- 

ment of dislocations in the process of plastic deformation pro- 

motes the transition. So, the dissociation behavior of super dislo- 

cations throughout the deformed B15 alloys was analyzed in detail. 

Generally, in BCC alloys, the Burgers vector of an ordinary disloca- 

tion is a /2 < 111 > ( a denotes the lattice constant), which moves on 

the slip planes along the < 111 > direction, that is, the distance of 

jumping one atom at a time [51] . However, the superlattice dis- 

location needs to move the distance of two atoms to maintain 

the ordered structure (the left part of Fig. 9(b) ). Nevertheless, the 

movement of super dislocations to maintain the ordered structure 

is required to overcome great resistance, so it is difficult to occur. 

Naturally, these super dislocations are dissociated in the process of 

coordinated plastic deformation, which can be expressed as [51] : 

a〈 111 〉 =
a 

2 
〈 111 〉 + APB +

a 

2 
〈 111 〉 (3) 

where APB represents an antiphase boundary. It can be seen that 

two partial dislocations I, II, and one APB tube constitute the exist- 

ing form of dissociated super dislocations ( Fig. 9(b) ). Partial dislo- 

cations move only one atom’s distance at a time, greatly reducing 

the resistance to slip, but it also promotes the emergence of APB, a 

local region of the chemical disorder [52] . This behavior is widely 

found in different ordered alloys through various characterization 

methods, such as Ti-6Al [53] , Ni3 Al [54] , and FeAl [55,56] , and also 

appears in the B2-type RHEAs studied at present. 

Fig. 9(a) displays the results of the inverse FFT (IFFT) in the B2 

matrix of the B15 alloys with 3% deformation, selecting two {1 1 

0} slip-plane reflections in the FFT pattern. It can be found that 
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Fig. 9. Deformation characteristics of B15 alloys. (a) IFFT picture in the B2 matrix of the B15 alloys with 3% deformation, selecting two {1 1 0} (slip-plane reflections in 

the FFT pattern. (b) Schematic of the formation of APB. (c, d) The schematics of the microstructures before and after deformation, respectively, showing the special hard- 

softening-hard heterogeneous structure. 

the semi-atomic plane of the dislocation with edge component is 

prevalent in the class of alloys, labeled by the red arrow. In the 

vicinity of these dislocations with edge components, misalignment 

or distortion of the atomic planes can be observed, which is the 

disorder of atomic arrangement caused by the formation of APB 

[55] . In addition, the interaction of dislocations and point defects 

can contribute to the occurrence of climbing. The behavior can also 

generate local chemical disorder, as presented by the dislocation III 

( Fig. 9(b) ) [57] . In a word, the formation of APB tubes and climbing 

behavior in dislocation movement can lead to the local transition. 

Why is the transition from ordering to disordering only realized 

near the MCNPs? The inhomogeneous deformation caused by the 

introduction of hard particles is mainly responsible for this phe- 

nomenon. Before and after macro yielding, the presence of geo- 

metrically necessary superlattice dislocations (GNSDs) coordinates 

the plastic deformation near the interface between B2 phases and 

MCNPs to inhibit the sprouting of microcracks [58] . These GNSDs 

continue to accumulate at the interface, accompanied by dissocia- 

tion and climbing, and finally form a high-density dislocation re- 

gion with a certain thickness ( Fig. 8(d) ). In the region, the increase 

in the APB density, induced by dislocation pileups, gradually makes 

the destruction of the ordered structure possible ( Fig. 9 ( c , d )) 

[59] . Inhomogeneous deformation often leads to stress concentra- 

tion and further dislocation accumulation at the interface [60,61] . 

It emphasizes that dislocation pileups are the reason for the tran- 

sition. It is enough to explain why there is no transformation in 

the region away from MCNPs in the B15 alloys and the whole 

region of the BF alloys. In Refs. [54–56] , after severe plastic de- 

formation, such as high-pressure torsion (HPT), the superlattice- 

diffraction spots of intermetallics with a chemically ordered struc- 

ture disappear under the TEM observation. The reason for the 

transformation is consistent with the present results, and it is also 

because the high density of dislocations leads to the accumulation 

of APB. 

Moreover, the elemental distributions in the ordered and dis- 

ordered regions are captured, respectively ( Fig. 8(e) ). From the 

one-dimensional (1D) compositional profile, there is no obvious 

difference in elemental concentrations near the interface before 

and after deformation. By comparing the 2D-compositional con- 

tour maps, it can be demonstrated that the elemental distribu- 

tion of boron also does not change after deformation. In combi- 

nation with the above analysis, the dislocation movement realizes 

the transition only by changing the local atomic occupation, while 

the long-range diffusion of elements does not occur during plastic 

deformation. 

4.2. Mechanism for improvement of plasticity 

It can be judged that the enhancement of plasticity of B15 al- 

loys stems from the formation of the chemically disordered region 

near MCNPs, compared with BF alloys. Because it is the largest 

difference observed between them so far. To verify the hypothe- 

sis, the Kernel average misorientations (KAMs) for the B15 samples 

with deformations of 0%, 6%, 15%, and fracture are plotted ( Fig. 10 ). 

It is widely accepted that the misorientations in different deforma- 

tion stages can represent the approximate distributions of disloca- 

tions. In other words, the greater the misorientation, the higher the 

dislocation density at the position [62,63] . In Fig. 10(a) , the green 

line denotes the low-angle grain boundaries, which also appear in 

Fig. 10 ( b , c ), but are not obvious. With the increase of deformation, 

the overall dislocation density increases continuously. In particu- 

lar, the red dots, regarded as a high-density dislocation area, are 

commonly found near the black dots that denote MCNPs. From the 

KAM picture of the fractured samples, it can be found more clearly 
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Fig. 10. KAM for the B15 alloys with deformations of (a) 0%, (b) 6%, (c) 15%, and 

(d) fracture respectively. 

that high-density dislocations are clustered near MCNPs. But there 

are almost no dislocations responsible for plastic deformation in 

the place without MCNPs. The fact fully illustrates that the dislo- 

cation movement becomes more active at the interface between 

the two phases. The enhancement of the activity occurs exactly in 

the region of a deformation-induced disorder. 

Compared with the disordered structure, the emission of dis- 

locations needs to overcome the additional energy barrier in the 

ordered alloys [64,65] . When these dissociated super dislocations 

slip into the disordered region, the restraining effect of the APB 

energy on the partial dislocations is significantly reduced. There- 

fore, it is beneficial for the two partial dislocations to slip relatively 

independently. In addition, the reduction in the length of the Burg- 

ers vector, from the ordered structure of a < 111 > to the disordered 

structure of a /2 < 111 > , drives the decrease in the dislocation-slip 

resistance accordingly [57] . In short, in the disordered region, the 

movement of dislocations will be subject to less resistance and 

lower energy barriers required to overcome. 

So far, it has explained why the introduction of hard and brittle 

TCP phases improves the plasticity of the B15 alloys abnormally. 

Although the MCNPs are very brittle, their existence creates many 

“softening” regions through the transition from ordering to disor- 

dering near the yield point. The “softening” does not mean that 

the strength of the region decreases, but that the mobility of these 

dislocations is significantly increased, compared to that of the or- 

dered structure. Even if the volume fraction of MCNPs is only 2%, 

it is enough to improve the plastic deformability of the B15 alloys. 

It is mainly attributed to the fact that the MCNPs with nanometer 

width can achieve a ratio of surface area to volume large enough. 

More opportunities to form “softening” areas are available near 

these boundaries. However, the introduction of excessive B ele- 

ments not only fails to improve plasticity, but also worsens it. In 

the B5 alloys (the concentration of B is 5 at.%), brittle fracture oc- 

curs, because the size of the ceramic particles reaches even the mi- 

cron level (Fig. S5). It is not difficult to understand that in the B5 

alloy, the increase in the number of B elements only leads to the 

coarsening of ceramic particles, and it cannot further trigger more 

“softening” areas. The experimental result coincidentally proves the 

rationality of the mechanism discussed at present from another 

perspective (that is, more boundaries introduce more “softening”

areas). Special hard-softening-hard heterogeneous microstructures 

are built into the B15 alloy, as shown in Fig. 9(d) , where the hard 

and brittle MCNPs are encapsulated by “softening” regions. These 

areas, acting as dislocation sources, improve the mobility of dis- 

location, effectively promoting homogeneous deformation, and fur- 

ther inhibiting the premature initiation of cracks. 

4.3. Possibility of other mechanisms 

It is known that grain refinement can generally improve 

strength without loss of plasticity. From the previous extensive ex- 

perience, the refinement of grain sizes from hundreds of microns 

to dozens of microns could improve plasticity [66–68] . This reason 

can be attributed to the fact that more grains are involved in de- 

formation, further reducing the possibility of stress concentration 

and promoting uniform plastic deformation. In the alloy system 

studied, the enhancement of plasticity is likely caused by the sig- 

nificant reduction in the grain size from BF to B15 alloys. However, 

the insight can be denied by the B015 alloy (the concentration of B 

is 0.15 at.%) as the control group. The B015 alloys with almost the 

same grain size as B15 alloys do not exhibit sufficient improvement 

in plasticity (Figs. S6 and S7). In the plastic-deformation stage, the 

softening of B015 alloys is slightly suppressed, compared to the 

BF alloys. These facts illustrate that grain refinement does promote 

homogeneous deformation and is not the underlying cause of the 

substantial increase in plasticity in the B15 alloys. From the per- 

spective of inhibiting softening, compared with BF alloys, the in- 

troduction of brittle borides with nanoscale width does not aggra- 

vate the inhomogeneous deformation. On the contrary, more sta- 

ble plastic deformations are achieved in the B15 alloys through the 

mechanism of the ordering-disordering transition near MCNPs. 

Compared with the situation without the B element, the yield 

strength is increased by 295 MPa in the B15 alloys. This enhance- 

ment is not just due to grain refinement, and the additional im- 

provement of strength in the B15 alloys can be attributed to i) the 

generation of GNSDs near MCNPs to accommodate strain incom- 

patibility [37,41] ; ii) load transfer from the B2 to MCNPs reinforce- 

ment through interfacial shear stresses (Load-sharing mechanism) 

[37,69,70] . 

The addition of the trace boron, as a small-size atom, tends 

to segregate at defects, such as grain boundaries and dislocations 

[71,72] . In the past few decades, the segregation of element B at 

grain boundaries has been recognized to enable a substantial in- 

crease in plasticity for intermetallics with ordered structures, es- 

pecially Ni3 Al. In a recent study [73] , boron was shown to in- 

crease the compression plasticity of inherently brittle NbMoTaW 

alloy. It is acknowledged that the segregation behavior improves 

the cohesive strength at the grain boundaries and fully restrains 

an intergranular fracture [73,74] . In B015 and B15 alloys, the same 

segregation-aggregation behavior is present. The B015 alloys ex- 

hibit modest plastic deformability compared to the BF alloys, in- 

dicating that the increase in the cohesive strength is beneficial for 

improving the plasticity in the present alloys. 

5. Conclusions 

In summary, the introduction of the MCNPs into the B2-type 

RHEAs enables simultaneous increases in both strength and plas- 

ticity. Compared with the BF alloys, the plasticity is increased by 

about five times up to 23.5%, and the yield strength is slightly in- 

creased to 1380 MPa in the B15 alloys. With the increase in tem- 

perature, its yield strengths at 60 0, 80 0, and 10 0 0 °C are 1050, 

10 0 0, and 510 MPa respectively. In addition, due to the effect of 

Zener pinning, the grain boundary maintains high stability, and the 

grain size hardly changes after annealing at 10 0 0 °C for 120 h. 

The transition from ordering to disordering occurred in the 

vicinity of the MCNPs, observed in the in-situ TEM experiment. It 
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is explained in terms of the formation of APB tubes and climb- 

ing behavior driven by high-density dislocations. In these regions, 

as a sandwich between the B2 phases and MCNPs, the mobility of 

dislocations was detected to be remarkably enhanced, i.e., the ini- 

tiation of “softening.” The “softening” behavior occurs because the 

energy barrier required to overcome the emission of ordinary dis- 

locations is lower than that of super dislocations. This unique het- 

erogeneous structure within the B15 alloys adequately coordinates 

the plastic deformation and inhibits the premature occurrence of 

microcracks. 
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