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a b s t r a c t 

The oxide dispersion strengthening (ODS) high entropy alloy (HEA) exhibits the high elevated temper- 
ature performance and radiation resistance due to severe atomic lattice distortion and oxide particles 
dispersed in matrix, which is expected to become the most promising structural material in the next 
generation of nuclear energy systems. However, microstructure and damage evolution of irradiated ODS 
HEA under loading remain elusive at submicron scale using the existing simulations owing to a lack of 
atomic-lattice-distortion information from a micromechanics description. Here, the random field theory 
informed discrete dislocation dynamics simulations based on the results of high-resolution transmission 
electron microscopy are developed to study the dislocation behavior and damage evolution in ODS HEA 
considering the influence of severe lattice distortion and nanoscale oxide particle. Noteworthy, the dam- 
age behavior shows an unusual trend of the decreasing-to-increasing transition with the continuous load- 
ing process. There are two main types of damage micromechanics generated in irradiated ODS HEA: the 
dislocation loop damage in which the damage is controlled by irradiation-induced dislocation loops and 
their evolution, the strain localization damage in which the damage comes from the dislocation multipli- 
cation in the local plastic region. The oxide particle hinders the dislocation movement in the main slip 
plane, and the lattice distortion induces the dislocation sliding to the secondary slip plane, which pro- 
motes the dislocation cross-slip and dislocation loop annihilation, and thus reduces the material damage 
in the elastic damage stage. These findings can deeply understand atomic-scale damage mechanism and 
guide the design of ODS HEA with high radiation resistance. 

© 2024 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 
Technology. 

1. Introduction 

Energy has always been the foundation of the development of 
human society and civilization. However, with the rapid progress 
in society and the advancement of industrial technology, fossil en- 
ergy, such as oil and coal which human beings rely on for survival, 
is declining sharply. Also, the utilization of other renewable energy, 
such as wind energy, water energy, and solar energy, is not enough 
to replace fossil energy [ 1 , 2 ]. Therefore, the achievement of soci- 
etal sustainable development and the preservation of the natural 
environment have emerged as a significant challenge for human- 
ity in the 21st century [3] . Nuclear energy is a well-established 
and extensively deployed energy, which is regarded as a pivotal 
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solution to address future energy challenges. However, under the 
extreme service environment, the performance and life of mate- 
rials become the key factors restricting the development of nu- 
clear energy and determining the safety of nuclear reactors [4–6] . 
The structural components of nuclear reactors are exposed to high- 
energy particle radiation for a long time, resulting in a large num- 
ber of point defects, such as vacancies and interstitial atoms [7–9] . 
These point defects migrate and aggregate, leading to the forma- 
tion of dislocation loops and voids, ultimately causing degradation 
in the macroscopic properties of the material [ 10 , 11 ]. 

High entropy alloys (HEAs) are alloys formed by five or more 
elements with similar contents, which have outstanding mechan- 
ical properties, high-temperature properties, and irradiation resis- 
tance, thus becoming competitive candidates for key components 
of nuclear reactors [12–16] . Experimental research demonstrates 
that HEA exhibits exceptional structural stability under He-ion ir- 
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radiation due to its low mobility of He atoms and point defects 
[17] . Moreover, transmission electron microscopy (TEM) and elec- 
tron energy loss spectroscopy (EELS) experiments show that with 
the increase of the composition complexity of HEAs, the genera- 
tion of perfect dislocation loops is suppressed [18] . Even HEAs with 
scarcely irradiation hardening after helium-ion irradiation have 
been developed. This particular irradiation resistance is attributed 
to the high-density lattice vacancies and low mobility of point de- 
fects [ 19 , 20 ]. Relevant theoretical investigations and simulations 
have been carried out to elucidate the unique radiation resistance 
mechanism of HEA [ 6 , 21 , 22 ]. Molecular dynamics (MD) simula- 
tions of the displacement cascade induced by irradiation in NiC- 
oCrFe HEA show that the low thermal conductivity, enhanced ther- 
mal spikes, and small binding energies of interstitial loops in NiC- 
oCrFe HEA hinder the heat dissipation, leading to delayed growth 
of defects in NiCoCrFe-HEA [22] . Based on large-scale MD simula- 
tion and TEM with in situ ion irradiation characterization exper- 
iments, the presence of chemical short-range ordering is demon- 
strated to decelerate the formation and evolution of point defects 
during irradiation [6] . The irradiation hardening of HEAs with se- 
vere lattice distortion fields is investigated by discrete dislocation 
dynamics (DDD) simulations. The severe lattice distortion in HEAs 
can facilitate the cross-slip of dislocations, leading to a more ho- 
mogeneous distribution of defect-free channels and consequently 
enhancing irradiation performance [21] . Based on the above re- 
searches, the complex composition, unique lattice distortion, and 
hysteresis diffusion effects of HEA can effectively suppress the gen- 
eration of irradiation defects and the degradation of performance. 

The oxide dispersion-strengthened alloys with excellent resis- 
tance to irradiation and high-temperature creep are one of the 
priority candidate materials for the first wall/blanket materials 
in reactors [23–25] . After the He-ion irradiation at high temper- 
atures, the bubbles observed in oxide dispersion strengthening 
(ODS) steels are smaller than the Fe14Cr alloy, indicating higher 
radiation resistance of ODS alloys [26] . Furthermore, the TEM anal- 
ysis of the ODS FeCrNi medium entropy alloy (MEA) reveals that 
the exceptional radiation resistance can be ascribed to the intro- 
duction of high-density oxide nanoparticles, which can act as sinks 
for radiation-induced defects, disperse the distribution of defects, 
inhibit the growth of defects and the segregation induced by irra- 
diation [27] . Another study shows that a smaller oxide particle size 
and higher oxide particle density can lead to greater recombination 
of irradiation-induced defects and improve the radiation tolerance 
of ODS alloys [28] . 

According to the aforementioned works, the excellent resistance 
to irradiation of HEAs and ODS alloys has been demonstrated. The 
complex composition, unique lattice distortion, and diffusion hys- 
teretic effect of HEA, as well as the dispersed oxide particles in 
ODS alloys, can effectively improve the irradiation resistance of the 
alloys. Therefore, the ODS HEA, which combines the characteristics 
of these two alloys, is considered to have significant potential for 
applications in irradiation-intensive environments, such as nuclear 
reactors [25] . The latest research indicates that the ODS HEAs ex- 
hibit excellent irradiation resistance, similar to high-entropy alloys. 
Moreover, the ODS HEAs have an enhanced intrinsic strength at- 
tributed to the existence of ultrafine particles, which impede the 
movement of dislocations and play the role of dispersion strength- 
ening [ 29 , 30 ]. Although developing ODS HEA with high irradiation 
resistance through the novel alloying design and microstructure- 
tailoring has been highly anticipated, relevant irradiation studies 
typically focus on ODS alloys or HEAs, but very little on ODS HEA 

[23–30] . Furthermore, the few reports on irradiation of ODS HEAs 
generally center on the evolution of defects during irradiation, and 
rarely on the properties of ODS HEAs after irradiation. On the 
mesoscopic scale, the radiation properties and microscopic mecha- 
nisms of ODS HEAs still require further elucidation [31] . The dislo- 

cation evolution mechanism under the coupling of oxide particles 
and lattice distortion field has not been revealed. In addition, it has 
been widely accepted that the dislocation interacts with oxide par- 
ticles through the Orowan mechanism [32–34] . However, a large 
number of recent experiments have shown that the nano-scale ox- 
ide particles are coherent or semi-coherent with the matrix, which 
provides support for the oxide particles cut by the dislocation [35–
38] . Therefore, when the oxide particle size is very small, the case 
of the oxide particle being cut by the dislocation should be consid- 
ered. In this research, the lattice distortion field of HEAs measured 
by high-resolution transmission electron microscopy (HRTEM) is 
embedded into DDD simulation through random field theory to 
investigate the evolution of large-scale dislocation and irradiation 
defects during loading in ODS HEAs. The interaction of dislocations 
with dislocation loops and oxide particles is studied in detail. The 
stress damage factor is defined to provide a quantitative descrip- 
tion of the damage degree during the evolution process. The dam- 
age of HEAs and ODS HEAs is compared. 

2. Experiment 

2.1. Material preparation 

The ingot of an equiatomic FeCoCrNi HEA was synthesized by a 
vacuum-induction melting method. High purity ( > 99.9 wt%) el- 
emental metal powders were used as the raw materials for the 
preparation of the FeCoCrNi HEA. Thoroughly mixed powders of 
equal molar ratio were placed in an alumina crucible, and then 
were heated by induction heating in a high-purity argon atmo- 
sphere until they were completely melted. The ingot was remelted 
four times to ensure the uniformity of the various elements and 
cast into a cylindrical mold with a diameter of 10 mm. Prior to 
furnace cooling, the ingot was vacuum-sealed and homogenized at 
1273 K for 12 h. 

2.2. Characterization method 

The equiatomic FeCoCrNi HEA samples were cut by electrical 
discharge machining wire, followed by mechanical polishing into 
a thickness of about 50 μm with SiC sandpaper. In recent years, 
many methods have been developed to measure lattice distortion 
of HEAs, among which HRTEM combined with the geometric phase 
analysis (GPA) is widely accepted. Here, the HRTEM image of the 
undeformed FeCoCrNi HEA sample was obtained by a JEOL JEM 

2100F microscope. 

3. Methodology 

3.1. Lattice distortion to DDD 

In DDD simulation, dislocation movement is obtained by the in- 
tegral of node velocities. The velocity of the dislocation node is 
controlled by the node force and the damping coefficient of the 
dislocation. The force exerted on the node is obtained by superim- 
posing the segment force connecting to the node according to the 
contribution [21] : 

Fi =
∑ 

j 

fi j (1) 

where Fi is the force on the dislocation node i . fi j is the force 
on the dislocation segment i j, which is obtained from the Peach–
Koehler force 

fi j =

∫ 

C j 

N j 
i 
(s ) f PK i j (s )d L (s ) (2) 
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where C j represent the dislocation segment, d L (s ) is the differen- 

tial of the dislocation segment at location s , N j 
i 
is the shape func- 

tion. For node i at location s , 

N j 
i 
(s ) = s (0 ≤ s ≤ 1) (3) 

here, considering the effect of lattice distortion, the Peach–Koehler 
force is expressed as 

f PK ij ( s) =
[

σ ext ( s) + σ disl ( s) + σHEA ( s) 
]

· bij × tij (4) 

where σ ext (s ) is the externally-applied stress, σ disl (s ) is the stress 
from other dislocations, σHEA (s ) is the stress from the lattice dis- 
tortion, bi j represents the Burgers vector of the dislocation seg- 
ment ij, ti j represents the magnitude and the direction of the dis- 
location segment ij . 

For face-centered cubic (FCC) Metals, the velocity of the dislo- 
cation node is 

vi =
fi 

B
∑ 

j Li j / 2 
(5) 

where B is the drag coefficient, Li j is the length of the dislocation 
segment. 

3.1.1. Strain field from experiment 

The lattice image of the FeCoCrNi HEA is shown in Fig. 1 (a). 
The geometric phase analysis of the image was conducted via the 
open-source program Strain ++ . The filtered inverse fast Fourier 
transformation (FFT) image is shown in Fig. 1 (b), indicating that 
the HRTEM image is from the defect-free region of the FeCoCrNi 
HEA. Therefore, it can be guaranteed that the lattice strain field ob- 
tained based on GPA is completely caused by severe atomic lattice 
distortion. The alternating sign of normal strain along the (1̄ ̄1 1) 

direction implies an inhomogeneous strain field. 

3.1.2. Fractal function 

As one of the core effects in the HEAs, the severe lattice dis- 
tortion impedes dislocation movement, leading to solid solution 
strengthening [ 13 , 39–41 ]. The existence of the lattice strain field 
has an important effect on the properties of HEAs, which acts as a 
nonnegligible factor in studying the irradiation hardening of HEAs 
[ 17 , 42 , 43 ]. The fractal function has the characteristics of continu- 
ity, self-affinity, and non-differentiability. The fractal patterns are 
widely observed in many natural phenomena such as surface to- 
pography and precipitation [ 21 , 44 ]. As reported in the experimen- 
tal work, fractal patterns were observed in the strain map of the 
AlCrFeCoNi HEA. Therefore, the fractal function is used to describe 
the random strain field of the HEA in the current study. 

A Weierstrass–Mandelbrot (W–M) function is derived from its 
univariate form [44] : 

W ( r) = 

(

ln γ
M 

)
1 
2 M 

∑ 

m =1 

∞ 
∑ 

n = −∞ 

Am 

[

cos (φm,n ) 

− cos (k0 γ n � nm � r + φm,n )
]

(k0 γ
n ) 

D −4 (6) 

where W ( r) is constant on the circles | r| = cons tan t , γ is a fre- 
quency density parameter of the strain wave, M = 50 represents 
the number of superposed ridges used to construct the surface, m 

means from 1 to M , n is the frequency index, a finite value related 
to the sample size, and Am is the amplitude of the fractal surface. 
In this study, Am = (2 π ) 4 −D 

HD −3 is used to obtain an isotropic 
strain field function in a space, because the widely accepted soft- 
ware packages for DDD simulation are based on the isotropic as- 
sumption [ 45 , 46 ]. D is the fractal dimension of the surface and H
is the strain amplitude. φm,n indicates a random phase. k0 = 2 π/L , 
represents the wave number, which is related to the sample length 
and used to scale horizontal variability. L is the sample length se- 
lected in the measurement of the strain field. γ is a parameter 
related to the frequency density of the surface. γ = 1 . 5 is set to 
match the surface flatness and frequency distribution density of 
the strain field measured by the experiment, � nm are unit vectors 
spaced uniformly over a unit 3D hypersphere. 

Based on the above parameters, a strain field function with a 
fractal pattern is generated as: 

ε( r) = HD −3 

(

ln γ
M 

)
1 
2 M 

∑ 

m =1 

nmax 
∑ 

n =0 

[ 

cos 
(

φm,n 

)

− cos 

( 

2 πγ n 
→ 
n m · r 

L 
+ φm,n 

) ] 
(

γ n 

L 

)D −4 

(7) 

According to Hooke’s law, the stress field corresponding to the 
generated fractal strain field is calculated by σi j = 2 Gεi j + λεkk δi j , 
where σi j is the stress tensor, εi j is the strain tensor, G is the shear 
modulus and λ is the Lamé constants, εkk is the trace of the strain 
tensor, δi j is the Kronecker delta. 

In current work, the fractal dimension and strain amplitude cor- 
responding to the fractal pattern of the experimental strain field 
are evaluated by the structure function method [47] . 

3.1.3. Structure function method 

The discrete structure function in a space is defined as 

S
(

τx , τy 
)

=

〈 
(

z( x, y ) − z
(

x + τx , y + τy 
))2 

〉 

(8) 

where τx = Lhori cos θ and τy = Lhori sin θ indicate the horizon- 
tal and vertical spaces lag between the point (x, y ) and 

Fig. 1. (a) The high-resolution transmission electron microscopy (TEM) image with the [011] zone axis. (b) The corresponding filtered inverse FFT image of (1̄ ̄1 1) plane. 
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Table 1 

The fractal dimension and strain amplitude of the fractal strain field calculated by the structure function method. 

Strain components Ɛxx Ɛyy Ɛzz Ɛxy Ɛxy Ɛxz Ɛyz 

Fractal dimension Dxx Dyy Dzz Dxy Dxz Dyz 
3.8142 3.8142 3.8142 3.8226 3.8226 3.8226 

Strain amplitude 
( ×10–4 ) 

Hxx Hyy Hzz Hxy Hxz Hyz 
15.8212 15.8212 15.8212 10.9417 10.9417 10.9417 

Fig. 2. The contour map of the normal lattice strain field obtained by (a) the experiment and (b) the fractal function. (c) The statistical distributions of the normal residual 
strain obtained by the experiment and fractal function. 

Fig. 3. The contour map of the shear lattice strain obtained by (a) the experiment and (b) the fractal function. (c) The statistical distributions of the shear residual strain 
obtained by the experiment and fractal function. 

(x + τx , y + τy ) , Lhori indicates the horizontal distance between two 
points, 〈... 〉 means to take the spatial average value, and z(x, y ) is 
the strain at point (x, y ) characterized by experiment. θ is used 
to construct a corresponding number of profiles from the image 
which represents 50 evenly distributed discrete values between 0 
and 2 π . It is assumed that the structure function profiles derived 
from the images obey the approximate scale-law behavior: 

S( Lhori ) = �( Lhori ) 
2( 2 −Ds ) (9) 

where Ds = (4 − Ts ) / 2 is the fractal dimension of profiles derived 
from the images, Ts is the slope of the log-log graph of S and Lhori , 
and ln (�) is the intercept. The fractal dimension, Ds is calculated 
from the above equation. The strain amplitude is calculated by: 

H =

[

−
2 
π

��( 5 − 2 Ds ) sin ( πDs ) 

]1 /( 2 Ds −2) 

(10) 

where �(x ) is the gamma function. 
The fractal dimension of the strain field is computed according 

to: 

D = 〈 Ds 〉 + 2 (11) 

The fractal dimension and strain amplitude calculated by 
the structural function method and experiment are listed in 
Table 1 . 

Fig. 2 shows the comparison of the fractal normal residual 
strain field and the experimental normal residual strain field. The 
statistical distributions of the normal residual strain field show a 
good agreement ( Fig. 2 (c)). It indicates the fractal strain field ef- 
fectively reflects the characteristics of the experimental strain field 
( Figs. 2 and 3 ). 

3.2. Dislocation mobility model 

The Eshelby–Olmsted approach is selected to describe the dis- 
location velocity of the FeCoCrNi HEA in the present study. When 
the velocity of a dislocation is smaller than the critical velocity, 
only a linear damping term is considered. When the velocity of the 
dislocation is larger than the critical velocity, a nonlinear damp- 
ing term is added to the linear term, due to the damping effect 
caused by the ultrasonic wave emission. The relationship between 
the shear force and dislocation velocity is written as a phenomeno- 
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Fig. 4. (a) Stress–strain curves for different drag coefficients of screw/edge dislocation. (b) Dislocation velocity vs. applied stress of an edge dislocation. (c) The dislocation 
node velocity in DDD simulation. 

logical function: 

τb =

{

B (T ) v v ≤ v0 

B (T ) v + Dn (v − v0 ) 
α

v > v0 
(12) 

where b is the magnitude of the Burgers vector, τ is the applied 
shear force, B is the linear damping coefficient in relation to the 
temperature, T is the temperature, v is the dislocation velocity, v0 
is the critical velocity, Dn is the drag coefficient of the nonlinear 
term, and α is the nonlinear power law exponent. 

Recent studies have reported that the MD simulation results 
show a little difference in the mobility between screw and edge 
dislocations in the FeCoCrNiCu HEA [48] . Therefore, we used dif- 
ferent drag coefficients of screw/edge dislocations to conduct DDD 

simulations to investigate the influence of dislocation mobility. The 
simulation results in Fig. 4 (a) indicate that although the drag co- 
efficient of the screw dislocation is doubled, there is little change 
in the stress–strain curve. These results indicate that in DDD sim- 
ulation, different mobility for screw/edge dislocation will hardly 
cause changes in the stress–strain curve [49] . Therefore, in the cur- 
rent DDD simulation, screw and edge dislocations are considered 
to have the same drag coefficient, which is consistent with other 
recent DDD studies [ 20 , 50 ]. In order to determine the drag co- 
efficient of the dislocation, we perform DDD simulation and cal- 
culate the velocity of the dislocation with linear drag coefficient 
( Fig. 4 (b)). Considering the preventing effect of oxide particles and 
dislocation loops on dislocation motion, samples without disloca- 
tion loops and oxide particles are selected to calculate the node 
velocity. It is found that the dislocation velocity is much smaller 
than that of the nonlinear damping region ( Fig. 4 (c)). According to 
the velocity of the dislocation node, the dislocation segment moves 
in the linear damping region. By fitting the MD simulation results 
using Eq. (7) , the linear damping coefficient in the present study is 
calculated as 8.149 × 10–5 Pa s at room temperature ( Fig. 4 (a)). 

3.3. Interaction model of dislocation and ODS 

The dispersion of oxide particles in ODS HEAs impedes the 
movement of dislocations, thereby significantly influencing the 
mechanical properties of alloys [51–53] . Oxide particles are gen- 
erally considered to be strong obstacles that cannot be cut by dis- 
locations. When the dislocation is close to the oxide particle on 
the slip plane, the dislocation will bend and bypass the oxide par- 
ticle, eventually leaving an Orowan loop around it [32–34] . With 
the advancement of experimental techniques and the extensive in- 
vestigation of oxide particles, it has been observed that the large- 
sized oxide particles exhibit an incoherent state with the matrix, 
whereas the small-sized oxide particles demonstrate a coherent 
or semi-coherent state [35–38] . The relevant experimental findings 
provide favorable evidence that dislocations can cut the nanoscale 
oxide particle. Consequently, numerous recent studies have sug- 
gested that the nanoscale oxide particles can be cut by dislocations 

[54] . Therefore, a new oxide particle strengthening model, in which 
oxide particles can be cut by dislocations at small sizes, is estab- 
lished and embedded into the original DDD code to simulate the 
experimentally observed interactions between the oxide particles 
and dislocations. 

Outside the nanoscale oxide particles, a Gaussian potential field 
is utilized to describe the short-range interaction of dislocations 
and the continuous force field caused by oxide particles, similar to 
the traditional oxide dispersion strengthening model in DDD sim- 
ulations [55–58] . Therefore, large-sized oxide particles cannot be 
cut by dislocations due to the presence of high-stress fields around 
them. For small oxide particles, dislocations overcome the limited 
stress field surrounding the particles and cut the oxide particles. 
Since small oxide particles are coherent with the matrix, both co- 
herent strengthening and modulus mismatch have limited impact. 
Therefore, the order strengthening dominates the interaction pro- 
cess of dislocation cutting through the small-sized oxide particles 
[ 59 , 60 ]. Thus, the interaction force between dislocations and oxide 
particles is written as 

F ( r) =

{

2Ar e− r2 
R2 /R2 r > R 

−γ /b r < R 
(13) 

where r is the distance between the center of the oxide parti- 
cle and the dislocation node, R is the radius of the oxide parti- 
cle, γ is the antiphase boundary energies of the oxide particle, 
b is the magnitude of Burgers vector, A is a constant quantifying 
the pinning strength of the oxide particle. A schematic of the in- 
teraction force between the dislocation and the oxide particle is 
presented in Fig. 5 (a). With the slip dislocation close to the oxide 
particles, the force of the oxide particles exerting on dislocation 
nodes increases gradually. The interaction force reaches the maxi- 
mum when the dislocation enters the oxide particle. Based on this 
interaction model, the cutting mechanism of the small-sized oxide 
particles and the Orowan mechanism in large-sized oxide particles 
are well simulated in DDD ( Fig. 5 (b)). 

The irradiation hardening behavior of ODS FeCoCrNi HEA is ex- 
tensively investigated by the collective behavior of dislocation us- 
ing DDD simulation. The DDD simulation is based on ParaDiS, an 
open-source code developed by Lawrence Livermore National Lab- 
oratory. Severe lattice distortion, as the core effect of HEA, has an 
important effect on dislocation motion [61] . Therefore, it is nec- 
essary to develop DDD simulation considering severe lattice dis- 
tortion field to study the interaction among dislocations, nanoscale 
oxides, and irradiation defects. Due to the limitation of the classical 
Eshelby mean field theory in DDD simulations, random field theory 
is used to quantify the strain field of FeCoCrNi HEA obtained by ex- 
periments [44] . Then, a fractal function of the experimental strain 
field is embedded into the original DDD code. Combined with the 
embedded lattice strain field, a series of DDD simulations is con- 
ducted to study the irradiation hardening of ODS FeCoCrNi HEA at 
mesoscopic scale. 
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Fig. 5. (a) The schematic diagram of the interaction between oxide particle and dislocation. (b) The interaction between the dislocation and oxide particles with different 
sizes in DDD simulation. The colors represent the magnitude of the forces caused by the oxide particle exerted on the dislocation node at various locations in (a). 

Fig. 6. (a) A schematic of the initial model of the DDD simulation. (b) The size distribution of a lognormal distribution of nanoscale oxides for DDD simulation. (c) Diagram 

of two dislocation loop configurations. The color indicates the different directions of the dislocations. 

The simulation box is a cube with a size of 
0.75 μm × 0.75 μm × 0.75 μm, and periodic boundary con- 
ditions are considered on all surfaces to simulate the bulk 
properties of the crystal. A constant strain rate of 1 × 106 s–1 is 
applied along the direction of [001] [56] . The schematic diagram of 
the established initial DDD model is shown in Fig. 6 (a). The initial 
DDD model is established based on the number and characteristics 
of the experimental observed nanoscale oxides and irradiation de- 
fects in ODS FeCoCrNi HEA [ 62 , 63 ]. Ten initial dislocation lines are 
randomly distributed on the {111} 〈 110 〉 slip plane, corresponding 
to an initial density of 2.5 × 1013 m–2 . The mean particle radius of 
nanoscale oxide is 19 nm and the number density is 2.3 × 1021 

m–2 [63] . For the actual size of nanoscale oxide in ODS HEA is 
not a single size, a lognormal distribution of nano-oxide size is 
considered, as shown in Fig. 6 (b). According to recent experimen- 
tal studies, the main defect leading to irradiation hardening of 
FeCoCrNi HEA is dislocation loops [64] . Two types of dislocation 
loops are observed experimentally in irradiated FeCoCrNi HEA, 
including elliptical Frank loops with b = 1 / 3 < 111 > and rhombus 
perfect loops with b = 1 / 2 < 110 > ( Fig. 6 (c)). The major axis of 
the elliptical Frank loops is along the 〈 110 〉 directions. The ratio of 
elliptical Frank loops to rhombus perfect loops is about 3:1 [64] . 
The aspect ratio of elliptical Frank loops is about 1. Hence, it is 
considered to have the shape of a hexagon in the DDD model. 
All six edges of the Frank loop are distributed on the {111} habit 
plane along the direction of 〈 110 〉 . The rhombus perfect loops 
are located on the {110} habit plane, with two adjacent edges 
along the [211] and [2̄ 11] directions, respectively [ 64 , 65 ]. Fig. 6 (c) 

shows the structure of a Frank dislocation loop and a perfect 
dislocation loop. The radius and density of the dislocation loop 
vary with irradiation of the dose, as shown in Table 2 . Some 
material parameters associated with the DDD simulation are listed 
in Table 3 . 

3.4. Damage model 

Currently, the criteria for predicting material failure mainly in- 
clude three categories, namely, the energy criteria, the equivalent 
stress-strain criteria, and the critical plane criteria. Among them, 
Von Mises criterion and Tresca criterion are the two most repre- 
sentative methods [66] . For the ODS FeCoCrNi HEA, the yield fail- 
ure is the main mode. 

Based on the theory of the distortion energy density, the Von 
Mises stress is generally used as the index for the prediction of 
failure, the value is calculated by the stress component: 

σef =

√ 

1 
2 
[(σx − σy ) 

2 
+ (σy − σz ) 

2 
+ (σz − σx ) 

2 
+ 6(σ 2 

xy + σ 2 
yz + σ 2 

zx )] 

(14) 

Therefore, assuming that the external force field is a uniform field, 
the stress field evolution of the DDD simulation process mainly in- 
cludes two parts: the stress field of dislocation and oxide particles. 

σ = σdis + σODS (15) 
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Table 2 

The variation of radiation defect at different damage levels of the radiated FeCoCrNi HEA [64] . 

Parameter Value 

Damage level (dpa) 0.036 0.102 0.170 0.326 
Mean radius (nm) 5.175 9.716 14.555 22.134 
Density (1021 m–3 ) 5.500 5.812 6.170 6.236 

Table 3 

The material parameters of the ODS FeCoCrNi HEA [63] . 

Parameter Symbol Value 

Shear modulus G 80 GPa 
Poisson’s ratio v 0.28 
Burgers vector b 0.254 nm 

Dislocation core 
radius 

r0 0.254 nm 

where σdis is the stress field caused by dislocation and σODS is the 
stress field caused by dispersed oxide particles in the matrix. 

Refer to the previous works about damage stress, a damage in- 
dex D is introduced, and the value is determined by the ratio of 
the real stress to the yield stress [ 67 , 68 ]: 

D =
σi − σu 

σu 
(16) 

where σi is the local stress of the ODS HEA, and σu is the allowable 
stress. In the region with D > 0 , the material is considered as the 
damaged state. Here, σu is equal to the yield strength. 

An expression for the three-dimensional dislocation configura- 
tion of the dislocation stress field is employed [ 69 , 70 ]. The stress 
field of a finite length dislocation segment with the endpoints x1 
and x2 is given in a three-dimensional space: 

σ ns 
ij ( x) = 

μ

8 π

∫ x2 

x1 

∂l ∂p ∂p Ra bk 
(

εilk dx
’ 
j + εjlk dx

’ 
i 

)

+
μ

4 π ( 1 − v) 

∫ x2 

x1 

bk εlkm 

(

∂l ∂i ∂ j Ra − δij ∂l ∂p ∂p Ra 

)

dx’ m (17) 

where x is the field point, and x′ is the source point. ∂i , ∂ j , ∂l , 
∂p represents differential, ∂i ≡ ∂ /∂ xi , ε is the Levi-Civita symbol, 
bk is the component of the Burgers vector of the dislocation, Ra = 
√ 

(xk − x′ k ) 
2 

+ r2 0 and r0 is the width of dislocation core. 

The result of the integration is calculated as 

σ dis (x ) = T (R2 ) − T (R1 ) (18) 

and 

T (R) = T0 
{

[(R × b) × t][ a1 (R � R) + a2 (R � t+ t � R) + a3 (t � t) + a4 I] 
+ a5 [(R × b) � t+ t � (R × b)] + a6 [(t × b) � R + R � (t × b)] 
+ a7 [(t × b) � t+ t � (t × b)] 

}

(19) 

where R1 = x − x1 , R2 = x − x2 , and t= 
x2 −x1 

‖x2 −x1 ‖ 
. T0 is a constant 

related to the material, and T0 =
μ

4 π (1 −v ) 
. μ and v are the shear 

modulus and Poisson’s ratio. I is the identity matrix. a1 , a2 ,……, 
a7 are constants associated with the location of the spatial coor- 

dinates. The expressions are a1 =
R·t[(R·t) 2 −3 R2 0 ] 

(R2 0 −(R·t) 2 ) 
2 
R3 0 

, a2 =
1 
R3 0 

− a1 (R · t) , 

a3 = − R·t 
R3 0 

− R·t 

(R3 0 −(R·t) 2 ) 
2 
R0 

+ a1 (R · t) 2 , a4 = − R·t 

(R2 0 −(R·t) 2 ) 
2 
R0 

+ a1 r
2 
0 , 

a5 = a1 
r2 0 (v −1) 

2 − R·t 

(R3 0 −(R·t) 2 ) 
2 
R0 

(v − 1) , a6 = a4 − a1 r
2 
0 , a7 = 

v 
r0 

− a6 (R · t) − a2 
r2 0 (1 −v ) 

2 , and R0 =
√ 

‖ R ‖ 2 + r2 0 . 

Based on the equivalent inclusion method, the disturbance 
stress field caused by the inclusion is equivalent to the character- 

istic stress field caused by the eigenstrain. The oxide particles dis- 
persed in ODS HEA are regarded as spherical inclusions. According 
to Mura and Eshelby’s micromechanics theory, the stress field dis- 
tribution of oxide particles on the matrix is written in the form of 
an auxiliary symmetric tensor [70] : 

p = 2 μ(ε∗ +
v 

1 − 2 v 
tr( ε∗) I) (20) 

where ε∗ is a transformation-strain tensor and ε∗ = δI . I is the 
identity matrix. δ is the lattice misfit between the oxide particles 

and matrix, and calculated as δ =
dp −dM 
dM 

, where dp is the atomic 

plane distances of oxide particle, and dM is the interplanar spacing 
of the matrix. 

The stress field inside the oxide particles is [70] : 

σin = 2 μ[(L +
(3 L + 2 M) 

1 − 2 v 
v ) tr(ε∗) I + 2 Mε∗] − p (21) 

where L and M are constants related to the material, and L = 
5 v −1 

15(1 −v ) 
, M = 4 −5 v 

15(1 −v ) 
. v is the Poisson’s ratio. 

According to the thermal expansion theory, the stress field out- 
side the oxide particle is [ 58 , 70–72 ] 

σout = σin ( r0 /R ) 
3 (22) 

4. Results 

4.1. Validity of DDD simulation 

Based on the established model, a series of samples with dif- 
ferent oxide particle densities and irradiation doses are simulated 
by DDD. The radius of the oxide particle is 19 nm according to the 
previous experiments [ 62 , 63 ]. The stress–strain curves for the sam- 
ples with different oxide particle densities are presented in supple- 
mental material (Fig. S1 in the Supplementary Material). 

The Bacon–Kocks–Scattergood (BKS) model is a widely accepted 
dislocation-obstacle hardening model, which establishes the rela- 
tionship between yield strength and obstacle through the disloca- 
tion line tension approximation [ 56 , 73 ]. The stress caused by the 
oxide particle in the BKS model is expressed as: 

σODS = A
Gb 

L − Dp 

(

ln 
(

D p / b
)

+ B
)

(23) 

where A = 1 / (2 π ) is a constant associated with the characteristics 
of the dislocation, G is the shear modulus, and b is the Burgers vec- 
tor. L = (2 Dp ρp ) 

−0 . 5 is the distance between the nanoscale oxides 
in the glide plane, where Dp and ρp are the diameter and number 

density of oxide particles, respectively. D p = (D−1 
p + L−1 ) 

−1 
is the 

harmonic average of L and Dp . B = 0 . 7 is a constant [ 56 , 73 ]. The 
DDD simulation results from the established model are compared 
with the classical BKS model in Fig. 7 (a). The simulation results 
are in good agreement with the BKS model, indicating that the 
established DDD model can accurately reproduce the dispersion- 
strengthening effect of oxide particles. 

In Fig. 7 (b), the stress–strain curves of samples with different 
radiation doses are obtained using DDD simulation. The results 
are compared with a well-established dispersed barrier-hardening 
(DBH) model to verify whether the established model can accu- 
rately capture the effect of irradiation-induced dislocation loops. 
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Fig. 7. (a) The correlation between the yield strength and the number density of oxide particles. (b) The correlation between the strengthening increment from irradiation 
defect and the square root of the product of defect density and size. 

Fig. 8. (a) The stress–strain curves of the ODS HEA for different nanoscale oxide densities and a dislocation loop density of 8 × 1021 m–3 . (b) The stress–strain curves of 
ODS HEA for different dislocation loop densities and a nanoscale oxide density of 2 × 1021 m–3 . 

According to the DBH model, the yield strength increment from 

oxide particles is expressed as [ 63 , 74 ]: 

�σy = αMGb ( NDb ) 
1 / 2 (24) 

where M is the Taylor factor, which is 3.06 for the FCC structured 
HEA. α is a constant for the average barrier strength, α = 0 . 4 is 
accepted for strong obstacles such as dislocation loops [74] . G is 
the shear modulus, b is the Burgers vector, Db is the dislocation 
loop diameter, and N is the number density of the dislocation loop. 
As shown in Fig. 7 (d), the results of the DDD simulation show a 
good linear correlation with the DBH model, which demonstrates 
the DDD simulation captures the irradiation hardening behaviors 
caused by the dislocation loops [74] . Therefore, the established 
DDD model accurately describes the interaction process between 
the dislocation and oxide particle (or dislocation loop). Thus, it is 
used to study the dislocation structure evolution under the coex- 
istence of lattice distortion, oxide particle, and irradiation-induced 
dislocation loop. In addition, it may reveal the microscopic mecha- 
nism to influence the mechanical properties. 

4.2. Dislocation evolution 

In order to investigate the mechanical behavior and microstruc- 
tural evolution of irradiated ODS HEA under loading conditions, 
a series of DDD simulations involving different oxide-particle and 
dislocation-loop densities is performed. The effect of the lattice 
distortion field is considered by embedding fractal strain field, con- 
sistent with the experiment. Two independent sets of samples 
are set by varying the oxide-particle and dislocation loop den- 
sity, respectively. Fig. 8 shows the stress–strain curves. The yield 

strength of ODS HEA increases with the increase of oxide particle 
density due to the oxide particle impeding dislocation movement 
( Fig. 8 (a)). The irradiation hardening caused by the dislocation loop 
is observed in Fig. 8 (b). For all samples containing the irradiation- 
induced dislocation loops, the stress drop is observed after the 
yield, especially in the samples with high density of dislocation 
loop and oxide particle, which is consistent with Refs. [ 65 , 75 ]. The 
significant stress drop is attributed to the annihilation of the dis- 
location loops on the slip plane, and then leads to the formation 
of plastic flow localization and a defect-free channel [75–77] . For 
the sample with the oxide particle density of 2.0 × 1021 m–3 and 
dislocation loop density of 8.0 × 1021 m–3 , the stress–strain curve 
shows a large stress drop after yielding, attributed to the fact that 
the existence of lattice strain field makes a high probability of dis- 
location cross-slip. This trend results in the change of the disloca- 
tion slip plane, and a large number of dislocations slip to the plane 
with fewer oxide particles [ 44 , 78 ]. 

To investigate the microstructure dynamic evolution in the ir- 
radiated ODS HEA during the tensile deformation, Fig. 9 pro- 
vides the dislocation structure snapshots at the increasing strains 
for varying densities of dislocation loops and oxide particles. The 
random distribution of dislocation loops and oxide particles is 
observed, and a small amount of dislocation multiplication oc- 
curs at the initial stage of deformation ( Fig. 9 ). With the in- 
crease of plastic deformation, the area swept by the slip dis- 
location increases, and a large number of dislocation loops are 
annihilated during the dislocation interaction [79] . The annihila- 
tion of dislocation loops near the slip plane leads to the for- 
mation of defect-free channels, which is accompanied by a large 
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Fig. 9. Dislocation structure at the strains of 0.4%, 0.8%, 1.2%, and 1.4% for different oxide particle densities in ODS HEA. The dislocations on the (111) slip plane are marked 
with blue line ( ), (1̄ 11) slip plane with red line ( ), (11̄ 1) slip plane with yellow line ( ), (111̄ ) slip plane with green line ( ), and other slip planes with 
blank line ( ). 

number of dislocation multiplication [ 21 , 80 ]. With the appearance 
and increasing density of oxide particles, there is no significant 
change in the number of dislocations observed during the initial 
elastic stage. However, a large number of dislocation multiplica- 
tions are observed during the plastic deformation stage. In ad- 
dition, Orowan loops are observed around some large-size oxide 
particles. 

Fig. 10 shows the dislocation structure evolution during the ma- 
terial deformation at various dislocation loop densities with the 
oxide particle density of 2.0 × 1021 m–3 . Due to the impediment of 
the high-density oxide particles, only a small amount of dislocation 
slip occurs in the initial deformation, and the deformation mode is 
mainly elastic deformation. With the increase of dislocation loop 
density, the frequency of interactions between dislocation and dis- 
location loops increases with the continuous deformation. As the 
stress increases, the dislocations either bypass the large-size ox- 
ide particles or cut the small-size oxide particles. The interaction 
between dislocations and dislocation loops leads to not only the 
annihilation of dislocation loops but also the formation of a few 

jogs [ 78 , 79 ]. 

Fig. 11 shows the variation of the dislocation density with the 
strain. The movable and immovable dislocation density is based on 
the statistics of dislocation segments and the Schmid factor. For 
an FCC crystal with the loading direction [001] , the Schmid fac- 
tor of dislocations with Burgers vectors of [110] / 2 and [1̄ 10] / 2 is 
zero. Thus the corresponding slip system is not activated. There- 
fore, the statistical immobile dislocations include the Burgers vec- 
tor of [110] / 2 , [1̄ 10] / 2 and others that do not belong to the 12 
slip systems of FCC crystal. For the sample with oxide particles in 
the matrix, the immobile dislocation density increases with the in- 
crease of oxide particle density ( Figs. 9 and 11 (a)). The more oxide 
particles on the slip plane hinder the movement of the disloca- 
tion, and some dislocations bypass the oxide particles and leave 
Orowan loops, resulting in a large number of immobile disloca- 
tions ( Fig. 9 ). Interestingly, the samples without oxide particles do 
not exhibit the low dislocation density, attributed to that the ma- 
terial yields early, and a large amount of dislocation proliferation 
occurs in the plastic stage. In addition, the densities of the immo- 
bile and mobile dislocations go up with the increase of disloca- 
tion loop density, as shown in Figs. 10 and 11 (b). The existence of 
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Fig. 10. Dislocation structure at the strains of 0.4%, 0.8%, 1.2%, and 1.4% for different dislocation loop densities in ODS HEA. The dislocations on the (111) slip plane are 
marked with blue line ( ), (1̄ 11) slip plane with red line ( ), (11̄ 1) slip plane with yellow line ( ), (111̄ ) slip plane with green line ( ), and other slip 
planes with blank line ( ). 

the dislocation loops frequently interacts with the dislocation, and 
then promotes the production of cross-slips and jogs [81–83] . The 
dislocation-based microstructures are hard to annihilate, and cause 
a high density of dislocations, which is consistent with the obser- 
vations from Figs. 9 and 10 . 

5. Discussion 

5.1. Damage evolution 

Fig. 12 shows the dislocation structure, Von Mises stress field, 
and damage distribution at the irradiated ODS HEA before load- 
ing. It should be noted that the oxide particles do not cause stress 
damage, attributed to the isotropic characteristics of the stress 
field according to the classical inclusion theory [84] . Here, the 
irradiation-induced dislocation loops randomly distribute in the 
matrix, resulting in a high local stress field and initial disloca- 
tion loop damage in the ODS HEA ( Fig. 12 (a)). The initial dam- 
age is characterized by the loop shape, indicating that the local 
high-stress field and damage are caused by the high density of 
irradiation-induced dislocation loops ( Fig. 12 (b, c)). 

To highlight the submicron scale continuous damage, Fig. 13 (a–
c) shows the evolution of the dislocation structure, Von Mises 

stress field, and stress damage. As the ODS HEA is loaded from 

the strain of 0% to 0.3%, a small amount of dislocation slip oc- 
curs at the elastic stage, some dislocation loops are annihilated 
from the interaction with the slip dislocation, and a small num- 
ber of Orowan loops are produced around the larger oxide par- 
ticles ( Fig. 13 (a)). At the stage of 0.6% strain, a large amount of 
irradiation-induced dislocation loops are annihilated, and a small 
number of Orowan loops are generated. The damage caused by 
the irradiated dislocation loops decreases, and the damage caused 
by dislocation entanglement and Orowan loops gradually increases 
[ 85,86 ], as shown in Fig. 13 (c). At the strain of 0.9% and 1.2%, a 
large amount of dislocation multiplication occurs, and thus the 
local plastic deformation of the material increases significantly. 
Due to the oxide particles impeding the formation of Orowan 
loops and the dislocation movement, a large number of disloca- 
tions pile up around oxide particles, resulting in high local stress 
( Fig. 13 (b)). Therefore, with the increase of strain, the damage 
gradually changes from the random distribution to the concen- 
trated distribution around the oxide particles ( Fig. 13 (c)). In or- 
der to investigate the damage degree during the deformation pro- 
cess, Fig. 13 (d) calculates the probability of damage grade at each 
strain level. The statistical results suggest that the damage prob- 
ability reduces at the strain increasing from 0% to 0.6%, ascribed 
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Fig. 11. The statistical density of movable and immovable dislocations. (a) Effect of oxide particle density and (b) dislocation loop density. 

Fig. 12. (a) The initial dislocation configuration, (b) Von Mises stress, and (c) damage distribution in the sample with oxide particle density of 2 × 1021 m–3 and dislocation 
loop density of 6 × 1021 m–3 . 

to the annihilation of part of the dislocation loops [21] . For the 
strain increasing from 0.6% to 1.2%, the dislocation loops on the slip 
plane are almost annihilated, and the reduction rate of the damage 
caused by the dislocation loop is reduced [87] . Besides, the disloca- 
tion motion resistance is greatly reduced because of the formation 
of the defect-free channels, and then leads to the dislocation mul- 
tiplication, tangles, and Orowan loops. Therefore, there is a large 
amount of dislocation pile-up to cause serious damage in the local 
area, especially around the oxide particles. 

Based on the above-mentioned damage evolution, the damage 
mechanism in the ODS HEA is divided into two parts: (i) the dis- 
location loop damage (Dl ) controlled by irradiation-induced dis- 
location loops and their evolution, and (ii) the strain localiza- 
tion damage (Ds ) from the dislocation multiplication in the lo- 
cal plastic region. Fig. 14 presents the strain localization dam- 
age and dislocation loop damage with the increasing strain, which 
would reveal the mechanism of the counterintuitive decreasing- 
to-increasing damage transition. In the statistics of the two dam- 
age modes, the stress fields from the dislocation loop and slipping 
dislocation are separately considered. Fig. 14 clearly captures the 
gradual decrease of the dislocation loop damage and the contin- 
uous increase of the strain localization damage, which are caused 
by dislocation loop annihilation and dislocation multiplication. The 
dislocation loop damage is the main mechanism in the elastic 
damage stage, and the strain localization damage plays a dominant 
role in the plastic damage stage. At a low strain, the reduction rate 
of dislocation loop damage exceeds the increase rate of strain lo- 
calization damage; at high strain, it is opposite, resulting in the 
decreasing-to-increasing damage transition. 

To accurately display the relationship between damage distribu- 
tion and microstructures, Fig. 15 shows the local enlarged drawings 

of the damage evolution in the ODS HEA. At the elastic stage, a 
large number of irradiated dislocation loops exist, and lead to a lo- 
cal high damage. The damage of the irradiated ODS HEA decreases 
slightly due to the annihilation of dislocation loops. However, the 
damage gradually increases with the continuous increase of strain. 
Here, no dislocation plugging around the smaller oxide particle is 
observed, due to that (i) the small-size oxide particle is not con- 
ducive to the formation of Orowan loops; (ii) the oxide particle is 
away from the dislocation slip plane. 

5.2. Dislocation behavior 

At the elastic damage stage in the irradiated ODS HEA, the an- 
nihilation for a large number of dislocation loops is observed, re- 
sulting in a reduction of dislocation loop damage. To study the 
influence of the dislocation loop and heterogeneous lattice strain 
on dislocation-induced damage, the interaction of dislocation loops 
with a single dislocation is investigated. The cases with and with- 
out lattice strain fields are considered separately. In addition, some 
dislocation loops do not react with the dislocations, they may 
maintain the original structure or they may be deformed under 
the effect of the stress (Fig. S2). Fig. 16 illustrates the interaction 
process of rhombus perfect dislocation loops with Burgers vector 
of 1 / 2[011̄ ] and habit plane of (011̄ ) and an edge dislocation with 
Burgers vector of 1 / 2[101̄ ] and slip plane of (111) . When there is 
no lattice strain field, the shear stresses first increase and then de- 
crease. After the ultimate stress is reached, there is a significant 
stress drop which indicates the rapid deterioration of properties 
( Fig. 16 (a)). Fig. 16 (b) shows the dislocation evolution diagram ow- 
ing to some dislocation loops overcome by the dislocation, and the 
other dislocation loops are annihilated [65] . This type of disloca- 
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Fig. 13. (a) The dislocation configuration, (b) Von Mises stress, (c) damage distribution in the sample with the oxide particle density of 2.0 × 1021 m–3 and dislocation loop 
density of 6 × 1021 m–3 at the strain of 0.3%, 0.6%, 0.9% and 1.2%. (d) The statistics of damage distribution at different strains. (e) The proportion of different grades of 
damage as the function of strain. 

Fig. 14. The evolution of the strain localization damage (Ds ) and dislocation loop damage (Dl ) in the deformed ODS-HEA. 
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Fig. 15. The local enlarged drawing of the damage evolution with the increase of the strain in three-dimensional space. (a) Schematic diagram of the location of oxide 
particles. (b–e) The damage map of the ODS HEA at strains of 0%, 0.5%,1.0%, and 1.5%. 

Fig. 16. (a) The shear stress–strain curves of the interaction between a dislocation and dislocation loop without local lattice distortion. (b) The corresponding snapshot 
of dislocation structure evolution. (c) The shear stress–strain curves of the interaction between a dislocation and dislocation loop with the local lattice distortion. (d) The 
corresponding snapshot of the dislocation structure evolution. Here, the dislocation has the Burgers vector of 1 / 2[101̄ ] on the slip plane of (111) , and the rhomboid perfect 
loops have the Burgers vector of 1 / 2[011̄ ] on the habit plane of (011̄ ) . (e) The magnified view of the interaction between an edge dislocation with Burgers vector of 1 / 2[1̄ 01] 
slip plane of (111) and a rhomboid perfect dislocation loop with Burgers vector of 1 / 2[011] and habit plane of (011) . 

tion interaction contributes to the formation of defect-free chan- 
nels. Considering the effect of the lattice strain field, Fig. 16 (c) 
shows the shear stress–strain curve for the dislocation and dislo- 
cation loops interaction. With the influence of the strain field, the 
peak stress from the shear stress–strain curve of dislocation and 
Frank loops interaction increases obviously. There is no obvious 

stress drop after reaching the peak stress due to the strengthening 
effect of the lattice strain field [ 48 , 88 ]. It indicates that the lattice 
strain field effectively reduces the property degradation in the irra- 
diated ODS HEA after a large number of dislocation loops are an- 
nihilated. In the diagram of the dislocation evolution ( Fig. 16 (d)), 
the bending of the slip dislocation suggests the slip resistance and 
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strengthening effect of the lattice strain field to prevent property 
deterioration. Interestingly, the dislocation loops exist after the ini- 
tial reaction with the slip dislocation, but they are annihilated af- 
ter multiple interactions observed in Fig. 16 (b). The multiple in- 
teractions between the dislocation loops and dislocations result in 
the change of the collision distance between the dislocation, which 
promotes the occurrence of the dislocation reaction [89–91] . 

To deeply understand the complex dislocation interaction, two 
typical interactions between the dislocation and the perfect dis- 
location loop or the Frank dislocation loop are investigated. The 
detailed dislocation reaction process including the annihilated and 
non-annihilated process of perfect dislocation loops with the Burg- 
ers vector of 1 / 2[011] is shown in Fig. 16 (e). When the edge dislo- 
cation with Burgers vector of 1 / 2[1̄ 01] is close to the perfect dis- 
location loop with Burgers vector of 1 / 2[011] , the dislocation reac- 
tion occurs: 

1 
2 
[101̄ ] a +

1 
2 
[011] a =

1 
2 
[110] a (25) 

When the perfect dislocation loops are not annihilated, the slip 
dislocation and the dislocation loops are separated after the reac- 
tion: 

1 
2 
[1̄ 01] a +

1 
2 
[110] a =

1 
2 
[011] a (26) 

While the dislocation loops are annihilated, the dislocation 
structure is left after the separation of the slip dislocation and the 
dislocation loops ( Fig. 16 (e)). Then, one side of the dislocation loop 
firstly reacts with the dislocation in the middle, and the disloca- 
tion reaction agrees with Eq. (26) . The triangular perfect disloca- 
tion loop left behind is annihilated, because the size is too small 
and the distance between the dislocations reaches the minimum 

distance for the dislocation reaction [92–94] . 

5.3. Effect of oxide particle on damage 

Recent studies have demonstrated that HEAs have better irra- 
diation hardening performance because of the more uniform dis- 
tribution of defect-free channels caused by severe lattice distor- 
tion [ 21 , 94 ]. In order to further study the effect of oxide parti- 
cles on the irradiation performance from the perspective of dam- 
age, Fig. 17 shows the snapshot of the dislocation structure, Von 
Mises stress field, damage distribution, and the corresponding sta- 
tistical result. Fig. 17 (a–c) reveals the samples without oxide parti- 
cles have a high dislocation density. The statistics of the dislocation 
density show that the samples without oxide particles have almost 
the same density of immovable dislocations as the samples with 
oxide particles. However, samples without oxide particles have a 
high movable dislocation density ( Fig. 17 (c)), due to the existence 
of oxide particles to impede the dislocation movement and cause 

Fig. 17. Dislocation configuration for samples with dislocation loop density of 6 × 1021 m–3 at the strain of 1%: (a) without oxide particle, and (b) with oxide particle density 
of 2 × 1021 m–3 . (c) Density of movable and immovable dislocations in the samples with and without oxide particles. The irradiated dislocation loops are not included in 
the statistical dislocation density. The Von Mises stress fields: (d) without oxide particles and (e) with oxide particles. (f) The probability statistics of different stresses. The 
damage distribution of samples: (g) without oxide particles and (h) with oxide particles. (i) The probability statistics of damage. 
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Fig. 18. (a) The dislocation structure diagram of the ODS HEA with the influence of lattice strain field. (b) The snapshots for the generation process of cross-slip. The 
dislocations on the (111) slip plane are marked with blue line ( ), (1̄ 11) slip plane with red line ( ), (11̄ 1) slip plane with yellow line ( ), (111̄ ) slip plane with 
green line ( ), and other slip planes with blank line ( ). 

Fig. 19. (a) The location of oxide particles in local enlarged maps. The 3D local enlarged maps of damage distribution at a strain of 1%: (b) with oxide particle, (c) without 
oxide particle. 

the reduction of dislocation multiplication [ 95 , 96 ]. Fig. 17 (d, e) de- 
picts the Mises stress fields. At the same strain, the Von Mises 
stress field and damage degree in ODS HEA is significantly lower 
than that in HEA ( Fig. 17 (d, e)), indicating the presence of oxide 
particles reduces the damage degree. 

By observing the dislocation structure evolution near the oxide 
particles, a high cross-slip probability is found around the oxide 
particles. Fig. 18 shows the dislocation structure of the HEA. For 
the interaction with the oxide particles, a large number of cross- 
slips are observed at the slip dislocations, as marked in the red 
circle in Fig. 18 (a). The local diagram shows the generation pro- 
cess of the cross-slip ( Fig. 18 (b)). The high frequency of cross-slip 
is attributed to the combined effect of oxide particle and lattice 
distortion field. The presence of oxide particles prevents the dislo- 
cation movement on the main slip plane, while the lattice strain 
field provides the driving force of the dislocation to the secondary 
slip plane. The frequent occurrence of cross-slips leads to plenty 
of interactions between the dislocation and dislocation loops. This 
trend results in the annihilation of the dislocation loops and the 
further generation of cross-slip. Irradiation damage decreases with 
the annihilation of dislocation loops [21] . In addition, it causes nar- 
row and evenly distributed defect-free channels and low irradia- 
tion hardening. 

On the one hand, the existence of oxide particles impedes the 
dislocation slipping, and prevents the dislocation multiplication, 
thus reducing the strain localization damage. On the other hand, 
it accelerates the annihilation of dislocation loops, and reduces the 
dislocation loop damage under the coupling effect of oxide parti- 
cles and lattice distortion. Therefore, the damage degree of ODS 
HEA at the same strain is much lower than that of HEA ( Fig. 17 (g, 
h)). The damage statistical results show that the damage degree 
of ODS HEA is much smaller than that of HEA at the same strain 
( Fig. 17 (i)). Hence, the hindering effect from oxide particles on dis- 
location motion and the synergistic effect from oxide particles and 

lattice distortions result in fewer dislocations and dislocation loops 
in irradiated ODS HEA. Therefore, ODS HEA has good service per- 
formance under irradiation conditions. 

More importantly, Fig. 19 shows the 3D local enlarged maps 
of damage distribution in the ODS HEA. Under the same strain, 
the sample with oxide particles has a lower damage degree and 
smaller damage region than the sample without oxide particles 
( Fig. 19 (b, c)). This is attributed to the presence of oxide parti- 
cles hindering the movement of the dislocation, which prevents 
the plastic deformation process. Therefore, the strain localization 
damage of the sample with oxide particles is reduced. Due to large 
plastic deformation, dislocation multiplication, and dislocation loop 
annihilation, the strain localization damage is dominant. In addi- 
tion, the local concentration of damage is notably observed near 
the large oxide particles. The large oxide particles have a strong 
ability to hinder the movement of the dislocation, which leads to 
the pile-up of the Orowan loops and dislocations around the oxide 
particles with the increase of strain. 

6. Conclusion 

In the present work, the dislocation behavior and damage evo- 
lution of the irradiated ODS HEA are investigated using the random 

field theory-informed DDD simulation. The lattice distortion field 
in the developed model is derived from HRTEM experiments. The 
coupling interaction of the cutting and Orowan bypassing mecha- 
nism is for the first time introduced into DDD simulation, which 
is consistent with the recent experimental studies. A unique per- 
fect dislocation loop annihilation is observed due to the multiple 
interactions between the edge dislocation and the dislocation loop. 
In addition, the damage evolution in ODS HEA decreases first and 
then increases with the strain, attributed to the irradiated disloca- 
tion loop annihilation and dislocation multiplication. With the in- 
crease of strain, the damage mechanism would be gradually shifted 
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from dislocation loop damage to strain localization damage. The 
distribution of the damage region is shifted from the random dis- 
tribution to the concentration in the vicinity of the oxide particles. 
With the same irradiation condition and strain, the ODS HEA has 
a small damage region and a low damage degree compared with 
the HEA without oxide particles. These are the main causes: (1) 
The existence of the oxide particle impedes the dislocation slip and 
mass multiplication; (2) Oxide dispersion strengthening provides a 
high yield strength in the HEA; (3) The combined effect of the ox- 
ide particle and the lattice distortion leading to the annihilation 
of more dislocation loops and a low dislocation loop damage. This 
work sheds light on understanding the origin of strengthening and 
damage mechanism in the ODS HEAs, and then develops the novel 
material with the ultrahigh strength and low radiation damage for 
a wide application in an extreme environment. 
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