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Refractory multiple principal elemental alloys (RMPEAs) show the excellent combinations of mechanical prop-
erties and oxidation resistance, are considered the most promising as the structural materials for aerospace in-
dustries and gas turbine. However, the quantitative contribution of microstructure on the strength and
deformation mechanisms remains challenging at micrometer scale. In this work, we capture the lattice distortion
and chemical short-range order (CSRO) using atomic simulation, and introduce them into the hierarchical
multiscale model to study the strengthening mechanism and plastic behavior in the body-centered cubic HfNbTa
RMPEA. The results show that the ultrastrong local stress fluctuation greatly improves the dislocation-based
strength, causing the significant dislocation forest strengthening in the annealed state. The dislocation slip
would be suppressed for raising the strength and increasing the difficulty of the plastic deformation in the
annealed HfNbTa. Thus, the existence of the CSRO structure effectively enhances the strength, in a good
agreement with the experiment. The inhomogeneous degree of the stress distribution become more serious at the
high strain, responding well to the plastic deformation of the high-strength HfNbTa. Moreover, the Ta-rich
locally ordered structure leads to an obvious heterogeneous strain and stress partitioning, which forms a
strong strain gradient in the adjacent grain interiors and contributes to the strong back-stress-induced strain
hardening in the annealed HfNbTa. Our findings give an insight into exploring MPEAs with desired mechanical
properties via tailoring CSRO by utilizing thermomechanical processing.

1. Introduction

The multi-principal element alloys (MPEAs) with the complex
concentrated solutions composed of multiple principal elements have
attracted much attention due to their excellent properties [1-6]. The
random distributions of the atoms with different types and sizes in the
lattice produce the severe atomic-scale lattice distortion, and thus result
in the good mechanical properties, such as high ductility and strength
[1-3], good fatigue resistance [4], remarkable corrosion resistance [5],
and high impact resistance [6]. In recent years, some MPEAs containing
refractory elements (including Nb, Zr, Hf, W, Ti, V, Cr, Mo and Ta) have
garnered a significant amount of interest due to the extremely high
melting point and excellent softening resistance. Refractory
multi-principal element alloys (RMPEAs) are considered as ideal
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candidates for high temperature applications [3,7]. Their yield strengths
are much higher than that of nickel-based superalloys at high temper-
ature [8], which meet the strong demand of the next generation of nu-
clear reactors and jet engines for increasing the operating temperature.

However, the near ideal chemical random state is only possible at
high temperatures. At ambient temperature, the complex enthalpy
interaction between different constituent elements leads to the prefer-
ence (or avoidance) of atomic bonding, which forms different degrees of
chemical short-range order (CSRO) to reduce the free energy of the
system [3,9]. The lattice distortion field is strongly dependent on the
degree and distribution of local element enrichment region, which af-
fects the dislocation nucleation/movement, strain hardening and
macroscopic properties [2,9,10]. It is expected that the CSRO structure
is highly adjusted through the processing condition to design the MPEAs
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with the targeted mechanical properties [3]. Recently, many experi-
ments and simulations have explored the influence of locally ordered
structure on the mechanical properties of MPEA. The direct observation
of CoCrNi MPEA by transmission electron microscope shows that the
increase of CSRO leads to higher stacking fault energy and hardness
[11]. Density functional theory calculations show that the presence of
CSRO structure not only narrows the dislocation core energy distribu-
tion and reduces the spatial heterogeneity of dislocation core energy in
MoNbTaW RMPEA [12], but also affects the phase energy and stacking
fault energy in CrCoNi MPEA [3]. The atomic simulation results show
that CSRO improves the activation barrier for govern dislocation ac-
tivity, and enhances the robustness of the energy landscape [13,14].
Moreover, the locally ordered structure affects the selection of disloca-
tion pathways, and increases the lattice friction on dislocation motion
through the nanoscale segment detrapping mechanism [13,14]. How-
ever, the relationship between locally ordered degree and mechanical
properties in the MPEA is still unclear due to its extreme difficulty to
control locally ordered structure using experiments [15].

The influence of CSRO on mechanical behavior of materials is multi-
scale, including atomic scale lattice distortion, micrometer scale dislo-
cation movement, macroscale strain hardening, and macroscale me-
chanical response. To study the influence of the existence of locally
ordered structure at the nanoscale on the strength contribution and
macroscale deformation behavior, it is an optional breakthrough to
analyze the cross-scale microstructure synergetic deformation mecha-
nism at the considerable length scales [16]. Although molecular dy-
namics (MD) simulation accurately captures the mobility and
atomic-scale strain information of a single dislocation in the lattice
distortion field [10,17], it requires high computational costs for the
large-scale systems. Therefore, a simulated method with the effective
time and cost need investigates the large-scale deformation behavior of
RMPEA. The multi-scale method is one of the computing technologies
that use multiple models of different scales to describe the mechanical
behavior of materials. It provides an effective approach to establish the
constitutive law of the problem from the first principle or even from
more basic scientific basis. The existing multi-scale strategies are
divided into two categories: "concurrent" and "sequential” methods [18].
In the concurrent multi-scale method, the analysis is performed simul-
taneously at different scales. The sequential multiscale method provides
the required parameters for the large-scale model through small-scale
analysis as the pretreatment of the large-scale model [19], which uses
the homogenization and averaging method on the corresponding
representative volume element (RVE) to define the kinematic parame-
ters and stress tensors at each material point of the large-scale RVE. A
non-Schmid crystal plastic constitutive model on two length scale is
presented to study the thermodynamic behavior of nickel-based super-
alloys in a wide temperature range from 300 K to 1223 K [20]. A
temperature-dependent hierarchical multiscale method by introducing
Cauchy-Born boundary is developed to simulate the edge and surface
effects in nanoscale metal materials [21]. A continuous-atomic multi-
scale program based on hierarchical RVE is proposed to simulate the
nonlinear behavior of nanoscale materials [22]. A hierarchical ther-
modynamic multi-scale technology is proposed to study the thermody-
namic behavior of nanocrystalline alloy in the presence of edge
dislocation by transferring the mechanical properties of atomic RVE to
the finite element node [23]. The multi-scale model of FCC MPEAs
established could effectively capture the inhomogeneous strain field
dominated by lattice distortion, and the accuracy is verified by com-
parison with the experiment [24].

In this work, a generalized hierarchical multiscale crystal plasticity
framework (Fig. 1) is proposed to investigate the effect of microstruc-
tures on body centered cubic (BCC) RMPEAs at different scales (nano-
scale, microscale, and mesoscale). The lattice strain fluctuations
dominated by locally ordered structure are captured successfully, and
the effects of CSRO on the strengthening mechanism and plastic
behavior of BCC HfNbTa RMPEA are studied. At the nano- and micro-
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scales, based on the MD/MC simulation and experiment, the heteroge-
neous lattice strain field caused by CSRO is transferred to the discrete
dislocation dynamics (DDD) simulation to study the influence of the
chemical concentration fluctuations on the dislocation motion mode. At
the meso-scale, the material information with the interaction between
dislocations and inhomogeneous strain field are imported into the
crystal plastic finite element (CPFE) simulations. The accuracy and ra-
tionality of the simulation results are verified by comparing the pre-
dicted stress-strain response with the experimental observations in the
HfNbTa RMPEA [25], and the plastic deformation behaviors at meso-
scale are analyzed in as-cast and annealed polycrystalline HfNbTa
RMPEAs.

Here, the organization of this paper is the following. Section 2 pre-
sents the CP constitutive model, the coupling strategy from various
length scales, and the material parameters transmitted between different
scales. In Section 3, the basic setup of the multiscale framework
including the nanoscale MD/MC simulation, microscale DDD simula-
tion, and mesoscale CPFE simulation is described. Section 4 show the
computation of hierarchical multiscale crystal plasticity model. Section
5 summarizes the results and discussions for deformation and
strengthening of HINbTa RMPEA.

2. Multiscale framework

In this section, the crystal plasticity constitutive model used in this
work has been reviewed. Next, the coupling strategy of hierarchical
multiscale models has been developed to transfer the material parame-
ters between simulation tools of different scales.

2.1. Review of crystal plasticity model

To capture the plastic deformation behaviors of HIfNbTa RMPEA at
the meso-scale, the constitutive behavior of polycrystalline materials is
illustrated by a rate-dependent crystal plastic model [26]. In the
continuous theory, the total deformation gradient tensor maps the
infinitesimal points in the reference configuration to the corresponding
points in the deformed configuration. The total deformation gradient
tensor is decomposed into the elastic and plastic components [27]:

F = F°F° (€D)]

where F¢is the elastic deformation gradient to describe the rigid rotation
and stretch of lattice, and FP is the plastic deformation gradient to
represent the nonlinear plastic deformation.

The velocity gradient is decomposed into the elastic and plastic
components:

L=FF' =FF"' + FFF'F' )

The plastic component of the velocity gradient on the intermediate
structure is expressed as lattice shear along the specific crystal slip di-
rection on different crystal slip planes:

Niip

L =FF' = > 7P P = m§ @ nj 3

a=1

where P* is the Schmid orientation tensor defined by the slip direction
vector m{ and the slip plane vector nf of the ot slip system. y* is the
plastic strain rate, determined by the resolved shear stress and slip
system deformation resistance:

1/m

™ —1
D sign(t" — 1) @

a
Tor

V4 =7

where 7, is the reference plastic strain rate to describe the macroscopic
plastic strain rate, t"is the resolved shear stress (RSS), 13 is the kinematic

hardening effect caused by the back stress, 7% is the slip system
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Fig. 1. (a) Schematic diagram of hierarchical multiscale crystal plasticity strategy. (b) The flowchart for parameter calibration procedure of hierarchical multiscale
crystal plasticity framework. The computed methods of the atomic-scale, micron-scale, and meso-scale are described as different colors in Fig. (a), and the calculation
process of the corresponding scale is presented by the same color in Fig. (b). From Fig. (b), the multi-scale calculation process includes the five parts: (i) Dislocation
velocity and CSRO parameter are simulated through MD/MC simulations; (ii) The mobility of screw and edge dislocations and the atomic-scale heterogeneous strain
field induced by local ordered structure are calculated, and then introduced into DDD simulation; (iii) Seven single crystals of RMPEA are established to simulate the
mechanical behavior through DDD simulations; (iv) By coupling the DDD simulations with CP constitutive model, the hardening parameters of single crystal required
for CPFE simulations are calculated. The mechanical response of the single crystal is obtained through CPFE simulation; (v) The hardening parameters of single
crystals are calculated to obtain the hardening parameters for the polycrystalline RVE, and then get the stress-strain curve, texture, and stress distribution.
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deformation resistance, m is the sensitivity exponent, and sign is the
signum function.

The RSS for the driving force of dislocation movement is expressed
as:

™ = (FF°S) : P* (5)

which S represents the second of Piola-Kirchhoff stress. When t* reaches
the corresponding critical value, the a-slip system is activated. The
critical value is related to the resistance to overcome the process of
dislocation movement.

The relationship between the second Piola-Kirchhoff stress tensor
and the Green-Lagrange strain tensor E° is given by the generalized
Hooke’s law:

S=C:E (6)

where C is the fourth-order anisotropic elasticity tensor. For the BCC
lattice, the matrix of C depends on the elastic constants of Cy1, Ci2
andC44.

The Green-Lagrange strain tensor is expressed as:

1

e _ - [geTge _ _ P—TRTRRP-! _
Efz[FF I == (FF'FF' 1) )

N —

where I denotes the second-order identify tensor.

The evolution of back stress, T3, is modeled using a two-term Ohno-
Wang type evolution law [28]. The definitions of two independent back
stress components of a-slip system, i.e., y{ and x4, are as follows

a

#=nr (1) =12

(€)]
- 2 Lo a .
Ko=) Aai(t=0)=0;(i=1,2)

where r; and h; are the material parameters, and b;=h;/r;. The exponent
m; governs the dynamic recovery of materials, which becomes more
dominant when the stress approaches saturation value. Above equation
approaches a piecewise linear function when m; is large, while for m; =
0, Eq. (8) reduces to the Armstrong-Frederick equation.

The slip system deformation resistance on a-slip system evolves ac-
cording to the following equation [29]:

p
and
h = [614) +(1— 110)50‘[1} W (10)

where qq is the latent hardening coefficient, and §*° is the Kronecker
delta. The latent-hardening parameter h? is defined using a power-law
relationship:

y] "’
B Tsr
W— hg{ _ Y/‘i] an)

where h{; is the initial hardening parameter of g-slip system, r’ is the
sensitivity exponent between slip resistance and hardening moduli in
p-slip system, and s determines the maximum slip resistance of any slip
systems. The slip may occur on 48 different slip systems in BCC material,
and these slip systems represent three different planes: 12 in the {112}
family, 12 in the {110} family, and 24 in the {123} family. Approximate
material behavior is calculated by considering a subset of total slip
systems. In this manner, 12 slip systems of {110} family are considered
based on the previous study [26]. According to the previous work [26,
30], the input parameters of {so,ssho,r} have the same value of all slip
systems for CPFE simulations.
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2.2. Multiscale coupling strategy

To study the CSRO effect on the plastic deformation, a hierarchical
multiscale crystal plasticity model is developed, and the flowchart of
parameter calibration is presented in Fig. 1. Here, each scale is described
as different colors in Fig. 1(a), and the calculation process of corre-
sponding scale is given the same color in Fig. 1(b), for clearly reflecting
the calculation strategy. To overcome the expensive time consuming
required for crossing the atomic-scale to meso-scale deformation, two
"bridges" are built to connect the simulations at different scales. The first
bridge connects atomic-scale and micron-scale: the edge/screw dislo-
cation mobility, atomic strain field induced by lattice distortion and
CSRO in HfNbTa RMPEA through MD and MD/MC simulations. By
constructing a lattice strain field, the information with material atomic
scale is embedded in DDD simulation. Another bridge connects micron-
scale and meso-scale: by coupling the results of DDD simulations with
the CP constitutive model, the material parameters required for CPFE
simulation are obtained. Hence, the current models connecting various
length scales are established. The coupling strategy between MD simu-
lation and DDD simulation has been discussed and verified in our pre-
vious work [24]. In this section, we mainly describe the coupling
strategy between the DDD simulations and the CP constitutive model,
and determine the necessary parameters that need to be transferred
while bridging the different length scales.

The lattice distortion, solid solution and short-range order
strengthening are the nonlinear interactions between dislocations and
local heterogeneous stress fields induced by different types of atoms in
MPEAs. In addition, the local atomic heterogeneous stress fields would
affect the obvious evolution of dislocation configuration, and dislocation
motion characteristics [10,31,32]. It is widely known that the disloca-
tion movement need break through the resistance from other disloca-
tions and solute atoms. Here, for DDD simulation, RSS on a-slip system
would drive dislocation to pass the obstacles from other dislocations and
solute atoms during the plastic deformation. Therefore, 7 is expressed
as:
=1, +1,, 12)
where 7; stands for counteracting the interaction between dislocations,
and 7%, corresponds to the stress to overcome the short-range barriers,
such as lattice distortion, solid solution, and short-range order [10,31,
32].

Thus, the plastic strain rate from Eqs. (4) and (12) can be modified
as:

0478 — |l
7% = pysign (1’; +17¢, — 'r;,) %‘M 13)
and
ksT . —AQ,
= bero,u and fo = ”’VDbzeXp( TkBQ ) a9

where kgis the Boltzmann constant, k is the forest dislocation interaction
coefficient, T is the temperature, b is the Burgers vector, ro represents the
distance to bypass obstacle, p is shear modulus, pp, is the mobile dislo-
cation density, vp is the Debye frequency, and AQ; is the slip activation
energy. The applied values of m and 7, are listed in Table 2, and the
evolution of z* and y* with the deformation process are obtained from
DDD simulations. In this manner, only one parameters% is unknown
from the left side of Eq. (13). Hence, the evolution of the total slip
resistance 7. with simulation time is obtained. The slip resistancerg. on
a-slip system is a function of time, therefore, the change rate of slip
resistance is quantified. Combined the Eqs. (9)-(11) in the CP model, the
change rate of slip resistancezy, is expressed as:
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where g is the latent hardening parameter, r° is hardening exponent,
and the applied values of g and r* are listed in Table 2. Following the
previous work [26,30], the hardening parameters of hy and s; have the
same value of all slip systems. Hence, the change rate of slip resistance
for a-slip system is represented as:

S (¢
A0

Ss

»

#.(0) = ho Y _|#][g0 + (1 - 0)5”] (16)
P

Here, the hardening parameters of hy and s; are given the initial
values, and the residual of the equation for all slip systems is calculated:

R*(t) = 13 (1) — hoA% (1) a7)
with
,.//
. “ 7 (t
A1) = Z}Yﬂ‘ [flo +(1—q0)8 /j] 1- # (18)
B s
To compute the minimum residual, Eq. (17) is squared:
RO = [#9.(0)]” = 2hoA"(0)#5,(0) + ho*[A*(1)]? (19)

Here, the function f(hy,s;) is utilized to denote the sum of squares for
the residuals in Eq. (19):

12
flho,s) = (RY)? (20)
a=1
Next, the functions g;(ho,ss) and gx(ho,ss) are used to represent the
sum of squares of the minimum residuals:

of (ho, Ss) of (ho, Ss)

oo o, 0 @D

gl(ho,s.\-) = =0, gz(ho,s.\-) =
In order to obtain the final convergence values for the hardening
parameters, the coupled nonlinear differential equations in Eq. (21) are

solved using the standard Newton-Raphson program:

@ 0g:
0.0 F e
s J ke S /x| 08 dg S Jk

()ho ()hg

The initial given values for each time node are provided, which
obtain the final converged value of hardening parameters of hy and s;. By
repeating the above process for each time node, the evolution of hard-
ening parameters with the deformation process is obtained. To verify the
rationality of data calibration, the average values of hardening param-
eters are obtained by limiting the relevant process to the forest hard-
ening stage.

The critical resolved shear stress, sy, determines the initial plasticity
stage of the mechanical response of CPFE simulation. For the single
crystal, so is easily estimated from DDD simulations, and the initial slip
resistance of polycrystalline is calculated by measuring the macroscopic
yield stress [24,33-35]. Through the above calibration procedure
combined with DDD simulations, the material parameters required for
CPFE simulation are obtained. It is noted that the material parameters
considering the dislocation evolution information would be transferred
from small scales to large scales.

3. Basic setup of multiscale simulation
In this section, the basic setup of the multiscale framework with

different length scales are introduced. The motion behaviors of edge and
screw dislocations in BCC HfNbTa are computed through MD
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simulations, material information with CSRO is obtained through MD/
MC simulation. Material hardening behavior caused by a large number
of dislocation movements is simulated by DDD simulation. The me-
chanical response of single crystal and polycrystalline HINbTa RMPEA is
simulated by CPFE simulation.

3.1. MD simulation

The applied external force promotes the movement of dislocations in
the material and balances the lattice friction, which prevents the dislo-
cation sliding on the slip plane. In BCC materials, the motion behavior of
different types of dislocations is significantly different. The speed of
edge dislocation is several orders of magnitude faster than that of screw
dislocation, because the screw dislocation sliding process requires
overcoming the large energy barrier of kink pairs [36].

For this reason, the screw and edge dislocations of the HfNbTa MPEA
are simulated by MD simulation, to obtain the dislocation drag coeffi-
cient required for DDD simulation. Here, the dislocation mobility of 1/2
< 111>{110} edge dislocation and 1/2 < 111>{110} screw dislocation
in the HfNbTa RMPEA is studied (Fig. 2). The MD simulations are per-
formed using an open source LAMMPS software package [37] and
visualized using Ovito code [38]. The MD simulations are performed at
300 K. The systems are oriented x-[111], y-[1-10], z-[11-2] for edge
dislocation, and x-[11-2], y-[-110], z-[111] for screw dislocation. In
order to obtain the convergent dislocation mobility, it is necessary to
choose an appropriate simulation box size [39]. The previous work
suggests that CRSS converges when the edge or screw dislocation length
is longer than 25 nm for two ternary RMPEAs [40,41]. Thus, the di-
mensions of this sample are 25.5 x 43.7 x 14.8 nm? for the disloca-
tion. The dislocation line length is 25.5 nm, which is larger than 25 nm.
The interatomic potential of the simulation cell uses the embedded
atomic method potential [42], which is very consistent with various
properties of HfNbTa RMPEA, including dislocation behavior under
deformation. Energy minimization is performed using periodic bound-
ary conditions along x and y directions and the free boundary condition
along z direction. The system is permitted to relax under NVT conditions
at room temperature for 100 ps. The position of the dislocation is then
monitored as a function of time to follow its movement. Under
increasing applied shear load, both screw and edge dislocations expe-
rience significant local movement prior to the load at which uninter-
rupted glide occurs across the simulation box.

The equilibrate of CSRO is performed by MC/MD simulation, which
is widely adopted for obtaining the CSRO in MPEAs [17,43]. The sam-
ples are set as periodic boundary conditions for three directions, and
equilibrated at zero pressure and 300 K under the NPT ensemble. MC
steps consist of hybrid MD atomic swaps simulations. Based on the
Metropolis algorithm in the canonical system, different types of random
atoms are reciprocally interchanged. The samples with different degrees
of local ordered structure are obtained by controlling the number of
cycles, which include 10 MD steps hybrid with 10 MC swaps. The initial
random sample without cycle (0C) of as-cast RMPEA and 500 cycles (5C)
of the annealed RMPEA are built. Fig. 3(a) exhibits the atomic structures
of HfNbTa RMPEA for different MC/MD cycles (0C and 5C). Here, the
Warren-Cowley parameters (WC) are used to describe the degree of local
ordered structure in RMPEAs [44], which is expressed as af = (Pj —
Gj)/ (35 — Cj), where n represents the n-th neighbor shell for i-atom, P; is
the probability of finding a atom of j-type on the n-th shell, §; is the
Kronecker delta, and C; is the content of j-atom of the whole system. It
shows a strong segregation of Ta element and a small amount of
segregation of Hf element. These observations are in accordance with
the previous experimental results that the Ta-rich cluster and Hf-Zr-rich
cluster are easier to form in the HfNbTa-based RMPEA [45-47]. The
initial random sample has no CSRO, which the parameters of al-lj are close

to zero (Fig. 3b) [48]. The positive values of at, , and ajy; ,; for 5C
sample increase significantly. It means that the degree of local Hf and Ta
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Fig. 3. (a) The atom configurations on the (100) plane is viewed in 0C and 5C samples. (b) The average value of the first nearest neighbor pairwise short range-order

parameters, a;,
segregation increases (Fig. 3b), and al; y, is a negative value to
represent a favorable atomic-pair of Hf-Nb. Next, this model would
obtain lattice distortion at the atomic scale in as-cast and annealed
RMPEA for the DDD simulation.

3.2. DDD simulation

The essence of multi-scale modeling is to predict the macroscopic
mechanical response of materials based on the microscopic physical
mechanisms. Since the multiscale models need traverse huge scales from
atomic structure to macroscopic mechanical behavior, it is necessary to
analyze and model some of the key scales. In this manner, DDD simu-
lation is used as a bridge between the atomic scale single dislocation
behavior and mesoscale grain mechanical response.

The ParaDiS program developed by Lawrence Livermore National
Laboratory [49], is employed to perform all DDD simulations in current
work. Referring to the previous DDD simulations [50], the simulation
cell is established with the periodic-boundary conditions, which size is
approximately 1.76 x 1.76 x 1.76 um>. The initial dislocation density is
set to po ~ 5.5 x 10'2m™2, according to the experiment [51]. Three
initial  dislocation  structures are  constructed, including
randomly-distributed edge dislocations, randomly-distributed edge and
screw dislocations, and randomly distributed screw dislocations. The
material parameters of the HfNbTa RMPEA for DDD simulations are
listed in Table 1. Then, the dislocations are evenly distributed on {110}
slip planes [52] and relaxed without a load condition. The crystal is
subjected to the uniaxial tension along [001], [101], [102], [112],
[111], [212], [213] orientations [53], and the strain rate is set to & =
10%*s71 [54].

3.3. CPFE simulation

To explore the plasticity strengthening of HfNbTa RMPEA at the

in the whole simulation configuration for 0C and 5C samples, where the corresponding samples are described in (a).

Table 1
Material parameters used to simulate the dislocation behavior of HfNbTa
RMPEA.

Symbol Description Value Refs.
u Shear modulus 42.24 GPa [25]
v Poisson’s ratio 0.3 [25]
A Lattice constant 0.3383 nm [25]
B Burgers vector
gers Vi av3/2 [25]
hy kink height a\/2/3 [25,55]

mesoscale, an open-source finite element code, PRISMS-Plasticity
framework [26], is used to perform CPFE simulation, which is built on
the deal.Il open-source FEM library [56]. The geometry of the CPFE
simulation is generated using DREAM.3D package [57]. The
open-source code Paraview is used for visualization [58]. The elastic
constants for HfNbTa RMPEA are calculated by MD simulations and
confirmed in the literature [25]. The flow rule parameters of HfNbTa
RMPEA used in the CP model are described in Table 2.

Table 2

Material parameters of HfNbTa RMPEA in CP constitutive model.
Parameter Description Value Refs.
Ci1 Elastic constant (GPa) 191.12 [25]
Ci2 128.88
Cas 53.61
Ngp Total number of slip systems 12 [26,59]
70 Reference strain rate (s’l) 102 [26,60]
m Sensitivity exponent 0.04 [61,62]
qo Self-hardening coefficient 1.4 [29,63]
r Hardening exponent 1.5 [59,63]
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3.3.1. Single crystal

Referring to the previous work [24], a single crystal finite element
model is established to capture the tension behavior of HfNbTa RMPEA.
The size of the finite element model is 500 x 500 x 1500 um® with 24,
000 C3D8 (one integration point) 3D-brike finite elements (Fig. 4a). To
capture the plastic mechanical behavior of the polycrystalline HfNbTa,
seven single crystal orientations locate at the center and edge of the
stereographic triangle are set in simulations (Fig. 4b). The specimen is
uniaxially stretched along [001], [101], [102], [112], [111], [212] and
[213], and the reference frame is x-axis. The single crystals in these
seven orientations accurately capture the mechanical response of poly-
crystals [24]. Keep zero displacement of x-axis at bottom of the finite
element model, fix two different nodes at the bottom of the simulation
box to avoid rigid body movement, and apply uniaxial tensile
displacement along the x-axis direction to the top of the simulation box
(Fig. 4c). The sample is uniaxially tensile with a constant stain rate of
10357 ! at room temperature. Table 2 shows the constitutive parameter
of CPFE simulations.

3.3.2. Polycrystalline

The finite element model has 50 x 50 x 50 hexahedral C3D8 finite
elements and containing 200 grains. The model is set to Voronoi
tessellation structure (Fig. 5a) and the average grain size is ~18 pm
(Fig. 5b), which is consistent with the experiment [25]. Fig. 5(c) shows
the texture of HfNbTa RVE, which is characterized by randomly oriented
grains. The load and boundary conditions of the finite element model are
shown in Fig. 4(c). For the simplicity, UX, UY, and UZ represent degrees
of freedom along the X, Y, and Z axes, respectively. In order to simulate
the process of uniaxial tension, UX = 0 on the Y-Z coordinate plane of
RVE, UX = UY = UZ = 0 at the position of the coordinate origin, and UZ
= 0 at the maximum position of the Y-axis are set. The face of RVE far
from the Y-Z coordinate plane is set as the loading face, which applies
the variable positive displacement and quasi-static strain rates [24]. In
addition, the number of grains and elements of RVE is sufficient to
accurately capture the mechanical response of polycrystalline HfNbTa
RMPEA in the following section.

4. Computation of hierarchical multiscale model

In this section, the parameters required for different time and length
scales of the multi-scale coupling framework are introduced: (i) The
edge dislocations and screw dislocations simultaneously existing in the
deformation process of BCC HfNbTa MPEA are performed by MD sim-
ulations to obtain the input parameters for the DDD simulations.
Obtaining atomic strain fields induced by lattice distortion and CSRO
through MD/MC simulation; (ii) For the mesoscale CPFE simulation, the

(b)

(a)

[001]  [102]

i
Y
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hardening parameters of single crystals with different crystal orienta-
tions are calibrated using the decomposition information of each slip
system of DDD simulations; (iii) the parameters of single crystals are
counted to obtain the input hardening parameters of polycrystalline
RVE.

4.1. MD to DDD simulations

Fig. 6 shows that the velocity data of edge and screw dislocations at
different shear stresses in the HfNbTa RMPEA. For edge dislocations, the
dislocation velocity is considered through the phonon damping theory
[55]:

ve = b(c —0.)/B. (23)

where ¢ is the shear stress, b is the Burgers vector of the dislocation, and
B, is the drag coefficient of edge dislocation, c.represents the threshold
stress, and dislocations can smoothly glide when ¢ > 6.. When ¢ < o,
dislocations are pinned by severe energy fluctuations formed by solute
atoms, maintaining quiescent states [14,64]. Based on the data fitting in
Fig. 6(a), the drag coefficient of edge dislocation is B, = 1.0353 x 10°*
Pa-s at 300k. For screw dislocation, the dislocation velocity vs shows an
exponential dependence on stress. It is controlled by the thermal acti-
vation process, which is called the kink pair mechanism [17,36]. Based
on the previous studies [55,65], the mobility law of dislocation is
significantly different in BCC MPEAs. The motion and kink nucleation
are defined by an Arrhenius-type form equation [17,55]:

AG; .
- fA
xp( 2K,,T) ifAG, > 0

B.(z.T)¢
(2, T) = b 24
5 (: 5 ifAG, <0
Here, the drag coefficient Bs(t,T) of the screw dislocation is written
as:
AG,
a {Zaexp (—ZK ;) + L}
B(r,T) = > L” B, ifAG, >0 (25)
k
Bo(T) ifAG, <0

where AGy (r, T) :AHO{ [1 — <l>p]q —Tlo} is the Gibbs free energy of

70
the kink-pair formation, Ty = 0.8T), is a characteristic temperature, Ty, is
the melting temperature, Kj is the Boltzmann constant, a is the lattice
parameter, hy is the height of the kink at the slip direction, and L is the
line length of screw dislocation. The material parameters of the HfNbTa
RMPEA are listed in Table 1. The transition of the screw dislocation

© 1
]
1
]
:
&
212] A9 /: i Load surface
PFoF iy
i
k------ —>
,/'F'ﬁ'cd point X
P Ux=Uy=uz~0
Fixed point
[101] Padiel:

Fig. 4. (a) The finite element model of the single crystal HfNbTa. (b) The different crystallographic orientations at the stereographic triangle. (c) The boundary

condition for the single crystal and polycrystal samples.
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Fig. 5. (a) The HfNbTa finite element model contains 200 randomly oriented grains used by polycrystal CPFE simulations. (b) Grain size distribution of HINbTa RVE.
(c) Representation of initial texture of HfNbTa RVE.
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Fig. 6. Dislocation velocity as a function of the applied shear stress for (a) edge and (b) screw dislocations in HfNbTa RMPEA [48].
velocity and drag coefficient is smoothly interpolated by the sigmoidal The ParaDiS program assumes that the mobility of dislocation is
function with the center of AGy = 0. The sum of the squares of the re- strictly linear, while the mobility of screw dislocation is nonlinear. We
siduals are minimized by the bounded Fminsearch function in MATLAB have embedded the non-linear mobility law of screw dislocations into
to determine the fitting parameters [17]. Based on the data fitting in the program by modifying the code. A flowchart describing non-linear
Fig. 6(b), the parameters of screw dislocation are By = 7.704 x 107> mobility laws as incorporated into the DDD framework is shown in

Pa-s, By = 4.846 x 107° Pa-s, AHy= 0.0943, p = 2.830, and g = 15.614. Fig. 7.
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Fig. 7. Flowchart of non-linear mobility laws as incorporated into the DDD framework.

In order to capture the influence of heterogeneous lattice strain field
caused by SCRO structure in HINbTa RMPEA on the strain hardening, a
3D lattice strain field is developed and embedded into the DDD simu-
lation. The strain field, c;i(x), caused by local ordered structure is ob-
tained by atomic displacement from MD simulations. The volumetric
strain,® = ey, + &y + €4, obtained by MD simulation is compared with
the theoretical volumetric strain (Fig. 8a, b), verifying the accuracy of
the strain field. According to the geometric model, the volumetric strain
of the atom, i, in HfNbTa RMPEA is obtained from Fig. 8(b) [66]:

Z;:l ;C; 4mn

= n - n (26)
SoiciAuce Ny Awck

6;

where C; is the probability of the j atom at the nearest neighbor of the
central atom i. Based on the atomic configuration and coordinates ob-
tained from MD simulation, we perform the same calculation on the
lattice points where each i atom is located, that is, calculate the pro-
portion of j atoms among the 8 closest atoms of i atom. ¢ is the atomic
fraction of the k atomic, the space angle occupied by the j atom relative

to the central atom i is wy = 27[1 — \/ri(r; + 2r;) /(r; + 17)], the average
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Fig. 8. (a) The contour map of the volumetric strain field from the MD simulation and (b) geometric model. (c) The structure-function method is applied to calculate
fractal dimensions and strain amplitude. (d) Root-mean-squared strain is obtained by strain field. (e) The root-mean-square of the strain vs scan size in the log-log
plot. Here, data 1-6 are obtained from the strain on the different sections. (f) The statistical results of the normal strain obtained by the MD simulation and

fractal function.
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atomic arrangement density is

= /2L YL cgNil —

Xjj(x;j +2) /(xj + 1)], N; is the coordination number of the central
atom, X;j = ry/Tj is the ratio of radius, r; is the radius of the i atom, and Ay
= 2mx;i/[(x5 + 1)* /%5 (05 + 2)).

Considering the stress field induced by lattice distortion is the main
hindering/driving effect for dislocation movement in MPEAs. Hence, as
with previous theoretical work [67], the stress field induced by elastic
strain is introduced into the DDD simulation, to explore plastic behavior
caused by large-scale dislocation motion in MPEAs. Through statistical
analysis of discrete atomic strains, the relationship between
21552 (e(i.j) — #)%), and scan
size shows a power-law (Fig. 8d, e). It indicates the fractal characteristic
of HfNbTa RMPEA [68]. Here, € is the average strain. Ny = 100 and Ny =
100 are the pixel numbers along x and y, respectively. e(i, j) is the strain
in the pixel, (i, j), and ( - - - ) is the average. According to 2D
Weierstrass-Mandelbrot fractal method, a 3D fractal strain-field function
is developed to capture the strain of HfNbTa RMPEA [32,69]:

root-mean-squared strain, S; = \/ (

(27)

Mmax 2”;," 7’" T yn D—4
X Z cos(,,,,) —cos —7 + <Z)
n=0

1
2., .. . . .
where (%’) is the normalizing factor, and 7, is unit vectors uniformly

distributed at the 3D hypersphere. We obtain uniformly distributed
coordinates of m points on a sphere with a radius of 1. These points
generate m unit vectors T, from the origin of the center of the ball), and
the M X npax random phases ¢, are randomly distributed between
0 and 2m, ¢, is the random phase, and ny,. = int[log(L /L;)/logy]. Here,
Ls = 4b is a cut-off size, L is sample size, and int [...] is used to obtain the
maximum integer value. y = 1.5 controls the frequency density, and M =
50 is applied to control the profile [48].

H and D are strain amplitude and fractal dimension (Fig. 8c), which
are obtained by a log-log plot of horizontal length (Lyeri) vs. structure-
function [S(tx,7y) = (306 ¥) — 2(x + T,y + ry))z)] [70]. Here, tx =
Lhoricos6, and Ty, = Lyorisind. z(x, y) is the strain in the pixel (x, y). 6 = 2—;’
2,2z (n = 50 in this work) is used to build n profiles derived from the
image. The structure-function obeys the approximate scaling law S(Lnori)
= AlLnor)*? ~ P9, where D, =458 is the profile fractal dimension. The
strain amplitude parameter is H = exp{InA + In{2I'(5 — 2Dp)sin[(2 —
Dp)nl} — Inn}/(2Dp — 2). Here, I'(x) is the gamma function. Ts and In(A)
are the slope and intercept of a log-log plot of S vs. Lpori. The surface
fractal dimension is Dsg = (Dp) + 1. The fractal dimension of the 3D
strain field is D = Dgp + 1. The D and H are listed in Table 3. The sta-
tistical strains show the strain-field mapping acquired by a fractal
function is consistent with the MD simulation from the perspective of
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n

S0 = X) (%, ~ 7)

i=1

é(xi _X) g(yi —7y?

(28)

r=

When | r |<=0.3, there is no correlation; 0.3<=| r | <=0.5 shows the
low degree relationship [68]. The absolute values of the Pearson cor-
relation coefficient between different strain components are less than or
close to 0.3, indicating a weak correlation between strain components
(Tables 4, 5). Therefore, the field functions of different strain compo-
nents are independent of each other.

According to the generalized Hooke’s law, the stress field caused by
lattice distortion in MPEA is obtained:

07" = 2Ge; + Aewd; (29)

The total stress is calculated by composing the load stress of 6*, the
stress caused by dislocation of c%*, and the stress dominated by locally
ordered structure of ¢"*“. The f;* depend on the local stress on the

segment acting on the dislocation segment, ij:

f;K — [acxr + Udisl +Umpea} b,] x tij (30)

where the 6** and 6%*! are calculated by the DDD simulation. The stress,
™% of lattice strain field dominated by locally ordered structure in
RMPEAs is obtained from the 3D fractal strain-field function. by is
Burgers vector, and t; is the unit vector parallel to the segment, ij. The
node velocity of the dislocation segment can be expressed as:

e

Y T B T)

(31)

When dislocation lines slip in RMPEAs, the non-uniform strain field
caused by CSRO will hinder/promote dislocation movement, causing an
increase/decrease in dislocation velocity.

4.2. DDD to CPFE simulations

The behavior of a large number of dislocations is calculated by DDD
simulation. Fig. 9(a) shows the distribution of screw and edge disloca-
tions in the HINbTa RMPEA with local ordered structure, as well as the
dislocation configurations on different slip planes. Due to severe lattice
distortion from CSRO, high strain fluctuations occur on the dislocation
slip plane, causing the multiple cross slip. Therefore, a large number of
cross kinks are observed in plastic deformation stage (Fig. 9b), con-
trolling the dynamics evolution of screw dislocations [72-74]. This

Table 4
The Pearson correlation coefficient for different atomic-strain components from
MD simulation without CSRO.

8 - Exx eyy €22 Exy Exz Eyz
numerical value (Fig. 8f).
The correlation between different atomic strain components from Eox 0311 0-293 —0.006 —0.015 0.011
! Sdton ' p - £y 0.311 0.327 —0.005 —0.004 —0.001
MD simulation is discussed by calculating the Pearson correlation co- e 0.293 0.327 0.023 0.014 0.008
efficient [71]: Exy —0.006 —0.005 0.023 0.02 —0.008
Exz —0.015 —0.004 0.014 0.02 -0.017
Eys 0.011 —0.001 0.008 —0.008 —0.017
Table 3
The fractal dimension, Dj;, and strain amplitude, Hy;, for the strain components, &;; of the HfNbTa RMPEA based on MD results [48].
Strain components €xx gyy €22 Exy €xz Eyz
Fractal dimension, Dj; Dyx Dyy D,, Dyy Dy, Dy,
0oC 3.8217 3.8256 3.8234 3.8437 3.8309 3.8364
5C 3.6907 3.6812 3.6882 3.7348 3.7451 3.7309
Strain amplitude, Hyx Hyy Hy, Hyy Hy, Hy,
Hj (x 10 ) 0C 12.3583 12.2712 11.87 14.7458 13.6489 14.0585
5C 5.6745 5.3889 5.8362 8.4178 8.9782 8.4209

10
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Table 5
The Pearson correlation coefficient for different atomic-strain components from
MD simulation with CSRO.

Exx Eyy €2z Exy Exz Eyz
Exx 0.07 0.041 0.048 —0.002 0
eyy 0.07 0.108 0.013 0.01 0.005
€2z 0.041 0.108 0.023 —0.016 —0.043
Exy 0.048 0.013 0.023 0.031 0.005
Exz —0.002 0.01 —0.016 0.031 0.006
£z 0 0.005 —0.043 0.005 0.006

phenomenon in the HfNbTa RMPEA is consistent with the dislocation
configuration in the BCC RMPEA from the previous study [72].

In HfNbTa RMPEA, the slip plane of dislocations deviates from the
standard BCC slip plane due to the severe lattice distortion, such as the
{134} slip plane (Fig. 10), which is consistent with previous experi-
mental observations [75]. This result indicates that the non-uniform
strain field induced by lattice distortion has a significant impact on
the dislocation motion behavior, inducing unusual dislocation. Here,
this trend is captured by DDD simulations.

Fig. 11 shows the evolution of the total plastic shear strain in HINbTa
RMPEA along [001] orientation as an example. The relationship
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between the plastic shear strain rate and the resolved plastic strain rate
is expressed as:

&= 1S

a=1

(32)

where S, is the Schmid factor of a-slip system. The initial time, the part
before t = t, corresponds to the relaxation of the initial microstructure,
and then the total plastic shear strain increases linearly with the time
(Fig. 11). The slope is used to describe the plastic-shear strain rate.
Therefore, the strain rate applied by DDD simulation during plastic
deformation is balanced with the total shear strain rate. It is important to
note that the total plastic-shear strain rate generated from Fig. 11 is close
to the load strain rate.

The calculated parameters from DDD simulations present fluctuate
with the time, so the extraction of hardening parameters of CPFE model
should go through the time average of the calibration program. The
average period selected should ensure that the mechanical response of
the single crystal in DDD simulation is not affected by the transients
caused by the relaxation of the initial configurations. Forest hardening is
widely used to determine the strength of interaction between disloca-
tions [76,771, the RSS of forest hardening conforms to Taylor law:

—
-

Screw dislocation Edge dislocation

(10T) (011) (110) (101) (011) (110)

Fig. 9. (a) The screw and edge dislocation configuration along [100] crystal orientation, and (b) the dislocation configuration colored by different slip planes at the

strain of 0.8 %.
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Fig. 11. The evolution of the total plastic shear strain as a function of time in
HfNbTa RMPEA from DDD simulations.

7 = bky+/p (33)
where k is the interaction coefficient, and reflects the strengthening of
the dislocation junction in forest network.

Fig. 12 shows the stress-strain curves and the evolution of k with time
for HINbTa RMPEA along [001] crystallographic orientation. As a
comparison, the results of classic alloy (without the lattice distortion,
other parameters remain unchanged) are presented in the Fig. 12. The
parameter k rises to the peak, and then decreases to fluctuating slightly
near a constant value (the red solid line). The evolution curve is divided
into two time periods by a black solid line. In the transient region (be-
tween O and tp), the initial dislocation structure does not match the
loading deformation rate and begins to recombine and proliferate with
the increase of strain; from the second region, the current dislocation is
in the forest hardening state and matches the strain rate of the material
after the dislocation structure is reconstructed. In Fig. 12(a), the strength
of as-cast HfNbTa is much higher than that of classical alloys, because
the high friction stress caused by lattice distortion hinders dislocation

(b)
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g. 10. (a) The dislocation structure colored by different slip planes at the strain of 1 % alone [100] direction. (b) is the enlarged view of (a).

movement to enhance the strength. The decomposition shear stress in
MPEAs is higher than that in traditional alloys for the same dislocation
structure, therefore, the interaction coefficient of as-cast HfNbTa
RMPEA in Fig. 12(b) is higher than that of classic alloys [78]. It is worth
noting that locally ordered structure further enhances the strength of
as-cast HfNbTa (Fig. 12a), and the interaction coefficient 1.53 in the
annealed HfNbTa is higher than 1.35 in the as-cast HfNbTa (Fig. 12b).
Although the strain is lower in the segregation region of a single
element, the segregation of an element lead to an increase in the binding
of other elements. This results in high lattice strain at the edge of the
element enrichment region [10], further increasing the strain gradient
and generating strong strain fluctuations. Thus, the existence of CSRO
structure causes strong strain gradient and strain fluctuations to hinder
the dislocation slip, improve the strength of RMPEA.

The calibration of the hardening parameters of the CP model should
be limited to ensure that the obtained hardening parameters are not
affected by the transient region. The CP hardening parameters are
calibrated after the initial time of forest hardening state. It also ensures
that the hardening parameters accurately predict the mechanical
response of single crystals with different crystal orientations. After
obtaining the smooth region of dislocation hardening parameter evo-
lution with different crystal orientations, the saturation slip resistance
and initial hardening parameter are calibrated using the hierarchical
multiscale crystal plasticity model in Section 2.2. Here, the hardening
parameters of s; and hg as a function of time are presented in Fig. 13. In
the transient region, the values of hardening parameters converged by
the calibration program are less and have obvious fluctuate. In the forest
hardening state (t >ty), the hardening parameters are almost stable to a
constant value over time. The extraction of initial resolved slip resis-
tance for different crystallographic orientations in CPFE model is ob-
tained based on the stress-strain curves of DDD simulations. Due to the
obvious fluctuation of DDD simulations, the first deviation from formal
linearity, 0.02 % offset yield and 0.04 % offset yield are extracted, and
then averaged and multiplied them by Schmid coefficient of different
loading orientations [24]. The hardening parameters of single crystals of
the as-cast and annealed HfNbTa RMPEA with different loading orien-
tations are listed in Table 6 and Table 7, respectively. Then, they are
applied to the CP model to capture the mechanical behavior of HfNbTa
RMPEA at mesoscale.
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Fig. 13. Evolution of hardening parameters of as-cast HfNbTa RMPEA along
[001] load orientation with time. The horizontal line represents the extracted
average value of parameter after the initial time.

Table 6
Hardening parameters of CP model from DDD simulations for different single
crystallographic orientations of as-cast HfNbTa RMPEA.

Orientation [001] [101] [102] [111] [112] [212] [213]
so (MPa) 203.6 247.1 224.5 262.0 258.1 212.3 290.5
ho (MPa) 515.6 348.1 456.4 563.8 428.6 490.3 435.1
ss (MPa) 375.6 302.5 299.3 397.5 323.4 285.7 324.1
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Table 7
Hardening parameters of CP model from DDD simulations for different single
crystallographic orientations of annealed HfNbTa RMPEA.

Orientation [001] [101] [102] [111] [112] [212] [213]
so (MPa) 285.7 338.8 384.6 266.7 322.2 289.6 312.8
ho (MPa) 586.1 401.4 593.3 670.5 525.8 595.2 644.4
ss (MPa) 434.2 410.1 509.2 414.5 353.1 311.6 394.8

4.3. Monocrystalline to polycrystalline simulations

Because it is time-consuming and difficult to conduct authoritative
experiments on the mechanical responses of single crystals with various
orientations, it is still necessary to determine the number of single
crystal orientation, which is used to simulate the mechanical behavior of
polycrystals. The previous work demonstrates that the mechanical
response of polycrystalline materials is accurately quantified using the
hardening parameters calibrated with the seven single crystal orienta-
tions ([001], [101], [111], [102], [112], [212] and [213]) [24,53]. The
boundary conditions of grains in polycrystalline RVE are more complex
than that in single crystal, so CRSS cannot be characterized by the simple
average value of single crystal. The yield stress with the Taylor factor is
used to quantify CRSS in polycrystalline RVE [33]. Here, CRSS of the
as-cast HINbTa RMPEA is 310.3 MPa, and that of the annealed HfNbTa
RMPEA is 356.7 MPa [79].

After the hardening parameters of single crystals in seven orienta-
tions are calibrated in the Section 4.2, the relationship between them is
established. It is found that when the hardening parameter is taken as a
random variable, it presents an approximate normal distribution. Fig. 14
shows the distribution histogram of hardening parameters in seven
orientations of as-cast and annealed HfNbTa RMPEA. The saturated slip
resistance is 329.74 MPa and 399.94 MPa in the as-cast and annealed
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Fig. 14. Distribution histogram of CP hardening parameters of single crystal in seven orientations in the (a) as-cast and (b) annealed HfNbTa RMPEA. The dotted line

is the average value of hardening parameters.

polycrystalline HINbTa RMPEAs, respectively. The corresponding initial
hardening modulus is 463.96 MPa and 573.81 MPa. The increase of
hardening parameters usually leads to the high strain hardening rate in
the MPEA [24,53]. Thus, the average value of the hardening parameters
in the CPFE model is obtained, and then would be used to predict the
mechanical response of polycrystalline HfNbTa.

5. Deformation and strengthening behavior

In this section, the results for deformation and strengthening of the
HaNbTa RMPEA at the mesoscale CPFE simulations are presented.
Meanwhile, the model is verified. In Section 5.1, the tensile results of
single crystal models in different orientations are compared with the
DDD simulations. In Section 5.2, the mechanical response of poly-

crystalline RVE in uniaxial tension of as-cast and annealed HfNbTa are
analyzed.

5.1. Single crystal plasticity

Based on the hardening parameters of different single crystal orien-
tations from small length scale, the CPFE method at the mesoscale is
performed to simulate the mechanical response of the single-crystal
HfNbTa under the uniaxial tension. Fig. 15 exhibits a comparison of
tensile stress-strain curves in the as-cast and annealed HfNbTa along

[101] symmetry axis in the stereographic triangle. The yield strength
along [111] orientation is the highest, and the corresponding value of
the as-cast and annealed HfNbTa RMPEA is 968.2 MPa and 986.2 MPa
(Fig. 15). The magnitude of Schmid factor affects the shear stress
required for dislocation activation. The various dislocation growth rates
between single crystal orientations lead to the difference of strain
hardening rate. Table 8 shows the Schmid factor for different orienta-
tions, the smallest Schmid factor of 0.27 at the [111] orientation in
HfNbTa. This trend proves that the stress-strain curve of [111] orien-
tation has the highest slope. The crystal orientation with small Schmid
factor has a strong strain hardening [24]. The difference of the strain
hardening behavior in the single crystal BCC materials has been widely
studied [80,81]. Additionally, the current work focuses on the effect of
CSRO on the mechanical response in HfNbTa, and these aspects of the
differences between single crystals would not be discussed in more
detail.

Except for the [111] orientation, the yield strength of the other
orientations in the single crystal annealed HfNbTa is changed between
685.0 MPa and 839.7 MPa. The yield strength in the annealed sample is
about 214.6 MPa higher than that of the as-cast HINbTa between 448.1

Table 8
The Schmid factor of various orientations.

Dislocation slip Loading direction

seven crystallographic orientations, including [001], [101], [102], system ool [onj  [iii]  [@o2]  [112]  [212]1  [213]
[111], [112], [212] and [213]. Compared with the [111] orientation, Schmid factor 0.41 0.41 0.27 0.49 0.41 0.41 0.47
the strain hardening rates in other orientations are closer to the [001]-
(a) (b) (c)
4K 750} -
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Fig. 15. The strain-stress curves for the single crystal of seven crystallographic orientations in the (a) as-cast and (b) annealed HfNbTa. (¢) Comparison of stress-
strain curves predicted by DDD simulation and CPFE simulation along [100] crystallographic orientation.
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MPa and 647.3 MPa (Fig. 15a, b). The [111] orientation of annealed
sample shows more obvious softening than that of as-cast sample
(Fig. 15a, b). The existence of CSRO advances the strain at the stress
strain inflection point in the [111] orientation (0.07 to 0.019). In
addition, the [112] orientation of annealed HfNbTa also shows the
softening phenomenon. Thus, the existence of CSRO greatly improves
the yield strength of the annealed sample, and reduces the difference in
the mechanical response of various single crystal orientations. Fig. 15(c)
compares the stress-strain response predicted by DDD simulation and
CPFE simulation along the [001] crystal orientation. The results indicate
that the stress-strain curves predicted by CPFE simulation are in good
agreement with DDD simulation in the as-cast HfNbTa. The error of the
predicted stress-strain curve of annealed sample is within 10 %, with the
maximum error occurring near the yield point.

5.2. Polycrystal plasticity

Generally, the number of elements and grains is crucial to the CPFE
simulation. Too few elements lead to the inaccurate calculation, other-
wise, it wastes the computing resource and time. Meanwhile, too few
grains would not accurately represent the mechanical response of
polycrystalline materials. In order to accurately capture the mechanical
response of polycrystalline RMPEA and without wasting computing
resource, the appropriate element number and grain number of poly-
crystalline RVE should be obtained in advance. Here, RVE with different
grain numbers (30, 50, 100, 200 and 300) is established, and the uni-
axial tensile simulation is conducted under the same boundary condi-
tions. The grain orientations of all models are random (Fig. 16a). The
stress-strain curves of polycrystalline models with different grain
numbers are presented in Fig. 16(b). With the increase of the number of
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grains, the stress-strain curve gradually approaches the same value. The
stress level predicted by RVE for 30 grains is too high due to the more
inclined orientation (Fig. 16a), and the predicted stress-strain curves of
200 and 400 grains are almost identical. Fig. 16(c) shows the stress-
strain response of RVE containing 200 grains and different element
numbers. The result shows that the RVE with 125,000 elements (50 x 50
x 50) can represent the mechanical response of the polycrystalline
RMPEA. Therefore, The RVE with 200 grains and 125,000 finite ele-
ments would predict accurately the mechanical behavior of the poly-
crystalline HfNbTa.

Fig. 16(d) shows the stress-strain curve of polycrystalline RVE in
uniaxial tension of as-cast and annealed HfNbTa. To verify the accuracy
of the developed CPFE approach, the experimental results are compared
[25]. Fig. 16(d) reveals that the simulated result of the as-cast poly-
crystalline HfNbTa is good agreement with the experimental result. At
the yield point of the curve, the CPFE simulation shows the insufficient
prediction. The experimental result shows the bilinear characteristics,
while the simulation shows a smooth transition of the gradually accu-
mulated slip strain near the yield point. The yield point of the annealed
HfNbTa is 132.3 MPa higher than that of the as-cast sample. The local
ordered structure hinders the cross-slip and reduces the double-kink
nucleation rate of the screw dislocations, resulting in high strength of
MPEA [11,12].

Fig. 17 shows the distribution of the (100), (110), and (111) pole
figure after the uniaxial tension. Compared with the undeformed sample
(Fig. 5), only a small area with higher density appears on the (100),
(110), and (111) planes. The maximum intensity value is 1.6 after
deformation in Fig. 17, which is smaller than 2.5 before deformation in
Fig. 5. Thus, there is no obvious texture after the plastic deformation. As
the deformation continues, the (111) orientation of most grains after
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Fig. 16. (a) The pole figure in the initial texture of RVE. (b) The stress-strain curve of different grain numbers. (¢) The stress-strain curve of the polycrystal with 200
grains for different element numbers. (d) Mechanical response of the as-cast and annealed HfNbTa from the simulated and experimental results.
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Fig. 17. The pole figure at the strain of 13 % in the (a) as-cast and (b) annealed HfNbTa.

rotation tends to the deformation axis, and finally a stable (111) texture
is formed [82]. From Fig. 17, it can also be seen that the grain orien-
tation is obviously different in the as-cast and annealed RMPEA. The
positions of the maximum intensity move around between pole figures
of the as-cast and annealed RMPEAs. Although the degree of the grain
internal deformation is different, the relative uniform distribution oc-
curs in the grain orientation. The annealed HfNbTa shows the stronger
texture (Fig. 17), due to the local ordered structure refuses to permit the
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free deformation of the materials at the high heterogeneous lattice strain
[32].

Fig. 18 shows the spatial distribution of the von Mises equivalent
strain after the loading to the strain of 0.5 %, 1 %, 5 %, and 12 %. To
probe the deformation characteristics of each grain, the white lines
showing the grain boundaries are overlaid on the strain maps. In
generally, the model of the equivalent strain distribution is largely
similar at each strain level from the yield point to strain hardening stage.

Fig. 18. Strain distribution of the as-cast and annealed HfNbTa RMPEA at the strain of 0.5 % (elastic stage), 1 % (yield point), 5 % and 12 % (plastic stage).
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Fig. 19. Strain statistics of the as-cast and annealed HfNbTa RMPEA at the strain of (a) 1 % (yield point), and (b) 12 % (plastic stage).

As a result, the highly heterogeneous large equivalent strain is centrally
distributed in several grains (Fig. 18), to adapt to the plastic deforma-
tion. Regardless of the HfNbTa RMPEA in the elastic and plastic defor-
mation stages, some regions always maintain the lowest relative
equivalent strain, corresponding to the locations containing the large
grains. It is worth noting that the higher equivalent strain occurs in the
annealed sample compared to the as-cast sample (Fig. 18). The existence
of CSRO structure would be expected to suppress the dislocation slip or
stacking-fault glide for increasing the difficulty of the plastic deforma-
tion, and raises the strength of the annealed HfNbTa RMPEA. For the
NiCr alloys with high SRO degree, the occurrence of the extensive
deformation twins together with microbands delay the decrease of strain
hardening rate to a certain extent [75]. In the high specific strength
steel, SRO would facilitate the planar slip for the high strain hardening
rate [83]. The strength-plasticity synergy is observed in the CoCrNi
MPEA with the local ordered structure owing to a strong lattice distor-
tion generated in the compositional undulation [84]. Hence, the CSRO
results in the obvious heterogeneous strain partitioning (Figs. 18 and
19), which forms a strong strain gradient in the adjacent grain interiors
to act in response to the plastic deformation of the HfNbTa RMPEA.

In addition to the strain distribution, the partitioning of local von
Mises stress is another important criterion for characterizing the plastic
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deformation behavior in the metallic materials [24,85]. The von Mises
stress distribution is presented in Fig. 20. The relative high stress dis-
tribution pattern of the initial yielding stage is similar with the contin-
uously increasing strain (Fig. 19), where the areas being close to the high
stress gradually increases the stress amplitude. This trend is almost
consistent with the changeable rule of the strain map, but the high
equivalent strain may not reflect regional high stress conditions (Figs. 18
and 20). In comparison with the strain maps, the stress distribution
shows relatively uniform except for a few obvious local stress concen-
trations. The annealed HfNbTa RMPEA exhibits the higher von Mises
stress at the same strain level due to the CSRO (Fig. 21). The average
value of the stress distribution is greater with the increased strain,
indicating that the inhomogeneous degree of the von Mises stress dis-
tribution become more serious at the high strain to respond well to the
plastic deformation of the high-strength HfNbTa RMPEA. In addition,
the heterogeneous stress partitioning can surely contribute to the
stronger back-stress-induced strain hardening in the annealed HfNbTa
RMPEA. Simultaneously, the resultant change of internal von Mises
stress distribution activated by the local ordered structure produces the
localized and inhomogeneous deformation in some adjacent grains [86].
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Fig. 20. Stress distribution of the as-cast and annealed HfNbTa at the strain of 0.5 % (elastic stage), 1 % (yield point), 5 %, and 12 % (plastic stage).
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Fig. 21. Stress statistics of the as-cast and annealed HfNbTa at the strain of (a) 1 % (yield point), and (b) 12 % (plastic stage).

6. Conclusions

In the present work, we propose a crystal plastic method based on the
hierarchical multiscale crystal plasticity model, to reveal the strength-
ening mechanism and deformation behavior in the BCC HfNbTa RMPEA.
The current framework successfully captures the lattice strain fluctua-
tions dominated by CSRO structure, and predicts the mechanical
behavior of the as-cast and annealed HfNbTa under the tensile loading.
The comparison of simulation and experiment shows that the developed
framework accurately predicts the mechanical response of the HfNbTa
at mesoscale. At the microscale, the local stress fluctuations caused by
CSRO structure hinder dislocation slip, resulting in a significant increase
in the strength of dislocation junctions for the forest networks. The
mechanical behavior of the single crystal shows the annealed HfNbTa
has higher strain hardening level than the as-cast sample. The CPFE
simulations show that the annealed polycrystalline HfNbTa has stronger
texture and more serious degree of inhomogeneous stress distribution at
the high strain. The free deformation of the material is not allowed
under high heterogeneous lattice strain, and local ordered structure
refuses to permits free deformation under high heterogeneous lattice
strain, to respond well to the plastic deformation of the high-strength
HfNbTa. In addition, the plastic deformation in the annealed HfNbTa
is difficult owing to the inhibition of dislocation slip. The CSRO leads to
an obvious heterogeneous strain and stress partitioning, which forms a
strong strain gradient in the adjacent grain interiors, and then contrib-
utes to the strong back-stress-induced strain hardening in the annealed
HfNbTa. The multiscale crystal plasticity framework is very useful for
optimizing and designing the composition heterogeneity of BCC multi-
component alloys to achieve both strength and toughness improvement.
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