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A B S T R A C T

This paper presents a mesoscale concurrent atomistic–continuum (CAC) simulation of crack
initiation at the atomically structured grain boundaries (GBs) in bi-crystalline BCC iron (𝛼-
Fe) charged with hydrogen (H). By retaining the atomistic GB structure evolution together
with the long-range dislocation-mediated plastic flow away from the GB in one model at a
fraction of the cost of full molecular dynamics (MD), CAC enables us to probe the interplay
between the atomic-level H diffusion, the nanoscale GB cavitation, crack initiation, growth, as
well as the dislocation activities far away from the GB. Our several main findings are: (i) a
tensile strain normal to the GB plane largely promotes the H diffusion towards the GB. (ii)
the plasticity-induced clustering of H atoms (PICH) is identified as an intermediate process in
between the H-enhanced localized plasticity (HELP) and H-enhanced de-cohesion (HEDE). (iii)
PICH significantly amplifies the local stress concentration at the GB and decreases its cohesive
strengths, and (iv) the GBs with different atomic structures fail differently. In detail, the H-
charged 𝛴3 GB fails through micro-twinning assisted void nucleation and coalescence, while
the H-charged 𝛴9 GB fails through crack initiation and growth accompanied by dislocation
emission. Compared with nanoscale molecular dynamics (MD) simulations, the mesoscale CAC
models get one step closer to the experimentally measurable length scales and thus predict
reasonably lower GB cohesive strengths. This research addresses one key aspect of how H
impacts the GB cohesive strengths in 𝛼-Fe. It offers insights into the multiscale processes
of hydrogen embrittlement (HE). Our findings highlight the importance of using concurrent
multiscale models, such as a combination of CAC, crystal plasticity finite element (CPFE), and
cohesive zone finite element method (CZFEM), to understand HE. This will, in turn, support
the development of new strategies for mitigating HE in a variety of engineering infrastructures.

. Introduction

Hydrogen embrittlement (HE) constitutes a significant challenge in engineering, particularly affecting the durability and
integrity of many infrastructures, such as oil pipelines, power plants, hydrogen vehicles, etc. This phenomenon occurs when
hydrogen (H) atoms permeate the metallic lattice, which reduces ductility and often results in unexpected and catastrophic failure
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modes (Robertson et al., 2015; Martin et al., 2020). It has been aware and intensively studied since 1875 (Johnson, 1875) with
various mechanisms being proposed.

The most representative two of them are: (i) The H-enhanced localized plasticity (HELP) (Ferreira et al., 1998; Kacher and
obertson, 2012; Birnbaum and Sofronis, 1994). HELP suggests that H promotes the mobility of dislocations, enhances a localized

slip, and then a stress concentration for initiating a crack. (ii) By contrast, the H-enhanced de-cohesion (HEDE) (Pfeil, 1926;
Lynch, 2011), argues that the presence of hydrogen in a metal can significantly weaken the bonds between metal atoms and leads
to a reduced cohesive strength, which causes brittle fracture. Despite the great credibility of these two and many other similar
mechanisms (Li et al., 2020; Isfandbod and Martínez-Pañeda, 2021; Fujihara et al., 2024; Wan et al., 2019; Liang et al., 2021; Song
and Curtin, 2011, 2012; An et al., 2020), a commonly agreed wisdom that can address the full complexity of HE does not exist yet
because: (a) These mechanisms often focus on only one aspect of HE by emphasizing the effects of H on material behavior at specific
length scales, such as the effect of H on the mesoscale slip in HELP, or the H-induced atomic bond weakening in HEDE, instead
of probing a synergy of several processes across multiple length scales. (b) These mechanisms either ignore the fine-scale structure
changes induced by the atomic-level H diffusion (e.g., HELP) or ignore the far-field stresses induced by the collective dislocation
(e.g., HEDE) or other defects activity away from the HE sites. As a consequence, not surprisingly, when the atomistic nature of H
diffusion and dislocation core structure is considered, the dislocation mobility contradicts the prediction by HELP (Song and Curtin,
2014). Similarly, when the far-field stress is considered (Warner et al., 2007), dislocations do not always emit from the crack tip. but
compete with twinning. Clearly, the mechanisms of H-induced damage are complex. It may be coupled with twinning (Khanchandani
et al., 2023), phase transformations (Li et al., 2017), and void and crack nucleation in plastically deformed materials. A mechanistic
understanding of it demands an in-depth analysis across a broad range of length scales.

From the experimental point of view, current efforts on HE studies at different scales rely on advanced techniques with different
resolutions. For instance, to characterize the H-induced material microstructure change, high-resolution transmission electron
microscopy (HRTEM) or high-resolution scanning electron microscopy (HRSEM) is often used to image the dislocation and GB
configuration in an H-charged sample under deformation (Yin et al., 2019; Martin et al., 2019; Deng and Barnoush, 2018; Okuno
and Takai, 2023; Robertson, 2001; Koyama et al., 2014; Kim and Tasan, 2019; Koyama et al., 2020; Gong et al., 2022; Huang et al.,
2023). To characterize H diffusion dynamics and its dependence on the material microstructure, secondary ion mass spectrometry
(SIMS) is often used for measuring the H concentration and distribution, offering a very high microstructure sensitivity and spatial
esolution (Saintier et al., 2011). These experimental efforts aim to provide evidence to support the existing HE mechanisms. For
nstance, in HRTEM (Robertson, 2001), it was found that the spacing between dislocations in the pileup near a GB significantly
ecreases when the sample is charged with H. Such an observation was argued as one main evidence to support HELP by assuming

that H has promoted the dislocation motion. Similarly, in SIMS (Saintier et al., 2011), it was found that H atoms tend to accumulate
nearby dislocations, GBs, and voids, which can be considered as evidence for HEDE. Despite their great insights, these experimental
esults still need to be taken with caution because: (a) the sample preparation, such as the TEM sample preparation using the

focused ion beam, may have introduced stress states largely deviating from that in bulk. (b) these experimental attempts focus on
haracterizing either the material microstructure, such as dislocation and GB configuration in HRTEM, or the H distribution, such
s SIMS. Imaging of the simultaneous dislocation and GB structure evolution together with the H diffusion along the dislocations
nd GBs is not achieved until a recent attempt in Koyama et al. (2020). The hidden mechanisms underlying HE might have been

missed from single-scale experiments. This thus necessitates high-fidelity simulations as a supplemental.
Historically, continuum mechanics-based computer simulations have enjoyed the most popularity in understanding HE by

onsidering it a mechanical-diffusion coupling problem. As reviewed in Peng et al. (2023b), existing continuum models (Sofronis
and McMeeking, 1989; Novak et al., 2010; Barrera et al., 2016; Zirkle et al., 2021; Asano and Otsuka, 1976; Beachem, 1972; Matsui
et al., 1979; Ilin et al., 2014; Charles et al., 2017; Abdolvand, 2019; Arnaudov et al., 2020; Hassan et al., 2019; Hussein et al., 2021;
Tondro et al., 2023; Li et al., 2023) can be used to characterize the homogenized behavior with the fine-scale hydrogen diffusion
dynamics at the atomically structured GB being smeared out. To predict HE in polycrystalline materials, a two-way coupling model
will be needed by being equipped with four necessary components: (a) an explicit model for the grain structure. (b) a crystal
plasticity finite element (CPFE) solver to simulate how the material deforms with its constitutive models being decorated with the
effect of H. (c) a diffusion equation to solve how the H concentration field evolves under the effect of local stresses. And (d) the
H diffusivity and its dependence on local stresses and structures, such as pipe diffusion along the dislocations or GBs. Despite the
importance of each component, it is always not so trivial to include all of them simultaneously. Existing models often only include a
few among these four (Rimoli and Ortiz, 2010; Pu et al., 2017). Moreover, even though all four components are included, to achieve
a high predictive capability, a two-way coupling model for polycrystalline samples with the grain structures retained still requires
the constitutive rules to be carefully calibrated from either experiments or fine-scale, such as molecular dynamics (MD) simulations.

At the atomic scale, MD is one of the most popular simulation tools for studying H diffusion, dislocation motion, GB cavitation,
cracking, and their interaction with each other. By tracking the motion of each atom, extensive MD simulations were performed
to show: (1) H diffusion around a screw dislocation core is much slower than that away from the core (Kimizuka and Ogata,
2011). (2) the H diffusion energy barrier exhibits an obvious dependence on the structures of dislocation cores, GBs, and triple
junctions (Sanchez et al., 2010; Zhou et al., 2021). (3) the H aggregation at the crack tip suppresses the dislocation emission and
auses a ductile-to-brittle transition in BCC iron (Song and Curtin, 2012). (4) the critical ’pop-in’ forces in the nanoindentation

tests on an H-charged sample are significantly lower than that without H (Zhou et al., 2016b; Yavas et al., 2020), and among many
others (Song and Curtin, 2014; Chen et al., 2021). Although MD simulations have largely advanced our understanding of HE, a direct
usage of the results from such simulations to explain the experimental results was often taken with conservation for two reasons.
Firstly, due to its high computational cost, the simulation cell in MD is usually limited to tens of nanometers. Consequently, the
2 
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dislocation density and H concentration in MD are often unrealistically high. Secondly, the long-range stress induced by accumulating
a large population of dislocations at the GBs (Guo et al., 2015) spans a range of micrometers and is often cut off in MD.

Clearly, neither continuum nor atomistic models alone can cover the full spectrum of the complexity of HE, which involves the
interaction between H diffusion, dislocation plasticity, GB cavitation, and cracking. A multiscale model that can take advantage of
both continuum and atomistic models but can overcome their limitations is needed. This model should: (i) scale up in length to
accommodate the mesoscale dislocation activities and grain structures but retain the atomistic resolution for dislocation core, GBs,
and H diffusion. (ii) Abandon the deployment of empirical constitutive rules, which assume fast/slow H diffusion along the material
defects and H-induced softening/hardening, by using the interatomic force field as the only input but requiring a significantly less
computational cost than that by MD. (iii) Allow H diffusion, dislocation migration, and crack propagation in both atomistic and
continuum domains without the need for any additional treatments.

We argue that a recent concurrent atomistic–continuum (CAC) method developed by Xiong and co-workers (Xiong et al., 2012b;
Xu et al., 2018, 2017; Chen et al., 2018; Ji et al., 2024; Xiong and Chen, 2009b; Ji et al., 2022) satisfies these needs and will be thus
deployed here. CAC was shown to be capable of modeling: (1) the long-range internal stress concentration induced by the reaction
etween a microscale slip containing a large population of dislocations and an atomically structured GB (Peng et al., 2022). (2) the

relaxation of such a stress concentration by H diffusion (Peng et al., 2023b), dislocation transmission (Su et al., 2023), twinning
nd phase transformation (Peng et al., 2023a) across the GB.

For the first time in this work, CAC simulations accommodate the atomic-level H diffusion, nanoscale GB cavitation, and cracking,
s well as the mesoscale dislocation slip away from the atomically structured GB all in one model. Compared with existing models
or simulating HE, CAC brings benefits in two main aspects. Firstly, it is a two-way deformation–diffusion coupled model without
mearing out the atomistic nature of H diffusion, dislocation emission, and GB crack initiation. Secondly, it requires the interatomic
otential as the only constitutive input but expands the predictive capability of MD simulations from the nanoscale to the mesoscale
t a fraction of the cost of MD. As a consequence of these two benefits, the CAC simulation tool will offer us an alternative vehicle
hat can be used to arrive at a mechanistic understanding of HE by characterizing its multiscale nature at an unprecedented fidelity.

In this study, taking the bi-crystalline alpha-iron containing a typical tilt GB as an example, the coupled dynamics between H
diffusion, GB cavitation, cracking, dislocation emission, and migration away from the GB will be characterized by CAC. In the rest
f this paper, we will first introduce the methodology and model set-up in Section 2. The simulation results will be analyzed and

discussed in Section 3. We will then end this paper with a summary of our major findings in Section 4 and then a brief discussion
f future attempts in Section 5.

2. Methodology and computational model setup

The CAC model for a sub-micron-sized bi-crystalline BCC iron sample (dimension: 356 nm × 672 nm × 7 nm) containing a
tilt GB charged with H is illustrated in Fig. 1. The CAC simulation tool is built upon the finite element (FE) implementation of a
ormulation (Chen, 2006, 2009; Chen and Diaz, 2016; Chen, 2016; Chen and Diaz, 2018; Chen, 2024) that unifies the atomistic

and continuum description of materials via Kirkwood’s statistical mechanical theory of transport processes (Kirkwood, 1946, 1947;
Irving and Kirkwood, 1950; Bearman and Kirkwood, 1958). In this formulation, continuum quantities, such as mass, energy, and
tress, are defined in terms of atomistic forces, displacement, and velocities, respectively. Atomistic-informed balance equations were
hen derived, which are analogous to the balance equations in continuum mechanics but with atomistic information built in. Thus,
ontinuum modeling techniques, such as FE, can be used to solve them. The discretization of a sample, such as the interior of Grain-I
nd Grain-II in Fig. 1a, into these FEs leads to a coarse-grained (CG) description of materials (Chen et al., 2018; Ji et al., 2024,

2022; Xiong and Chen, 2009a; Xiong et al., 2011, 2012a,c). Such a CG description of materials by FE has three unique features: (1)
Each FE in the CG domain is a collection of crystal lattice cells. (2) The forces acting on the Gauss quadrature points and then the FE
nodes are derived and calculated (Xiong et al., 2011) from the interatomic force fields, such as the Embedded Atom Method (EAM)
orce field for Iron (Fe)-Fe and Fe-H (H) interactions (Song and Curtin, 2012) used in this work. (2) The FE in the CG domain is

carefully designed, with the boundaries between FEs being aligned along the slip planes of the materials under consideration. This
lignment ensures that post-nucleation, both smooth (Chen et al., 2018; Xiong et al., 2011, 2012a,c) and rough dislocations (Ji et al.,

2024, 2022) can migrate along the FE boundaries. Without the need for any special numerical treatments, this model can seamlessly
ransfer dislocations and also cracks (Xiong et al., 2012b; Peng et al., 2022, 2023a; Yang and Chen, 2015) between atomistic and
E domains in a self-consistent manner. In this way, CAC provides us with a unique platform to simulate the atomistic-to-nanoscale
avitation, crack nucleation, and growth of an H-charged GB, as well as the mesoscale dislocation activities in a far field away from
he GB.

As a demonstration of the unique capability of CAC, two particular GBs, 𝛴3 and 𝛴9 symmetric tilt grain boundaries (STGBs), are
elected and considered here. Instead of simulating the long-term slow H segregation from the far field into the GB, here, 79,000

H atoms are directly inserted into the atomistic domain near the GB. The Fe-Fe and Fe-H interactions are described using the EAM
force field (Song and Curtin, 2012). This approximately leads to an H concentration of 0.074 mol/L for the sample dimension under
onsideration here. The initial positions of those H atoms are random, and their distribution is initially uniform in space. To the best

of our knowledge, two strategies are mostly commonly used in the literature to achieve a relatively realistic H distribution on the
GBs: (i) one is to introduce hydrogen into certain favorable sites on the GB, which were identified through density functional theory
alculations, such as the work (Zhou et al., 2016a). (ii) the other is to use a combined kinetic Monte Carlo and MD to generate

many sets of initial models and then choose the one with lower potential energy, such as that in Barrows et al. (2016). In this paper,
we introduce H atoms into GB randomly and then relax the H-charged GB. It is not as rigorous as the two approaches above but is
3 
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Fig. 1. The mesoscale CAC computer model set-up for a bi-crystalline BCC iron containing a tilt GB charged with H: (a) coarse-grained (CG) description of
Grain I (blue) and Grain II (green) by finite element (FE) together with the atomistic description of the GB charged with H within one model. The dimensions
of the grains are annotated; (b) Zoom-in view of the GB domain in the model highlighting the atomistic resolution near the GB and the FE configuration in the
CG region away from the atomically structured GB. (For interpretation of the references to color in this figure legend, the reader is referred to the web version
of this article.)

Fig. 2. The atomic configurations at (a) 𝛴3 and (b) 𝛴9 GBs, respectively, with atoms in Grain I being colored with blue and that in Grain II with green. (For
interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

close to that in Barrows et al. (2016). We have performed several sets of additional simulations with different initial H distributions
and found that the simulation results remain qualitatively the same as what has been reported here.

The configuration with very small Fe-H and H-H separations will be avoided, as shown in Fig. 1b. For 𝛴3 GB, the lattice
rientations are chosen to be 𝑥[110], 𝑦[1̄11], and 𝑧[11̄2] in Grain-I; and 𝑥[110], 𝑦[1̄11̄], and 𝑧[1̄12̄] in Grain-II (see Fig. 2a), respectively.

For 𝛴9 GB, the lattice orientations are chosen to be 𝑥[11̄0], 𝑦[114̄], and 𝑧[221] in Grain-I; and 𝑥[11̄0], 𝑦[114], and 𝑧[2̄2̄1] in Grain-II
4 
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Fig. 3. The local Von-Mises stress 𝜎𝑣 near (a) 𝛴3 and (b) 𝛴9 GBs calculated with Eq. (1) in the absence and presence of H, respectively.

(see Fig. 2b), respectively. Each FE in the CG region away from the GB contains 1728 atoms. The model encompasses roughly 77,000
FEs and ≈17.4 million discrete atoms at the GBs. If one relies on full MD to model this system, it will contain 150 million atoms.
Thus, deployment of CAC here leads to a gain of computational efficiency by reducing the number of degrees of freedom to 12% of
a full MD model. The thickness of the atomically structured GB region is 37 nm (see Fig. 1b). To simulate the GB cavitation, crack
nitiation, and growth under the effect of H diffusion, the bi-crystalline model is then deformed under a uniform stretch along a
irection perpendicular to the GB plane. A constant temperature (Ji et al., 2024, 2022) of 300 K is imposed. The equation of motion

is integrated with a time step of 0.001 ps. Periodic boundary conditions (PBCs) are applied along all three directions of the model.
It should be noted that the geometric setup deployed in our simulations also acknowledges the tri-axial nature of void nucleation,

GB crack initiation, and growth. Although a three-dimensional setup is often desired to support the interpretation of the experimental
bservations, here we use a thin-layer model with PBCs along the x-direction as an approximation to plane strain for reducing the
omputational cost. This setup is reasonably appropriate for symmetric tilt GBs, where the effects outside the 𝑦𝑧-plane are less
ignificant. We have also conducted a sensitivity analysis to demonstrate that the thin-layer approximation does not significantly
lter the results for these specific GB configurations. Also, we adopted a stress-controlled loading strategy to deform the sample here.

In detail, the tensile stress applied on the sample is gradually increased at each time step and then the system was equilibrated after
ach time step to ensure that the stress–strain curves represent the material’s constitutive response to a quasi-static loading.

3. Simulation results

3.1. GB stresses, free volumes, and H diffusion at the GBs

With an atomistic resolution at the GB, CAC enables us to calculate the local stresses, free volumes, and H diffusion coefficient,
all at atomic scales. Given the dynamic nature of the present CAC run, it should be pointed out that the atomic stresses and volumes
presented here are from a time averaging of them in a duration of 20 ps.

The local stresses from CAC simulations of the relaxation of the bi-crystalline BCC iron containing 𝛴3 (Fig. 3a) and 𝛴9 GBs
(Fig. 3b) in the absence/presence of H are analyzed here. For simplicity, a Virial stress formula (Chen, 2016), rather than the recent

echanical stress (Chen, 2016; Ji et al., 2018), was used here for calculating the six stress components on each atom, although the
mechanical stress was shown to be unconditionally consistent while the Virial stress formula was conditionally consistent with the
concept of Cauchy stress in continuum mechanics (Chen, 2016) . The Von Mises stress noted as 𝜎𝑣, is then calculated from the six
stress components through:

{1 2 2 2 2 2 2
}

1
2
𝜎𝑣 =

2
[(𝜎𝑥𝑥 − 𝜎𝑦𝑦) + (𝜎𝑦𝑦 − 𝜎𝑧𝑧) + (𝜎𝑧𝑧 − 𝜎𝑥𝑥) ] + 3(𝜏𝑥𝑦 + 𝜏𝑦𝑧 + 𝜏𝑧𝑥) (1)

5 
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Fig. 4. The atomic volume analysis near (a) 𝛴3 and (b) 𝛴9 GBs in the absence and presence of H, respectively.

Fig. 5. The atomic volume analysis near the (a) 𝛴3 and (b) 𝛴9 GBs in the presence of H, respectively. (For interpretation of the references to color in this
figure legend, the reader is referred to the web version of this article.)

Fig. 6. The MSD curves resulting from CAC simulations of H atom diffusion at 𝛴3 and 𝛴9 GBs. (For interpretation of the references to color in this figure
legend, the reader is referred to the web version of this article.)
6 
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Fig. 7. (a) Initial grain boundary structure with hydrogen, and strain sequences of the snapshots of the H (yellow) clustering process near (b) 𝛴3 and (c) 𝛴9
Bs, respectively, with potential void and crack initiation sites being circled in red. (For interpretation of the references to color in this figure legend, the

reader is referred to the web version of this article.)

Several major observations from Von Mises distribution in Fig. 3 are: (a) The residual stresses at the GB after the relaxation are
onsiderably higher than those away from the GB. (b) The residual stresses at the 𝛴9 GB are higher and span a longer range than

that near the 𝛴3 GB. (c) An insertion of H into the model enhances the stress heterogeneity near the GBs, and (d) the H-charged
𝛴9 exhibits a stronger stress heterogeneity than 𝛴3 GB does.

As a conjugate to local stress analysis, to quantify the H-induced structural changes, the time-averaged atomic volume analysis
s also performed here. Relevant results are presented in Figs. 4 and 5. For the instantaneous atomic configuration at each time step,

the atomic volume associated with each atom on the GB was calculated through two steps. Firstly, a Wigner–Seitz cell (Wigner and
eitz, 1933) around each atom on the GB is constructed. Then, the volume of each Wigner–Seitz cell is calculated and assigned as

the volume of the atom under consideration.
Fig. 4 shows the atomic volume distribution near the H-charged 𝛴3 and 𝛴9 GBs, respectively, with a time-averaging of the

instantaneous atomic configuration over a duration of 20 ps. It is observed that, for the 𝛴9 GB, after charging it with H, the volumes
around a majority of atoms are 12 Å3, whereas they are only 11 Å3 at the 𝛴3 GB. To confirm it, Fig. 5 shows the statistical analysis
of the atomic volumes near the H-charged 𝛴3 and 𝛴9 GBs, respectively. The horizontal axis of Fig. 5 is the atomic volume, and
he vertical axis of it is the population of the atoms carrying that volume. Here, the volumes of each atom in a thin domain with a

thickness of ≈30 nm around the GB are calculated and then condensed into the histogram in Fig. 5.
Several main findings from Fig. 5 are: (1) Peaks appear in the histograms for both 𝛴3 and 𝛴9 GBs, but the atomic volumes

nearby 𝛴9 GB span a wider range than that nearby the 𝛴3 GB. The reason is that, for 𝛴3 GB, the atoms near the GBs are densely
acked in the same manner as they are within the domain away from the GB. As a consequence, the peak in Fig. 5a for 𝛴3 GB
ccurs at 10 Å3, which is the volume around an atom in a perfect BCC iron. Instead, for 𝛴9 GB, due to the presence of the open

atomic structures, which largely deviate from the dense atomic packing in BCC iron, a broad peak appears in Fig. 5b. (2) When the
sample is charged with H, in both 𝛴3 and 𝛴9 GBs, the peaks in the histograms shift from smaller atomic volumes to a large end
(or from left to right in Fig. 5b). Such peaks shift more (from 10 Å3 to 11 Å3) in 𝛴9 GB than they do (from 10 Å3 to 10.5 Å3) in
3 GB. This observation implies that charging the sample with H introduces more free volumes at 𝛴9 GB than it does at 𝛴3 GB.

3) In addition to the shift of a peak, charging the sample with H has also caused a broadening of the peaks. The H-induced peak
roadening in 𝛴9 GB is more substantial, highlighting a greater variation in atomic volumes than that in 𝛴3 GB. It is thus believed

that the presence of H causes more structure changes in the GB with open structures, such as 𝛴9, than that in a dense GB, such as
3.

As a consequence of such a difference in H-induced structure changes, the H diffusion dynamics at 𝛴9 GB differs from that
t 𝛴3 GB. To characterize the local diffusivity near the GB, after the whole system was equilibrated for 20ps, we calculate the
7 
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Fig. 8. Strain sequences of the snapshots of the hydrogen concentration profile near (a) 𝛴3 and (b) 𝛴9 GBs, respectively. Color from blue to yellow indicates
the relative value from low to high. Voids and cracks are pointed with red arrows. (For interpretation of the references to color in this figure legend, the reader
is referred to the web version of this article.)

mean square displacement (MSD) of H atoms over a duration of 100 ps. A calculation of the MSD provides us with opportunities
o calculate the local H diffusion coefficient, 𝐷, as a first derivative of the MSD curve with respect to time. This will lead to a
uantitative description of the collective motion of the H atoms on the GB. The diffusion coefficient is a critical factor in HE

because it quantitatively reflects the propensity of the H atom’s migration through the materials, especially the GBs, a process
hat may culminate in material degradation.

In this work, MSD is calculated using the equation as below:

MSD = lim
𝑡→∞

1
6𝑁

𝑁
∑

𝑖=1
⟨|𝐱(𝑡) − 𝐱(0)|2⟩ = 1

6
lim
𝑡→∞

1
𝑁

𝑁
∑

𝑖=1
|𝐱(𝑖)(𝑡) − 𝐱(𝑖)(0)|2 (2)

where 𝑁 represents the number of H atoms considered in the calculation, and 𝐱(𝑡) denotes the position vector of the 𝑖th H atom at
time 𝑡, relative to its initial position 𝐱(0). Fig. 6b shows the CAC simulation-predicted MSD curves for H diffusion along 𝛴3 (red)
and 𝛴9 GBs (blue), respectively. Obviously, the slope of the red curve for 𝛴3 GB is smaller than that for 𝛴9 GB. It suggests that
the H atom diffuses more slowly at 𝛴3 GB than it does at 𝛴9 GB. This corresponds well to the previous local stress and atomic
volume analysis results because an easier H diffusion will be expected at the 𝛴9 GB, where higher local stress and larger atomic
volumes are present. Quantitatively, the H diffusion coefficient near the 𝛴3 GB is 9.4 × 10−9 m2/s and 1.07 × 10−8 m2/s at the 𝛴9
GB, respectively. This is consistent with that from recent MD simulations and experimental study (Strauch et al., 2023).

3.2. H clustering, dislocation emission, cavitation, and cracking at the GBs

After relaxation, the simulation cell is deformed under tension along a direction normal to the GB plane. The deformation is
realized through a stress-controlled loading strategy. In detail, tension was imposed by elongating the simulation cell until a desired
stress along the 𝑧 direction was achieved.

Fig. 7 presents the strain sequences of snapshots of the H diffusion process near 𝛴3 and 𝛴9 GBs under tension. In this figure, iron
atoms are illustrated in blue, and H atoms are shown in yellow. The red circles highlight the regions where H atom clusters start
to form. The snapshots are taken starting from the onset of plastic deformation until the onset of GB de-cohesion. Fig. 7 provides
a clear view of the diffusion dynamics of H atoms at different tensile strains. Initially, at a lower level of strain (𝜀 = 0.019 for
𝑧𝑧
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Fig. 9. Strain sequences of the snapshots of the von Mises stress distribution near (a) 𝛴3 and (b) 𝛴9 GBs, respectively, with potential void/crack initiation sites
circled in black. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 10. Strain sequences of the snapshots showing the defect structure evolution near (a) 𝛴3 and (b) 𝛴9 GBs under a tension normal to the GB plane.
VITO (Stukowski, 2009) has been used here to show the defects around the GB. Dislocations are displayed in green. GB and stacking faults are shown in gray.

(For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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Fig. 11. Strain sequences of snapshots showing the defect structure evolution and subsequent failure (cavitation and cracking) process for: (a) 𝛴3, and (b) 𝛴9 GBs,
espectively. Only the iron atoms near the GBs are displayed here. The atoms are colored according to their centrosymmetry parameters in OVITO (Stukowski,

2009). The blue color indicates a perfect atomic configuration in BCC iron, and the red color indicates the defects deviating from the BCC atomic configurations.
(For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

𝛴3 GB and 𝜀𝑧𝑧 = 0.014 for 𝛴9 GB), H atoms intend to migrate towards the GBs, indicating the early stages of hydrogen clustering.
When the applied strain increases, the H clusters form, especially visible in the middle and right images for both 𝛴3 and 𝛴9 GBs.
The red circles indicate the sites where the significant accumulation of H atoms appears. For the 𝛴3 GB, this phenomenon becomes
evident at a strain of 𝜀𝑧𝑧 = 0.069. By contrast, for 𝛴9 GB, such H atom clustering is observed at a slightly lower strain of 𝜀𝑧𝑧 = 0.053.
These H clustering spots act as preferential sites for void nucleation and will contribute to material failure eventually. Upon a
continuous increase of the strain (𝜀𝑧𝑧 = 0.069 and 𝜀𝑧𝑧 = 0.086 for 𝛴3 GB; 𝜀𝑧𝑧 = 0.053 and 𝜀𝑧𝑧 = 0.078 for 𝛴9 GB), such a plastic
deformation-induced clustering of H atoms (PICH) at the GBs further intensifies.

To quantitatively correlate the H concentration profile with the deformation, as a post-processing procedure, the samples near
he GBs are divided into several finite-sized columnar-shaped volumes (7 nm × 2 nm × 2 nm). The axis of each columnar volume

is along the sample thickness direction (𝑥 direction in Fig. 1). At each frame of the CAC simulation results, the number of H atoms
ithin each columnar volume is counted. Fig. 8 shows the H atom concentration profile near the 𝛴3 and 𝛴9 GBs under different

ensile strain. The top row in Fig. 8a presents the H concentration profile nearby the 𝛴3 GB when the applied strain is 𝜀𝑧𝑧 = 0.019,
𝑧𝑧 = 0.069, and 𝜀𝑧𝑧 = 0.086. The bottom row in Fig. 8b presents the H concentration profile nearby the 𝛴9 GB when the applied
train is 𝜀𝑧𝑧 = 0.014, 𝜀𝑧𝑧 = 0.053, and 𝜀𝑧𝑧 = 0.078, respectively. The 𝑦 and 𝑧 coordinates in Fig. 8 represent the positions of the center
f each columnar volume, and the vertical axis in Fig. 8 is for the number of H atoms in that columnar volume under consideration.

Our several main observations from Fig. 8 are: (a) For both models, at all different strain levels, the H concentration at the GB
is significantly higher than that away from the GB. (b) Upon an increase of the tensile strain, the H-concentration profile gradually
narrows down to the GB domain in both 𝛴3 (Fig. 8a) and 𝛴9 (Fig. 8b) models. It means that the applied tensile strain promotes the

 diffusion and segregation towards the GB. (c) Multiple H concentration peaks appear at the 𝛴3 GB when 𝜀𝑧𝑧 = 0.086 (Fig. 8a).
And (d) by contrast, only one main peak of the H concentration is seen at the 𝛴9 GB when 𝜀𝑧𝑧 = 0.078 (Fig. 8b). Such different
H concentration profiles at 𝛴3 and 𝛴9 GBs are believed to be responsible for the subsequent different failure mechanisms to be
etailed next. That is, for 𝛴3 GB, several nano-voids simultaneously nucleate at multiple H concentration sites. For the 𝛴9 model,

a main crack nucleates at the site where the H concentrates the most and then grows along the GB.
In parallel to the H concentration profile, Fig. 9 illustrates the Von Mises stress (𝜎𝑣) distribution near the 𝛴3 GB (Fig. 9a) and 𝛴9

GBs (Fig. 9b) under different tensile strain. The atoms are color-coded with their Von Mises stress values. The blue color represents
a low-stress level, while the red color represents a high-stress level.

At the early stage of the deformation (𝜀𝑧𝑧 = 0.019 for 𝛴3 GB and 𝜀𝑧𝑧 = 0.014 for 𝛴9 GB), the stress distribution is relatively
niform with a minor concentration at the GBs. When 𝜀𝑧𝑧 continuously increases, stress concentrations start to develop at the GBs.
or the 𝛴3 GB, this becomes evident at 𝜀𝑧𝑧 = 0.069 and intensifies at 𝜀𝑧𝑧 = 0.086. For the 𝛴9 GB, such a stress concentration begins

at 𝜀𝑧𝑧 = 0.053 and further intensifies at 𝜀𝑧𝑧 = 0.078. A comparison of Fig. 9 and Fig. 8 shows that these stress concentration sites
correspond well to the previously identified H clustering sites.

Accompanied by the plasticity-induced clustering of hydrogen and stress localization at the GB, defects start to appear near the
GB. Fig. 10 shows the strain sequences of the snapshots of the defect structure evolution. A fully atomistic resolution at the GB,
ogether with the positions of the atoms being interpolated from the FE nodal positions away from the GB, enables us to employ
he dislocation analysis algorithm (DXA) in OVITO (Stukowski, 2009; Stukowski et al., 2012) to extract the local dislocation and

stacking fault structure evolution. Fig. 10 shows that: (a) for 𝛴3 GB, when the tensile strain 𝜀 reaches 0.032, stacking faults start
𝑧𝑧
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Fig. 12. NEB results for the defects generations at 𝛴3 and 𝛴9 GBs with and without hydrogen at a tensile displacement 𝑙𝑑 = 5 Å. (a) MEPs of 𝛴3 without
hydrogen charged (red open circles) and with hydrogen charged (blue open circles). (b)–(d) Atomic configurations of replicas along the MEP for the GB with
hydrogen charged. Their corresponding energies are plotted as solid blue circles in (a). (e) MEPs of 𝛴9 without hydrogen charged (red open circles) and with
hydrogen charged (blue open circles). (f)–(h) Atomic configurations of replicas along the MEP for the GB with hydrogen charged. Their corresponding energies
are plotted as solid blue circles in (e). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this
article.)

forming near the H clustering sites at the GB (Fig. 10a). By contrast, for 𝛴9 GB, one curved dislocation with the Burger’s vector of
1∕2[111] is generated from the GB instead of the stacking faults. (b) the stacking faults near the 𝛴3 GB continue to grow and form,
and multiple curved dislocation lines (green) emit from both the GB and the stacking faults when 𝜀𝑧𝑧 = 0.046. While the dislocation
emitting from 𝛴9 GB leaves no defect behind and migrates further into the grain as a straight line when 𝜀𝑧𝑧 = 0.041. (c) Different
from 𝛴3 GB where multiple stacking faults forms when 𝜀𝑧𝑧 = 0.069, dislocations keeps generating from 𝛴9 GB and moves into the
grain.

Upon a further increase of the tensile strain, the sample cannot sustain any more deformation by only emitting SFs or dislocations
rom the GB. At this stage, the local stress concentration may be released through GB cavitation and cracking. To confirm this, Fig. 11

presents the strain sequences of snapshots showing the defect structure evolution and then the subsequent failure process (cavity
nucleation, growth, coalescence, and cracking) for 𝛴3 and 𝛴9 GBs, respectively. Several main findings from Fig. 11 are: (a) 𝛴3 and
𝛴9 GBs fail in different mechanisms. In detail, 𝛴3 GB fractures through nano-void nucleation at several sites where PICH occurs,
growth, and then coalescence (Fig. 11a). By contrast, 𝛴9 GB fracture is seen to be dominated by one main cavity and then the
crack growth along the GB (Fig. 11b). (b) At 𝛴3 GB, the emission of partial dislocations on a plane neighboring to the previously
activated slip plane has led to the formation of micro-twins (Fig. 11a). These micro-twins assist the growth of nano-voids. (c) At
𝛴9 GB, accompanied by the GB cavitation and crack growth, only dislocation emission has been observed. Micro-twins are not seen
near the 𝛴9 GB.

3.3. H-dependent stress–strain curves, cohesive strength, and cohesive zone models

As a quantitative characterization of the effect of hydrogen on GB cohesive strength reduction, here we also perform Nudged
lastic Band (NEB) calculations to measure the energy barrier between the un-deformed and deformed configurations. In these
alculations, the reaction coordinate is defined as the normalized path length along the minimum energy path (MEP) when the
ample is deformed under a tensile strain, with the energy of the first replica along the MEP being set to zero.

Fig. 12 illustrates the results from NEB calculations. The converged MEPs for the 𝛴3 GB without and with hydrogen are denoted
by red and blue circles, respectively. At the same applied tensile displacement (𝑙𝑑 = 5Å), as shown in Fig. 12a, when hydrogen is
present, the energy barrier for stacking fault nucleation from the 𝛴3 GB decreases by 15%, from 1.51 eV to 1.28 eV. Figs. 12b-12d
present the intermediate GB structures along the MEP. It shows the process of stacking fault nucleation and provides us with insights
on how GB structure evolves in the presence and absence of H. In detail, Fig. 12b represents the first replica, which corresponds
11 
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Fig. 13. Stress–strain curves for a bi-crystalline BCC iron sample containing a 𝛴3 and 𝛴9 GB under tension in the presence/absence of H from (a) CAC and (b)
MD simulations, respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

to the first local energy minimum on the MEP. At this stage, vacancies induced by the presence of hydrogen atoms lead to the
relaxation of the GB structure. Upon a further increase of the applied tension, in conjunction with this relaxation, such GB structure
hanges eventually trigger the disorder of the GBs, as shown in Fig. 12c. At this stage, the stacking fault is observed to generate

from 𝛴3 GB.
By contrast, Figs. 12e presents the process of dislocation generation from 𝛴9 GB. In Fig. 12e, the configuration represents a

ocal energy minimum along the MEP path. Fig. 12h illustrates the final configuration for the dislocation generation from 𝛴9 GB.
Obviously, at this stage, the GB atoms have undergone a significant rearrangement. This final state represents a new energy minimum
configuration where the GB has reached a steady-state structure that optimizes local stress distributions and minimizes potential
energy. The MEP curves shown in Figs. 12a and 12e provide a quantitative description of the energy barrier responsible for the GB
tructure changes accompanied by the dislocation and stacking fault nucleation. Fig. 12a shows the MEP for 𝛴3 GB without and with

hydrogen. It shows that the presence of hydrogen significantly reduces the energy barrier for stacking fault nucleation, from 1.51
eV (red circles) to 1.28 eV (blue circles). Such an energy barrier reduction indicates that the presence of hydrogen atoms promotes
dislocation nucleation. As further evidence, similar results have been observed in Fig. 12e, which shows the MEP for 𝛴9 GB with
and without hydrogen for comparison.

Fig. 13 presents the stress–strain curves resulting from CAC and MD simulations of a bi-crystalline BCC iron sample containing a
𝛴3 and 𝛴9 GB under tension in the presence and absence of H. The domain used in the CAC models for computing the stress–strain
curve is a box with a dimension of 7 nm by 356 nm by 672 nm centered at the GB. A choice of this region assures that the calculated
tress–strain curves have captured the material behavior resulting from the hydrogen diffusion dynamics, void nucleation, crack

initiation/growth at the GB, and dislocation and stacking fault activities away from the GB. MD simulations are performed here in
LAMMPS (Thompson et al., 2022) with the same boundary and loading conditions being applied on a nano-sized simulation cell
with a dimension of 2 nm × 45 nm × 67 nm. For both CAC and MD simulations, the domain used for computing the stress state
along 𝑧 direction is the simulation box, as

𝑃𝑧𝑧 =
1
𝑉

𝑁
∑

𝑘=1
𝑚𝑘𝑣𝑘𝑧𝑣𝑘𝑧 +

1
𝑉

𝑁 ′
∑

𝑘=1
𝑟𝑘𝑧𝑓𝑘𝑧 (3)

where 𝑁 is the number of degrees of freedom (nodes and atoms for CAC simulations, and atoms for MD simulations), 𝑉 is the
simulation cell volume, 𝑚𝑘, 𝑣𝑘𝑧, 𝑟𝑘𝑧, and 𝑓𝑘𝑧 are the mass, velocity along 𝑧 direction, position and force component along 𝑧 direction.
As the computation is in parallel for each subdomain, 𝑁 ′ includes the subdomain atoms and elements, and 𝑁 ′ = 𝑁 when the system
is in serial and without periodic boundary conditions.

The CAC simulation-predicted stress–strain curves (Fig. 13a) for both 𝛴3 and 𝛴9 GBs under tension obey the classical elasticity
nitially, characterized by a linear relationship between stress and strain when the applied tensile strain is below 0.04. This indicates

that the material’s deformation is reversible and purely elastic up to 0.04 for a submicron-sized sample under consideration here.
hen the tensile strain is beyond 0.04, the samples’ constitutive responses deviate from linear elasticity and start to deform

lastically. At this stage, under the same tensile strain, the resulting stress in the model containing a 𝛴3 GB is higher than that
ontaining a 𝛴9 GB. It implies that the 𝛴3 GB has stronger resistance to plastic deformation. When the samples are charged with
, three main findings from the stress–strain curves in Fig. 13a are: (i) Both 𝛴3 and 𝛴9 GBs exhibit a notable reduction in the

tress required to achieve the same level of strain, indicating that the presence of H severely reduces the material’s resistance to
eformation. (ii) the stress–strain curves for the H-charged specimen also exhibit a reduction in the elastic limit, implying the onset
f an earlier plastic deformation than that in the sample containing no H. And (iii) the H-charged 𝛴9 GB shows a significantly lower
ensile strength than its non-H counterpart and even lower than H-charged 𝛴3 GB, suggesting that the 𝛴9 GB is more susceptible to
E. This finding highlights the importance of retaining the atomistic structures on the GB if one desires to predict the deformation
ehavior in polycrystalline alloys under H attack.
12 
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Fig. 14. The Von Mises stress field ahead of the tip of a GB crack in a bi-crystalline BCC iron sample containing a 𝛴9 GB under tension in the presence of H
rom (a) nano-sized MD and (b) mesoscale CAC simulations. The dashed line shows the boundary between the simulation cell and its periodic image, and (c)

yield stress for different grain sizes with open circles as MD simulations and solid circles for CAC simulations. (For interpretation of the references to color in
this figure legend, the reader is referred to the web version of this article.)

For verification purposes, MD simulations of the failure of a nano-sized bi-crystalline BCC iron sample containing a 𝛴3 and 𝛴9
GB under tension in the presence/absence of H are also performed here. The stress–strain curves resulting from such MD simulations
are shown in Fig. 13b. Several main observations from Fig. 13b are: (a) similar to CAC simulation results in Fig. 13a, the stress–strain
urves are linear elastic when the applied tensile strain is 0.04 and below, and then followed by a non-linear plastic behavior. (b)
o matter whether the sample is charged with H or not, the same level of tensile strain results in higher stress in 𝛴3 GB than that
n 𝛴9 GB. (c) in the presence of H, the stress required to achieve the same level of strain in both GBs decreases, which gives rise to
he reduction in the elastic limit and a decrease in cohesive strength, with the 𝛴9 GB being more affected than the 𝛴3 GB.

A comparison of Fig. 13a and Fig. 13b shows that, in both CAC and MD simulations, 𝛴3 GB always exhibits higher cohesive
strength than 𝛴9 GB does, no matter it is charged with H or not. When the bi-crystalline BCC iron sample is charged with H,
both CAC and MD simulations predict a GB cohesive strength reduction compared to the sample containing no H. The GB cohesive
strengths predicted by MD are unreasonably high (≈10,000 MPa and above) and can be largely reduced (≈2000 MPa and below)
if a submicron-sized CAC model is deployed. The unrealistic GB cohesive strength at a level of 10,000 MPa in MD is believed to
originate from its limited simulation cell size. In detail, in MD models, the sample dimension along the GB crack growth direction
is only tens of nanometers, which is insufficient to accommodate the long-range stress field ahead of the crack tip. As shown in
Fig. 14a, the nano-sized MD simulation cell has cut off the long-range stress field ahead of the GB crack. As a consequence, the peak
tress at which a GB crack starts to grow has been largely polluted by the stresses from its periodic images (see the dashed line

in Fig. 14 for the boundary between the simulation cell and its periodic image). By contrast, when the sample size is scaled up to
several hundred nanometers in CAC, the long-range internal stresses ahead of the GB crack tip can be well retained (Fig. 14b). Such
an image stress-induced pollution can be largely reduced, and the prediction becomes more realistic. This observation highlights the
importance of using a mesoscale model to accommodate the long-range internal stresses for predicting HE-induced material failure.
Two additional MD simulations with the sample dimensions in them being increased towards that in CAC models are performed.
The relevant simulation results are shown in Fig. 14c. It is seen that MD simulation results indeed converge towards CAC simulation
results upon the increase of the sample dimension.

Different from MD and CAC, the cohesive zone model (CZM) remains one of the most widely used approaches for engineering-
scale simulations of hydrogen embrittlement (Jemblie et al., 2017; Lin et al., 2022). However, CZMs often derive their force-
separation laws from first-principles or atomistic simulations, which are limited in length scales and cut off the long-range stresses.

onsequently, the CZMs extracted from such nanoscale simulations may lead to an overestimated GB cohesive strength (Fig. 13 and
Fig. 14). Here, we argue the CAC-based CZM calibrations bring us a step closer to bridging these scales, offering improved accuracy
compared to purely atomistic approaches. The incorporation of long-range stresses in CAC makes our model more comparable to
experimental results.

Thus, as a preliminary attempt of further scaling up in length, here we also fit the mesoscale CAC simulation-predicted stress–
strain curves into the cohesive zone model (CZM) (Xu and Needleman, 1993; Fernández-Sousa et al., 2022). Such CZM may find
pplications to describe the Mode-I cracking at a GB and its dependence on local H concentration. In this particular CZM, the
raction–separation relation in the linear elastic region is expressed as:

𝜎 = 𝐾
𝛿0

𝛿 , f or 0 ≤ 𝛿 ≤ 𝛿0 (4)

The traction–separation relation in the softening region is expressed as:

𝜎 = 𝜎𝑚𝑎𝑥

(

1 − 𝛿 − 𝛿0
𝛿𝑓 − 𝛿0

)

, f or 𝛿0 ≤ 𝛿 ≤ 𝛿𝑓 (5)

where 𝜎 is the cohesive stress and 𝛿 is the separation displacement.
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Table 1
CAC simulation-based CZM parameters for Mode-I cracking at H-charged GBs.

Coefficients 𝜎𝑚𝑎𝑥 (MPa) 𝛿0 (nm) 𝛿𝑓 (nm)

𝛴3 (With H) 2003 69.602 72.928
𝛴9 (With H) 1714 68.402 74.136
𝛴3 (Without H) 2218 66.988 70.846
𝛴9 (Without H) 1775 63.756 72.832

Fig. 15. (a) CZM model setup, (b) Shear stress contour for 𝑑 = 10 μm, (c) a zoom-in view of the crack tip at the GB, (d) results comparing with experiments (Fan
et al., 2019). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

The stress–strain curve in Fig. 13a is then fitted into the above CZM by considering: (i) the maximum traction 𝜎𝑚𝑎𝑥 as the peak
value in the CAC simulation-predicted stress–strain curve. (ii) the 𝛿0 as the displacement at which the maximum traction 𝜎𝑚𝑎𝑥 is
reached. And (iii) 𝛿𝑓 as the final separation displacement at which the bi-crystalline models completely separate. The resulting CZM
parameters are listed in Table 1. Obviously, the CZM parameters are sensitive to both GB types/structures and H concentration.
ncorporating such a GB structure and H concentration dependence through mesoscale simulations into the CZM is necessary if one
esires to further improve the predictive capability of traditional CZM-based FE (Shishvan et al., 2023) or CPFE simulations.

As a preliminary attempt, we calibrated CAC-based cohesive zone models (CZM) for 𝛴3 and 𝛴9 grain boundaries (GBs), both with
and without hydrogen, and implemented them into the MOOSE framework (Giudicelli et al., 2024). To simulate the intergranular
racture behavior in hydrogen-charged BCC iron with multiple GBs, we constructed CZM models containing multiple grains (with

each grain oriented as shown in Fig. 2) and modeled them under plane strain conditions with dimensions of 40 μm × 80 μm, varying
the layer thickness 𝑑 from 5 μm to 40 μm. For each grain, the elastic constants were assigned based on MD results (Clavier et al.,
2017) with hydrogen concentrations of 0.074 mol/L, and these were adjusted to match the specific orientations of 𝛴3 and 𝛴9 GBs,
as shown in Fig. 15a. The bottom boundary was fixed, and displacement-controlled loading was applied at a strain rate of 10−6 /s,
consistent with experimental conditions (Fan et al., 2019). To describe the constitutive behavior of the GBs, the CZM parameters
or hydrogen-charged and non-hydrogen conditions were taken from Table 1.

According to the CAC-based CZM simulations, when the designed models reach their yield strength, a stress concentration
develops at the crack tip of the cohesive elements, as illustrated in Fig. 15b and zoomed in Fig. 15c. Fig. 15d presents the ultimate
tensile strength (UTS) as a function of layer thickness 𝑑 for different GB configurations with hydrogen. For comparison, experimental
ata for 304 stainless steel (SS) (Fan et al., 2019), with grain sizes ranging from 4 μm to 12 μm, are included.

Key observations from the figure include: (a) For both 𝛴3 and 𝛴9 GBs, whether hydrogen is present or not, UTS decreases as
the grain size 𝑑 increases. This suggests that larger grains are more susceptible to failure, while smaller grains can withstand higher
stresses. (b) 𝛴3 GBs, both with and without hydrogen, show slightly higher UTS than 𝛴9 GBs, which is consistent with established
knowledge that 𝛴3 GBs generally exhibit greater resistance to fracture compared to 𝛴9 GBs. (c) The experimental results for 304
steel (Fan et al., 2019), shown as green circles (in Fig. 15d), demonstrate lower UTS values compared to our simulations. This is
expected, as our simulations were conducted under idealized conditions with perfectly defined GBs, whereas real-world experimental
samples contain imperfections and microstructural defects that reduce the overall strength.

It is important to acknowledge that pure BCC iron, while useful for understanding fundamental mechanisms of plasticity and
defect nucleation, is not a practical structural material. Practical steels, like 304 steel (Fan et al., 2019), consist of multiple alloying
lements and phases, and the GBs in these materials are more complex. However, many steels share a BCC crystal structure with pure
ron, allowing us to extrapolate some of our findings to practical systems. Our CZM model is based on a columnar grain structure of

pure BCC iron, while the experimental results are from 304 steel, which has random grain boundaries with various misorientation
angles. This difference in material system and microstructure may explain the discrepancies between the simulated and experimental
UTS values.
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4. Summary

To summarize, this paper presents an atomistic-to-mesoscale computational analysis of the failure behavior in an H-charged
i-crystalline BCC iron sample under deformation through CAC simulations. Taking the bi-crystalline BCC iron sample containing
he H-charged 𝛴3 and 𝛴9 GBs under tension as a test bed, our main findings from this research are: (1) the failure of H-charged GBs
uring the HE of polycrystalline alloys occurs through the cooperation of diffusion, plastic flow, void nucleation, coalescence, crack
nitiation, and growth across a wide range of length scales. A prediction of it is beyond the reach of existing single-scale or scale-
eparation approaches. It necessitates concurrent multi-scale simulations. (2) the plastic deformation promotes H atom diffusion and
ts clustering at the GB. Such a PICH mechanism is considered an intermediate process before HEDE but after HELP. It plays an
mportant role in the subsequent GB cavitation and cracking. This finding highlights the possibility of a HELP-PICH-HEDE process
esponsible for HE-induced GB fracture. We believe PICH is crucial for bridging the macroscopic HELP mechanism and the atomistic
EDE mechanism. Neither HELP nor HEDE alone sufficiently captures the complexity of HE. Instead, the interply between HELP and
EDE is facilitated by PICH. A cooperation of these three mechanisms is necessary for HE-induced crack initiation and growth. (3)

he H diffusion exhibits a strong dependence on GB structures. It diffuses faster on the GB, such as 𝛴9 GB, with a larger free volume
than it does on the GB, such as 𝛴3 GB, with a smaller free volume. As a consequence, multiple PICH sites simultaneously appear at
𝛴3 GB, but only one PICH site dominates at 𝛴9 GB. (4) the GB failure mechanism also strongly depends on GB structures. In detail,
𝛴3 GB fails through micro-twinning, multiple void nucleation, growth, and coalescence, while 𝛴9 GB fractures through dislocation
emission, crack initiation, and growth. (5) The presence of H atoms at the GB significantly decreases the cohesive strengths of GBs.
No matter whether the sample is charged with H or not, 𝛴3 GB always exhibits higher cohesive strength than 𝛴9 GB does, and (6) the
nanoscale MD simulation overestimates the GB cohesive strength due to its limited simulation cell. By contrast, with the capability
of accommodating the long-range internal stresses and far-field dislocation activities, CAC simulations predict a reasonably lower
GB cohesive strength. A calibration of the CZMs from CAC simulations may largely improve the predictive capability of the higher
scale computer models, such as CPFE+CZM (Wu and Zikry, 2015; Pu et al., 2017; Pouillier et al., 2012; Singh et al., 2022; Liu et al.,
2021), for understanding the H-induced cracking in plastically deformed polycrystalline alloys at engineering scales.

5. Discussion

Despite their potential to support the understanding of HE, the above findings need to be taken with caution due to the limitations
in the following several aspects:

(1) the CAC model with a dimension of hundreds of nanometers indeed gets one step closer to that in experiments. It is, however,
till insufficient to accommodate the long-range internal stress induced by the accumulation of a large population of dislocations at

the GB, which was found to span a range of tens of microns in experiments (Guo et al., 2015). There thus exists a need to further
cale up in lengths by developing computationally more efficient CAC solvers, such as GPU-based CAC, that can leverage the newest
evelopment in computing power.

(2) One of the discrepancies observed in our simulations is that the predicted failure stresses read significantly higher than those
measured in experiments. We attribute this difference to several factors: (a) the smaller sample sizes in our simulations. The sample
size in our CAC simulations is larger than MD samples but is still smaller than that in experiments. (b) the perfect GB structures in
ur models. The GBs under consideration here contain no defects, such as vacancies or precipitates, which are commonly observed
n experimental samples. And (c) the empirical interatomic potential used in this work may lead to an overestimated GB cohesive
trength.

(3) the H-induced material failure process does not only span a wide range of length scales but also occurs across multiple time
scales. It remains a challenge using any single time-scale approach to simultaneously model the fast motion of a dislocation line
together with the slow H hopping along the line. The implementation of a multiple timescale algorithm into the present CAC is
necessary to address this challenge, for instance, integration of CAC with the Nudged Elastic Band (NEB) and kinetic Monte Carlo
(kMC). NEB will allow for the calculation of energy barriers for void nucleation and crack initiation, which can then be informed
into kMC to extend the simulation timescales to effectively capture the rare, low-energy events that occur over longer periods. This
is essential for simulating HE over an experimentally comparable duration.

(4) HE not only couples deformation with diffusion but also couples with thermal transport. The effects of temperatures on the
HE process in an open environment often cannot be simply ignored. In this scenario, an expansion of our recent finite-temperature
algorithm (Ji et al., 2022, 2024) into CAC towards a thermo-mechanical coupling simulation is needed.

(5) the GB in polycrystalline materials does not exist in isolation. It is always embedded within a complex environment. The
cohesive strength of an H-charged GB in a bi-crystalline sample may differ from that in bulk because the effects of the surrounding
microstructure on the fracture behavior along the GB have been ignored in a bi-crystalline set-up. A characterization of the
microstructure dependence of the GB fracture through CAC simulation of the failure of polycrystalline materials, in turn, becomes
necessary.

(6) similar to MD, the predictive capability of CAC is largely determined by the reliability of the interatomic potential. As the
demonstration of a concept, the EAM potential (Song and Curtin, 2012) for Fe-Fe and Fe-H interaction has been deployed here.
Compared with density functional theory (DFT) calculations, the deployment of such empirical potentials does significantly gain in
computation efficiency but may not be able to address the full complexity of H-induced bond weakening. Fortunately, the machine
learned interatomic potential (Meng et al., 2021) that is more efficient than DFT but retains a DFT-comparable accuracy was recently
developed. Such a high-fidelity interatomic force field is important for considering the formation of molecular hydrogen at high
15 
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concentrations, which could influence void and crack initiation in HE. This, however, has been ignored in the EAM force field (Song
and Curtin, 2012) deployed here, which gives rise to a high repulsive force when two hydrogen ions get very close to each other.
We believe a simulation of the hydrogen molecule formations requires the deployment of a reactive force field to enable bond
formation and breaking, which often demands significantly higher computational costs than EAM does. The CAC simulation tool to
be furnished with such interatomic force fields is under development. Our future work will explore its applicability in simulating
he hydrogen molecule formation in the process of HE. A further improvement of the predictive capability of CAC is equipping it
ith reactive or DFT-informed machine learning potential.
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