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Abstract 

In this paper, we explain and quantify the causal effect of processing parameters and part-

scale thermal history on the evolution of microstructure and mechanical properties in the laser 

powder bed fusion additive manufacturing of Stainless Steel 316L components. While previous 

works have correlated the processing parameters to flaw formation, microstructures evolved, and 

properties, a missing link is the understanding of the effect of thermal history. Accordingly, tensile 

test coupons were manufactured under varying processing conditions. Their microstructure-related 

attributes, e.g., grain morphology, size and texture; porosity; and microhardness were 

characterized. Additionally, the yield and tensile strengths of the samples were measured using 

digital image correlation. An experimentally validated computational model was used to predict 

the thermal history of each sample. The temperature gradients and sub-surface cooling rates 

ascertained from the model predictions were correlated with the experimentally characterized 

microstructure and mechanical properties. By elucidating the fundamental process-thermal-

structure-property relationship, this work establishes the foundation for future physics-based 

prediction of microstructure and functional properties in laser powder bed fusion. 

Keywords: Laser powder bed fusion, Stainless Steel 316L, microstructure evolution, 

characterization and tensile testing, thermal history simulation 
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1.

 Introduction 

1.1

 Objective and Motivation 

The objective of this work is to explain and quantify the causal effect of processing 

parameters and part-level thermal history on the evolution of microstructures and mechanical 

properties in the laser powder bed fusion (PBF-LB/M) additive manufacturing (AM) of stainless 

steel 316L components. For tractability, herein we refer to the process by the popular acronym ‒

LPBF. A fundamental insight into the process-thermal-structure-property relationship is critical 

for manufacturing LPBF parts with consistent and repeatable functional integrity [1]. 

In LPBF, as shown in Figure 1, metal powder is raked or rolled onto a build plate and 

melted layer-by-layer with a laser [2]. The LPBF process enables the fabrication of complex 

geometries that are often impossible with subtractive and formative manufacturing processes [3]. 

The process has gained significant interest in strategic industries such as aerospace, automotive, 

biomedical, and energy generation [4]. For instance, manufacturing the Cessna Denali aircraft 

engine using LPBF decreased the number of parts from 855 to 12, and increased fuel efficiency 

and power by over 10 percent [5]. 

 

Figure 1: A schematic of the laser powder bed fusion (PBF-LB/M; LPBF) additive manufacturing 

process. 
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Despite its ability to reduce part count, eliminate intermediate manufacturing steps, 

decrease manufacturing lead time, and mitigate material waste, the use of LPBF parts for safety 

critical applications is currently hampered by flaw formation, e.g., inconsistencies in the 

microstructure, porosity, and distortion [1, 6]. These flaws, which range across multiple length 

scales cause uncertainty in the functional properties of a part, such as its strength and fatigue life, 

and require expensive and time-consuming post-process heat treatment to rectify [7, 8]. 

The spatiotemporal distribution of temperature, or thermal history, of a LPBF part as it is 

being built layer-upon-layer has a consequential effect on flaw formation and microstructure 

evolution [9-11]. The thermal history, in turn, is governed by complex interactions between 

material properties, part design, and 50+ processing parameters [12].  In this context, prior research 

has shown that apart from the processing parameters, such as laser power and scan speed, the part's 

design, build orientation, build layout, and placement of supports influence the thermal gradients 

and cooling rate during printing [13-15]. Therefore, a relatively small deviation in the build 

conditions can result in significant changes in the properties of a previously qualified part. 

Currently, LPBF parts are qualified through extensive build-and-test empirical 

optimization on simple samples. These studies correlate processing parameters to porosity, 

microstructure evolution, and mechanical properties [16]. However, due to thermal history 

variations, these empirically optimized processing conditions seldom transfer successfully to 

complex geometries [17]. Hence, despite process optimization, there may be significant 

differences in microstructure between two different part geometries of the same material printed 

under identical processing conditions.  Therefore, besides being prohibitively expensive to obtain, 

the empirically optimized parameters are specific to a part design and build layout and must be 

repeated for every new part design and layout [18].  
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1.2

 Prior Work and Challenges 

Flaw formation and microstructure evolution in LPBF parts are a result of thermal-fluid 

phenomena ranging across two scales, namely, meltpool- (< 100 μm) and part-scale (> 100 μm) 

[19-21]. Understanding the interdependence and interaction of these multi-scale process 

phenomena and, subsequently, using this insight to predict microstructure evolved and functional 

properties remains an area of active research [22, 23].  

At the micro-scale, the interface where the laser interacts with the powder is called the 

meltpool. The shape, size, and temperature distribution of the meltpool are linked to porosity, lack-

of-fusion, microcracking, and instantaneous solidified microstructure [24-28]. Prior research has 

revealed that the meltpool temperature distribution and its morphology are mainly influenced by 

the processing parameters, such as laser power, velocity, laser spot size, hatch spacing, and to a 

smaller extent, the design of the part [29, 30].  

At the macro-level part-scale, the thermal phenomena are related to the heat flux at the 

laser track level and across the scanned layers as the part is being built up. These thermal 

phenomena occur at a relatively slower time scale of tens of seconds compared to the micro-scale 

meltpool [10, 11]. As newer layers are deposited and melted, the preceding layers are reheated. 

The cyclical reheating is sufficient to cause the melting of the preceding two to five layers [31, 

32]. The resulting part-scale thermal history is influenced by the processing parameters, part shape, 

orientation, supports, and other parts on the build plate [33]. A part shape with a gradual change 

in its geometric features is ideal for imparting a consistent thermal history in LPBF [34]. The part 

orientation with the presence of tall, slender, and overhanging features has been proven to cause 

inconsistencies in the resultant thermal gradients and the meltpool size, which in turn are 

detrimental to the microstructure evolution and mechanical properties of LPBF parts [35]. The 
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part-scale thermal history is also linked to thermal residual-stress-induced cracking and distortion, 

recoater crashes, and support failures [18, 33]. 

LPBF has been extensively applied to SS316L, an austenitic grade of stainless steel, 

preferred in aerospace and naval applications due to its high strength, toughness, and excellent 

corrosion resistance [36]. As shown in Figure 2, LPBF-processed SS316L parts exhibit a complex 

four-level hierarchical microstructure: solidified meltpool, grains, cell structures or dendrites, and 

twin boundaries [37, 38]. Meltpool boundaries are a fusion line between the previously solidified 

and newly melted material [39, 40]. The shape and size of the solidified meltpool, which is a 

primary determinant of the grain structure evolution in LPBF, depend on the processing parameters 

[41]. In face-centered cubic (FCC) crystal lattices, such as SS316L, relatively large thermal 

gradients across the build layers result in directionally solidified columnar grains and dendrites 

that grow epitaxially along the more favorable <001> direction [42, 43]. With sufficiently high 

thermal gradients and cooling rates typical to LPBF, these grains and dendrites can overlap several 

meltpools and form characteristic chevron patterns [23, 36, 44]. 

Dendrites consist of a cellular substructure separated by regions of high dislocation 

densities at these cell walls. Prior studies in LPBF of SS316L also reveal Cr-Ni-rich solute 

segregation at the cell boundaries [45]. Such a directionally solidified structure, coupled with the 

potential for flaw formation (e.g., porosity), induces a high degree of anisotropy in the mechanical 

properties of LPBF parts [46, 47]. In this context, researchers have exhaustively studied the 

influence of critical process parameters on microstructure evolution and functional properties [48-

51]. Several studies have investigated the effect of the part build orientation on mechanical 

properties [38, 52]. It was observed that for transverse loading, where the loading direction is 

perpendicular to the length of the grains and parallel to the build layers, parts exhibit higher tensile 
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strength compared to longitudinal loading [38, 52]. This difference in mechanical performance is 

attributed to the orientation of columnar grains with respect to the loading direction, which also 

influences the fracture modes [53]. 

 

Figure 2. The four microstructure levels observed in LPBF-processed SS316L parts. 

Summarized in  Table 1 are select research papers that focus on exploring the process-

structure-property relationships in LPBF of SS316L. For example, Agrawal et al. [49] 

experimentally determined a processing window for SS316L and provided a predictive model for 

hardness values and tensile strength as a function of input processing parameters. Wang et al. [54] 

and Yang et al. [55] developed finite element simulations to predict the effect of thermal history 

on microstructure evolution. Knapp et al. [23] explored the effect of the LPBF process to predict 

the microstructure heterogeneity in a part via meltpool scale thermal modeling and machine 

learning. However, in all of the preceding studies, the impact of only one processing condition was 

simulated. Hence, it is not possible to extrapolate the effect of several processing parameters on 

the thermal history and resulting microstructure and physical properties. The summary of the 

literature presented in Table 1 reveals a dearth of studies elucidating the process-thermal history-

microstructure-property relationship in LPBF. This paper addresses the existing knowledge gap 

via experiments, computation modeling, materials characterization, and testing.  
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Table 1. Summary of literature comparing previous works on the process-structure-property 

relationship in LPBF of SS316L. 

Ref. Motivation Conclusions Characterization 

methods used 

Modeling 

tools used 

Agrawal 

et al. [49] 

Rapid determination 

of processing 

window and effect 

of processing 

parameters on 

microstructure 

Increasing energy 

density transforms finer 

grain structure to coarse 

elongated grains due to 

deeper meltpools and 

reduced cooling rates. 

SEM, EBSD, 

Archimedes’ 

density, 

Rockwell 

hardness 

Predictive 

regression 

Tekumalla 

et al.  [46] 

Effect of scan 

strategy on 

mechanical and 

hardness anisotropy 

Orientation-dependent 

strengthening in <101> 

and <111> directions. 

SEM, EBSD, 

Nanoindentation 

Crystal 

plasticity 

constitutive 

model 

Liu et al. 

[56] 

Effect of scanning 

speed on 

microstructure and 

properties 

Increasing scanning 

speed leads to a 

homogenous and finer 

grain structure but 

induces oversized and 

irregular lack-of-fusion 

pores. Tensile properties 

reduce slightly with 

decreasing scan speeds. 

SEM, EBSD, 

Tensile testing, 

xCT, fracture 

surface analysis 

None 

Liu et al. 

[57] 

Effect of laser 

power, exposure 

time, and build 

orientation on 

microstructure 

evolution and tensile 

properties 

Increasing laser power 

and exposure time 

gradually changes the 

microstructure from fine 

equiaxed to coarse 

elongated grains, 

increasing keyhole 

porosity and lowering the 

strength. 

SEM, EBSD, 

TEM, tensile 

testing, fracture 

surface analysis 

None 

Leicht et 

al. [58] 

Effect of scan speed 

and hatch distance 

on microstructure, 

tensile strength, and 

build time. 

Decreasing energy 

density altered the larger 

grains with <101> 

texture to smaller grains 

with random texture. 

Parts produced with 

lower energy density 

reduced the tensile 

strength by 5 % 

compared to the nominal 

condition. 

Optical porosity 

imaging, SEM, 

EBSD, tensile 

testing. 

None 
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Ref. Motivation Conclusions Characterization 

methods used 

Modeling 

tools used 

Song et 

al. [59] 

Effect of scanning 

strategies on the 

microstructure, grain 

growth, grain size, 

and, therefore, 

mechanical 

properties 

Scanning strategy with a 

rotation angle impedes 

the epitaxial columnar 

growth and forms an 

equiaxial grain structure, 

which improves tensile 

strength and ductility. 

SEM, EBSD, 

microhardness, 

tensile testing, 

fracture surface 

analysis 

None 

Wang et 

al. [54] 

Effect of energy 

density induced 

thermal gradients on 

microstructure and 

mechanical 

properties 

Due to layer-by-layer 

remelting, higher energy 

density leads to higher 

primary dendritic arm 

spacing (PDAS). Tensile 

strength increases until a 

threshold energy density 

is reached owing to the 

elimination of lack-of-

fusion pores and then 

decreases because of 

excessively large PDAS. 

Optical porosity 

imaging, SEM, 

XRD, tensile 

testing, 

microhardness 

FEA 

simulation 

Yang et 

al. [55] 

Effect of LPBF 

processing on 

substructure 

formation and grain 

growth 

Columnar dendritic 

grains grow epitaxially 

along the build direction, 

which is also the 

direction of heat flow. 

Cellular structure is 

formed due to high 

thermal gradients 

simulated at the meltpool 

scale. 

SEM, EBSD, 

XRD 

FEA 

simulation 

Leicht et 

al. [60] 

Effect of part 

thickness on 

microstructure and 

tensile properties 

Tall and slender parts 

exhibited a unidirectional 

thermal gradient leading 

to preferential <101> 

orientation of the 

columnar grains and 

reduction in yield 

strength. 

SEM, EBSD, 

XRD, tensile 

testing 

None 
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1.3

 Approach and Limitations 

While previous research, as summarized in Sec.1.2, has correlated the effect of process 

parameters on defects, such as porosity, microstructure characteristics, and functional properties, 

e.g., the tensile strength of 316L, a key missing link remains in understanding the causal effect of 

the thermal history. The approach used in this work to address this extant gap in the LPBF literature 

is summarized below in Figure 3. 

 
Figure 3. Summary of the computational-experimental approach used in this research to 

understand the process-thermal history-structure-property relationship in LPBF of SS316L. 

Stainless steel 316L (SS316L) tensile samples were printed under four different processing 

conditions by varying laser power (P), velocity (V), and hatch spacing (H). Ten samples were 

printed under each of the four processing conditions, resulting in forty total samples. Porosity in 

the as-printed samples was non-destructively quantified using X-ray computed tomography. 

Subsequently, the samples were cross-sectioned and characterized using optical and scanning 

electron microscopy (SEM) to evaluate the microstructure, followed by electron backscatter 

diffraction (EBSD) to ascertain texture and orientation, and X-ray diffraction to identify the phases 
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present.  Further, hardness measurements were obtained, and tensile testing was conducted with 

digital image correlation to measure the yield and ultimate tensile strength. A qualitative analysis 

of the fracture surface followed the tensile tests.  

In parallel, the thermal history of each sample printed under the four processing conditions 

was predicted using an experimentally validated part-scale thermal simulation model detailed in 

our previously published works [18, 33, 61, 62]. From these simulations, two part-scale thermal 

history-related features were extracted, namely, (i) layer-wise end-of-cycle temperature (Te); and 

(ii) layer-wise cooling time (tc), analogous to the cooling rate (tr). These quantifiers were 

subsequently correlated with the meltpool shape, grain morphology, texture, orientation, and 

mechanical properties of the tensile samples. 

The main limitation of this work is that it only correlates but does not predict the effect of 

process parameters and part-level thermal history on the microstructure evolved. This limitation 

in the scope is because, to predict microstructure evolved in LPBF, it is essential to capture both 

the part-scale and meltpool-scale thermal-fluid phenomena [54, 63]. The latter is computationally 

demanding, with a few layers requiring several hours, if not days, on a supercomputer [23]. This 

shortcoming will be addressed in our future follow-up work through multi-scale meltpool and part-

scale process modeling. 

The rest of this paper is organized as follows: Sec. 2 describes the experimental procedure, 

sample characterization, and thermal modeling aspects. Sec. 3 reports the results concerning the 

effect of processing conditions on thermal history on microstructure evolution and mechanical 

properties.  Finally, conclusions and avenues for future work are summarized in Sec. 4. 
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2.

 Methods 

2.1

 Experiments 

Stainless steel 316L (SS316L) parts were manufactured on an EOS M290 LPBF system. 

The gas atomized SS316L powder feedstock was sourced from Oerlikon with a D10 of 15 μm and 

a D90 of 45 μm. Consequential processing conditions are reported in Table 2.  As shown in Figure 

4(a) and (b), 40 tensile test coupons were printed under four sets of processing parameter 

combinations with varying combinations of laser power (P, [W]), scan speed (V, [mm∙s-1]), and 

hatch spacing (H, mm) settings. The processing conditions, labeled S1-S4, are reported in Table 

3. Ten parts were printed under each processing condition. 

Table 2: Processing conditions used to fabricate the LPBF parts used in this study, nominal 

process parameters, and materials characteristics of the metal powder.  

Process Parameter [Units] Values  

Laser type, wavelength, and power. Ytterbium fiber, 1070 nm wavelength continuous 

mode with 400 W max power   

Nominal Laser Power (P) [W] 200 

Nominal Scanning Velocity (V) [mm‧s-1] 1100 

Nominal Hatch spacing (H) [mm] 0.09 

Layer thickness (L) [mm] 0.02 

Stripes overlap [mm] 0.05 

Stripe width [mm] 10 

Nominal Volumetric global energy density 

(Ev) [J∙mm-3]  

100 

Laser spot size [μm] 70 

Scanning strategy Bi-directional with no layer rotation 

Build atmosphere Argon 

Build plate Preheat temperature [°C] 70 

Recoater Cycle Time [sec] 10 

Powder Material Properties  

Powder material type SS316L 

Powder particle size distribution [μm] 15 – 45 (D10 – D90) 
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Figure 4: (a) Build plate with 40 tensile test samples (CAD model in the inset) built under varying 

processing conditions. The geometries show the parts with offset dimensions and support for the 

gauge section added as a solid geometry at the base, (b) a CAD model with 1 mm offset on all 

dimensions and a support structure for the gauge section (grey part), and the final tensile samples 

cut out (black part), (c) A schematic drawing of the final dimensions (in mm) of the tensile samples. 

The rationale for selecting the treatment conditions in Table 3 is as follows: S2 is the 

nominal condition recommended by EOS with a volumetric energy density Ev ~ 100 J·mm-3. The 

energy density Ev = 
𝑃

𝑉⋅𝐻⋅𝐿
 is a function of laser power (P, [W]), scan speed (V, [mm·s-1]), hatch 

spacing (H, [mm]), and layer thickness (L = 20 µm). Treatment condition S1 involves increasing 

the energy density by 25% from the nominal to Ev ~ 125 J·mm-3. This increase in energy density 

is likely to result in keyhole-mode porosity [57, 64].  Treatment condition S4 represents an 

approximately 25% decrease in the energy density from the nominal to Ev ~ 73 J·mm-3; the lower 

energy density is likely to cause poor consolidation of layers and lack-of-fusion pores [49]. 

Treatment condition S3 varies both the laser power and hatch spacing, with Ev ~ 91   J·mm-3. 
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Table 3. Processing parameters used for sets S1-S4; S2 is the nominal processing condition of the 

LPBF machine. 

Processing 

condition 
Laser power (P) [W] 

Scan speed (V) 

[mm∙s-1] 

Hatch spacing 

(H)[mm] 

Energy Density 

(Ev = 
𝑃

𝑉⋅𝐻⋅𝐿
) 

[J∙mm-3] (ca.) 

S1 225 1000 0.090 125 

S2 (Nominal) 200 1100 0.090  100 

S3 150 1100 0.075  91 

S4 175 1200 0.100  73 

The location of all 40 printed tensile samples was randomized on the build plate.  The parts 

were staggered along the short axis (y-axis) to minimize recoater load and interaction between 

parts. The inert Argon gas flow is along the x-axis of the machine. Each as-printed test sample has 

dimensions, as shown in Figure 4(b). Solid support material was added under the gauge section of 

the samples to avoid deleterious effects, such as distortion. The as-printed parts were subsequently 

removed from the build plate and post-processed to the final dimensions with electro-discharge 

machining. The final dimensions are similar to the modified ASTM E8 tensile samples, as shown 

in Figure 4(c). This scaled-down geometry was chosen in order to accommodate all the samples 

on a single build plate. The critical gauge section of the finished samples was inspected to ensure 

the absence of burrs and other artifacts. 

As depicted in Figure 4(a), tensile specimens were printed in the YX orientation, according 

to ISO/ASTM 52900:2021 convention, to align the gauge length with the expected tensile loading 

direction [65]. This orientation is preferred in the literature, as it provides enhanced functional 

properties (tensile and yield strength) compared to other configurations [38, 52]. A bi-

directional/zigzag laser scan strategy along the x-direction was used with no layer rotation, and the 

build plate was preheated to 70 °C. Under these conditions, each part consisted of 600 layers, and 

the entire build was completed in 9 hours. 
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2.2

 Materials Characterization 

Non-destructive porosity analysis of one representative sample from each processing 

condition was conducted using X-ray computed tomography (X-ray CT, NorthStart Imaging 

X3000) at a voxel resolution of ~14 µm. Subsequently, samples were characterized using optical 

microscopy (OM) and scanning electron microscopy (SEM) to examine the grain structure and 

meltpool morphology, X-ray diffraction (XRD) to identify the phases present, and electron 

backscatter diffraction (EBSD) to characterize the grain size, texture, and morphology. These 

characterization measurements were performed in the gauge section, at approximately half the 

gauge length and at the midpoint of the width of the gauge section. The XRD analyses confirmed 

the presence of a single austenitic phase; the XRD results are reported in Appendix II.   

A total of four samples (one each for S1-S4) were prepared for OM and SEM (JEOL IT-

500HR) by grinding (300 to 1200 grit size) and polishing (6 µm and 1 µm diamond suspension 

and 0.05 µm colloidal silica) followed by etching with aqua regia (3: 1 = HCl: HNO3) for 4 – 5 

min.  For sample preparation prior to EBSD, vibratory polishing was performed for six hours in 

0.02 µm colloidal silica suspension. The crystallographic orientation and grain sizes of the printed 

samples were investigated by EBSD using a FEI Helios 600 NanoLab SEM with an EDAX Hikari 

camera, and the indexed data was processed using EDAX OIM Analysis software.  
2.3

 Mechanical Testing – Tensile Testing, Fracture Analysis, and Microhardness 

Three samples for each processing condition were subjected to tensile loading at a strain 

rate of 0.5 min-1 in displacement control. To quantify the strain evolution during these tests, the 

digital image correlation (DIC) technique is employed, wherein a black-on-white speckle pattern 

is overlaid onto the gauge length of the sample.  Images of this speckle pattern were acquired at a 

rate of 1 frame per second, and a full field deformation was generated by processing these images 
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in MATLAB. The strain data is reported in the form of a stress-strain curve. The fractured surfaces 

of the tensile samples were cleaned with isopropanol and examined with SEM. Lastly, Vickers 

microhardness measurements were performed using a LECO LM110AT Hardness Tester at 0.1 N 

load at a dwell of 10 s, i.e., HV0.1/10. A total of 15 microhardness measurements were obtained at 

random locations on the gauge section of the tensile samples. 

2.4

 Thermal Modeling 

2.4.1 Background 

The LPBF part geometry, processing parameters and material used, significantly affect the 

temperature distribution and cooling rates, and consequently, the microstructure evolved [66]. For 

predicting the part-scale temperature distribution T(𝑥, 𝑦, 𝑧, 𝑡), it is necessary to solve the heat 

diffusion equation, Eq. (1) [67]. 

𝜌𝑐𝑝⏞

𝑀𝑎𝑡𝑒𝑟𝑖𝑎𝑙
𝑃𝑟𝑜𝑝𝑒𝑟𝑡𝑖𝑒𝑠 ∂T(𝑥, 𝑦, 𝑧, 𝑡)

∂𝑡
− 𝑘 (

∂2

∂𝑥2
+
∂2

∂𝑦2
+
∂2

∂𝑧2
)

⏞            
𝑆ℎ𝑎𝑝𝑒 𝑜𝑓 𝑡ℎ𝑒 𝑃𝑎𝑟𝑡

T(𝑥, 𝑦, 𝑧, 𝑡)⏞      

𝑃𝑎𝑟𝑡 
𝑇𝑒𝑚𝑝𝑒𝑟𝑎𝑡𝑢𝑟𝑒

= 𝑄 
(1) 

In this heat diffusion equation, material properties are assumed constant, where, 𝜌 is the 

bulk material density [kg·m-3]; 𝑐𝑝 is the specific heat capacity [J·kg-1 ·K-1]; 𝑘 is the thermal 

conductivity [J·s-1 ·m-1·K-1]; Q is the heat input per second required to melt a unit volume of the 

material [J·m-3∙s-1], also termed as the volumetric heat flux. The processing parameters in LPBF, 

such as the laser power (P, [W]), scan speed (V, [m·s-1]), hatch spacing (H, [m]), layer thickness 

(L, [m]), and active laser time (t, [s]) influence the volumetric heat flux such that 𝑄 =
𝑃

𝑉∙𝐻∙𝐿∙𝑡
 . 

Finite element-based (FE) thermomechanical analysis is the most commonly used 

approach in additive manufacturing to solve the heat diffusion equation, Eq. (1) [67]. The meshing 

of elements to mimic the evolving part geometry with each new hatch or layer being deposited 
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requires significant computational effort [62, 68, 69]. Specific commercial packages have reduced 

the computational burden of FE analysis using an adaptive meshing technique with part shape-

based mesh refinement and coarsening [67, 70]. In adaptive meshing, the elements' size varies 

between time steps, which introduces uncertainty and adversely affects the prediction accuracy. 

To overcome the challenges associated with the existing FE modeling, our prior works have 

experimentally validated a novel meshless thermal model based on graph theory [18, 33, 61, 62, 

71]. This approach is summarized in Figure 5. Unlike FE-based analysis, graph theory does not 

employ matrix inversion to solve the heat diffusion equation, which vastly reduces the 

computational time without sacrificing accuracy [61]. Using the graph theory model, thermal 

gradients and cooling rates for each condition in this work were estimated in less than 5 minutes. 

The graph theory approach solves a discrete version of the heat diffusion equation. Consequently, 

a semi-analytical solution is obtained, resulting in Eq. (2). 

T(𝑥, 𝑦, 𝑧, 𝑡) = ϕ𝑒
−
𝑘
𝜌𝑐𝑝

Λ𝑡
ϕ′ (

𝐴𝑒𝑆𝑙
𝜌𝑣𝑐𝑝

𝑃

𝑉
+ 𝑇𝑝𝑟𝑒𝑣) (2) 

A set of discretized nodes is created to represent the part geometry. The temperature distribution, 

T(𝑥, 𝑦, 𝑧, 𝑡) in Eq. (2) is solved as a function of the eigenvalues (Λ) and eigenvectors (ϕ) of the 

Laplacian Matrix (L) mapped over the discrete nodes. 

In Eq. (2), 𝐴𝑒 is the effective laser absorptivity, 𝑆𝑙 is the total length scanned per layer, P 

[W] is the laser power, V [mm·s-1] is the scan speed, 𝑣 [mm3] is the volume of melted material per 

layer, and 𝑇𝑝𝑟𝑒𝑣 [°C] is the temperature of the previously deposited layer (from simulation). In this 

work, Ae = 0.60 based on experiments by Ye et al. at Lawrence Livermore National Laboratory 

[72]. The advantage of using the graph theory approach, apart from its computational efficiency, 
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is that, unlike commercial simulation software, it preserves the temperature and cooling rate at 

each point under the sub-surface.  

 
Figure 5. A schematic representation of the mesh-free graph theory modeling approach used in 

this study to simulate the thermal history of tensile samples processed by LPBF. 

The graph theory model is based on the following assumptions and limitations [18, 33, 61, 62, 73].  

• The effect of latent heat on account of material phase changes from solid to liquid and back to 

solid is not considered. 

• Material properties, such as specific heat and conductivity, are considered constant and not 

temperature-varying. In this work, the material properties at a temperature midway between 

the melting point and ambient temperature are used.   

• To aid computational efficiency, a selection of the entire layer(s) is assumed to be deposited 

instantaneously, called the super-layer or meta-layer approach, viz., also a common assumption 

in part-level modeling with FE-based models [69].  

Despite these assumptions, as shown in several of our previous works, the graph theory approach 

predicts the part-level temperature distribution with an error of less than 5% and an order of 

magnitude faster than FE-based models [61, 62]. Experimental validation of the model in the 

context of a complex practical geometry is detailed in Appendix I.   
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2.4.2 Model-derived thermal gradient and cooling rate metrics 

Figure 6 is a representative temperature-time curve obtained from the nominal treatment 

condition S2 using the graph theory approach. A steep increase in temperature is observed at the 

instant of the laser strike. Almost instantaneously following the laser strike, the temperature of the 

material increases above the liquidous temperature of Tliq ~ 1440 °C, followed by a relatively 

gradual cooling. The material solidification kinetics occurs below the liquidous temperature. The 

fast cooling rates inherent to LPBF result in single austenitic phase formation in SS316L, which 

was confirmed through XRD phase analysis in Appendix II. Further, below the upper critical 

temperature (Ac3) of 723 °C, no material phase change is involved in SS316L, and all the liquid 

solution completely solidifies below this temperature. Therefore, the rationale is to quantify the 

part temperature distribution and cooling times between the temperatures of 1600°C and 700 °C, 

a range where all the solidification kinetics occur. 

 

Figure 6. Schematic showing the representative thermal cycling (a) over three-layer scans as a 

result of the laser strike and a subsequent cool-down period, (b) Over an individual laser scan in 

the LPBF process, this work estimates the cooling time – (tc) for a layer to cool down from 1600 

°C to 700 °C and the end of cycle temperature – (Te). 
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Accordingly, two thermal metrics from the simulation-derived temperature-time cooling 

curves are extracted, as shown in Figure 6(b). The first is the end-of-cycle temperature (Te, [°C]), 

which is the average surface temperature of a layer after a fresh layer of powder is deposited on 

top. End-of-cycle temperature (Te) is an analogue to the spatial thermal gradient aspect of the part-

level thermal history. The second metric is the cooling time (tc), which is the time required to cool 

from 1600 °C to 700 °C. The cooling rate tr is closely related to tc; it is defined as 𝑡𝑟 =

1600 °𝐶−700 °𝐶

𝑡𝑐
 [°C·s-1]. In this work, these thermal history metrics Te, tc, and tr, are estimated 

specifically for the gage section within the tensile samples, since the microstructure in this is 

consequential to the mechanical properties. Consequently, the effect of thermal history on 

microstructure heterogeneity elsewhere can be discounted.   

The use of end-of-cycle temperature (Te), cooling time (tc), and cooling rate (tr) as thermal 

history metrics to correlate with microstructure evolution is justified as follows. A solidification 

map, called the G vs R curve, has been extensively used in welding and more recently in the context 

of metal additive manufacturing to explain the microstructure evolved [30, 74, 75]. The key factors 

governing the evolution of solidification structure in metal additive manufacturing are the 

temperature gradient (G, [°C·m-1]) and the solidification rate (R, [m·s-1]) [74]. The metrics G/R 

[°C·s m-2] and G×R [°C ·s-1] are correlated to the type and size of the grains. The G/R ratio 

determines whether the solidified microstructure is planar, cellular, dendritic, or equiaxed. 

Whereas the G×R metric determines whether the grain structure is coarser or finer. A higher G×R 

leads to a fine grain structure, i.e., smaller grain size and primary dendritic arm spacing [63] 

However, precise prediction of G and R for the entire part is computationally expensive as 

it requires multi-scale modeling, encompassing meltpool-level and part-scale thermal phenomena 

[25]. Part-scale simulations discount localized melting of the powders, resulting in a phase change 
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from solid to liquid and back to solid [62]. Therefore, part-scale models, including the graph theory 

approach used in this work, cannot precisely estimate G and R. 

Instead, this work considers the part-scale cooling rate (tr) and end-of-cycle temperatures (Te) 

obtained from the graph theory thermal simulations as being analogous to R and G, respectively. 

This analogy was motivated by our recently published work, Ref. [71], where we used tr and Te 

estimated from the graph theory model in place of R and G to predict the primary dendritic arm 

spacing in LPBF of Inconel 718. In Ref. [71] we used these graph theory-derived thermal history 

metrics were employed as inputs to a machine learning model trained to predict the primary 

dendritic arm spacing with accuracy exceeding 80% (statistical F1-score). It is noted that the 

microstructures of LPBF- processed Inconel 718 characterized in Ref. [71] depict similar epitaxial 

dendritic-type grains to those of Stainless Steel 316L from this work. 

 

  



21 

 

3.

 Results 

3.1

 Effect of Processing Conditions on Thermal History 

Figure 7 depicts a transient snapshot of the predicted temperature distribution for select 

layers of for treatment conditions S1-S4. For the highest energy density levels of S1 (Ev ~ 125 

J·mm-3) and S2 (Ev ~ 100 J·mm-3), as shown in Figure 7(a) and (b), respectively, the sub-surface 

layers are at a higher temperature compared to S3 (Ev ~ 91 J·mm-3) and S4 (Ev ~ 73 J·mm-3). In 

other words, higher levels of energy density result in more significant heat buildup and larger 

temperature gradients.   

In Figure 7 local heat retention regions (hot spots) are observed at layer 350 (7 mm). Hot 

spots are prominent on the edges (boundary nodes) and around the holes incorporated in the 

geometry of the tensile samples. The edges around these holes act as the overhanging regions 

during the LPBF, leading to higher heat retention. Since Figure 7 is a transient snapshot taken at 

an instance of 0.5 seconds after deposition of a layer, these hotspots subsequently cool down. 

 

Figure 7. Visual representation of thermal gradients in treatment conditions (a) S1, (b) S2, (c) S3, 

and (d) S4 for layers 350 and 600. Temperatures depicted here are at a time step of 0.5 seconds 

after the laser strikes the top surface. The thermal gradient increases with increasing energy 

density. 
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The effect of the four processing conditions S1-S4 on the end-of-cycle temperature (Te) 

and cooling times (tc), are observed in Figure 8 (a) and (b), respectively. Increasing the energy 

density from S4 to S1 increases both Te and tc. Referring to Figure 8 (a), the higher energy density 

of treatment conditions S1 and S2 compared to S3 and S4 will result in higher heat retention in 

part during the build, and hence Te is relatively larger. In Figure 8 (a), the end-of-cycle surface 

temperature Te increases as new material is deposited layer-by-layer. After 4 mm of build height 

(200 layers), Te progressively increases in magnitude for all four treatment conditions. Further, Te 

increases sharply between the build heights of 6 to 7.5 mm (layers 300 to 450). The top half of the 

holes (seen from the geometry of the tensile samples in Figure 4(b)) are being printed within these 

layers. These holes subsequently act as the overhanging features leading to this steep rise in end-

of-cycle temperatures. This observation further corroborates the localized hotspots in layer 350 of 

the simulation snapshot shown in Figure 7.   

 

Figure 8. (a) End-of-cycle (surface) temperature – Te and b) Average layer cooling time – tc (from 

1609 °C to 700 °C) for each sample set predicted from the graph theory thermal model. Te and tc 

are both seen to be increasing with an increase in the energy density. 
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For this geometry, the increasing trend in Te with layer height is explained as follows: as 

the part grows in the vertical direction, the distance of the active printing surface layer from the 

substrate increases. Thus, the heat sink effect of the substrate progressively diminishes, and input 

heat tends to be retained in the layers farther from the substrate. The Te for S3 and S4 overlap 

owing to the complex interaction between processing parameters. Referring to Table 3, S3 has the 

lowest laser power (150 W) and narrowest hatch spacing (0.075 mm) among all the conditions. 

Whereas S4 has higher laser power (175 W) but the fastest scan speed (1200 mm·s-1) and widest 

hatch spacing (0.1 mm).  

Referring to Figure 8 (b), the increased energy density of S1 and S2 results in a deeper 

meltpool and increased volume of melted sub-surface layers. In comparison, at the lower energy 

density treatment conditions S3 and S4, the meltpool is shallower, and a lesser volume of sub-

surface layers are melted. Since a larger molten mass will require a longer time to cool to a constant 

temperature, the cooling time (tc) is longer (Figure 8 (b)), and the cooling rate (tr) is slower at 

higher energy density levels concerned with treatment conditions S1 and S2, compared to the lower 

energy density treatment conditions S3 and S4.  
3.2

 Porosity 

Summarized in Table 4 are XCT analysis results for S1-S4 in terms of the mean and 

standard deviation of pore sizes, number of pores, and volume fraction of porosity relative to the 

volume of the part to three significant digits. Apart from treatment condition S3, none of the tested 

samples showed porosity beyond two significant digits. The volume fraction porosity for S3 was 

~ 0.05%.  These porosity-related results from XCT were subsequently verified with OM and SEM. 
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Table 4. Pore size distribution in processing conditions S1-S4 obtained from XCT analysis. 

Processing 

Condition 

Average pore sizes detected 

(µm) with standard 

deviation in the brackets 

Number of pores 

detected 

Volume fraction of 

defects in the XCT 

scanned parts 

S1 37.8 (σ = 23.6) 46 0.001 % 

S2 (Nominal) 38.3 (σ = 26.1) 196 0.004 % 

S3 52.5 (σ = 37.0) 804 0.05 % 

S4 No pores detected No pores detected  0.000 % 

Shown in Figure 9 are XCT, OM and SEM images obtained for a representative sample 

from processing condition S3. Referring to Figure 9, the energy density of S3  

(Ev ~ 91 J·mm-3) is higher than S4 (Ev ~ 73 J·mm-3), however, the lower laser power of S3  

(P = 150 W) compared to S4 (P = 175 W), was insufficient to melt the material resulting in lack-

of-fusion porosity characterized by its jagged shape. As observed from the etched optical 

micrograph, the lack-of-fusion pores in S3 occur at the meltpool boundaries. These lack-of-fusion 

pores are detrimental to functional integrity as they are sites for local brittle fracture during tensile 

testing, resulting in reduced strength. The effect of porosity on the fracture mode is discussed in 

depth in Sec. 3.6.2. 

 
Figure 9. The defect volume ratio (DVR) for S3 shows the porosity levels in the gauge section of 

the final EDM cut dog bone. Optical micrographs show that these porosities correspond to lack-

of-fusion pores. S3 shows a DVR of 0.05 % due to the lowest laser power, leading to lack-of-fusion 

pores. S1, S2, and S4 have a cumulative DVR of 0 % for pores larger than 28µm in these processing 

conditions. 
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3.3

 Meltpool Morphology and Grain Type 

Representative optical images for the four processing conditions S1-S4 are shown in Figure 

10. These micrographs reveal the meltpool morphology typical to LPBF with prominent 

boundaries formed by the laser scanning tracks. The optical micrograph in Figure 10(a) depicts 

that the microstructure of S1, is predominantly composed of columnar dendrites resulting from the 

rapid cooling rates inherent to LPBF. The columnar dendrites are observed to overlap multiple 

meltpool boundaries. These columnar dendrites solidify along the build direction and opposite to 

the direction of the heat flux, consistent with observations in literature [42, 49, 63, 74]. The cross-

over of columnar dendrites into adjacent meltpools also manifests in the corresponding SEM 

micrograph in Figure 11(a1). Further, in the zoomed-in image in Figure 11(a2), the columnar 

dendrites of S1 span several meltpool boundaries. 

 
Figure 10. Optical micrographs for conditions S1-S4. The highest energy density in S1 shows a 

tendency of columnar dendrites to grow (dashed outline) across the meltpool boundaries and 

multiple build layers. The lowest energy density in S4 restrains the grain growth to the individual 

meltpools such that the meltpool boundaries (solid outline) are a well-defined feature. 
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The microstructure of S2 depicted in Figure 10(b) also consists of columnar grains (black 

dashed outlines) solidified along the build direction. As in S1, the columnar dendrites of S2 range 

across multiple meltpool boundaries. The SEM micrograph of S2 is highlighted in Figure 11(b1). 

A higher magnification image in Figure 11(b2) shows that the microstructure of S2 also consists 

of a fine cellular structure. While the columnar dendrites tend to grow along the build direction, 

the cross-sectional cellular structure has a relatively disordered growth direction. Examining the 

SEM micrographs in Figure 11(b2), the minority of fine cellular structures present in S2 are 

confined to the individual meltpool boundaries. 

The cross-meltpool columnar grain growth observed both in S1 and S2 is explained in the 

context of Figure 8(a) and (b). The higher energy input of S1 and S2 results in higher end-of-cycle 

temperatures (Te) and longer cooling times (tc). The large energy density and resulting heat 

retention remelts a larger volume of the previously solidified layers, manifested in Figure 11(a) in 

the form of a relatively larger meltpool penetration. The re-melting of previous layers leads to 

epitaxial regrowth of columnar dendrites across the meltpool boundaries, and the high Te and tc 

contribute toward grain coarsening. 

Thus, the SEM images of the meltpool shown in Figure 11 confirm the inferences from the 

optical micrographs from Figure 10. Comparing the meltpool profiles for various treatment 

conditions, demarcated from the white solid outlines of meltpool boundaries in Figure 11,  S1 

results in deeper and wider meltpool than S2. By contrast, S4 has the shallowest and narrowest 

meltpool compared to S1 and S2. In other words, the meltpool size is linked to the processing 

conditions and thermal gradients. 
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Figure 11. SEM images for S1-S4. A higher energy density (S1-S2) leads to a unidirectional 

columnar dendrite that grows epitaxially along the build direction. In contrast, a lower energy 

density (S3-S4) leads to localized clusters of a cellular structure because of randomly oriented 

equiaxed dendrites. 
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The SEM micrographs of S3 in Figure 11(c1) and (c2) further exemplify the presence of 

the columnar dendrites, albeit for a reduced length scale compared to S1 and S2. Unlike in S1 and 

S2, these columnar dendrites in S3 are restricted to individual meltpools, shown by the black 

arrows confined to the white solid meltpool outlines. The optical micrograph in Figure 10(c) also 

highlights the constricted columnar dendritic growth of S3. As discussed in Sec. 3.2, the porosity 

results point towards lack-of-fusion pores in S3. Further evidence for lack-of-fusion porosity is 

seen in Figure 11(c1). The white dashed outlines indicate to lack-of-fusion pores at the intersection 

of adjacent meltpools. Due to a lower laser power of S3, lack-of-fusion porosity is not eliminated 

by re-melting subsequent layers. 

In contrast, as evident from Figure 11(d1) and (d2), the microstructure of S4, i.e., the lowest 

energy density tested at Ev ~ 73 J∙mm-3, consists predominantly of fine cellular structures, which, 

like S3, is also confined to individual meltpool boundaries. As explained in Figure 8, the lower 

magnitude of Te and shorter tc of S3 and S4 relative to S1 and S2 results in limited remelting of 

previously deposited layers. Hence, the epitaxial growth of the columnar dendrites across meltpool 

boundaries is restricted. Moreover, a faster scan speed has been linked with promoting a 

randomized cellular structure and an equiaxed nature of the grains [41, 76]. This, in addition to the 

lowest energy density used, restricts the heat transfer to within the meltpool boundaries in S3 and 

S4. Through the EBSD analysis in the following section, Sec. 3.4, the nature of the columnar 

dendrites, fine cellular structure, and their relationship with the underlying grain structure, as well 

as the part thermal history, will be explained. 
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3.4

 Crystallography, Texture, and Phases 

The EBSD orientation maps and the inverse pole figures (IPF) for the four-processing 

conditions S1-S4 are shown in Figure 12 and Figure 13, respectively. The microstructure evolved 

along <100> texture corresponds to the presence of columnar dendrites; <101> texture to fine 

cellular structure; and <111> texture to the slanted columnar dendrites. 

 

Figure 12. EBSD orientation maps of SS316L. The highest energy density condition S1 and S2 

promote epitaxial grain growth overlapping multiple meltpool boundaries. In contrast, the lowest 

energy density S3 and S4 promotes equiaxed grain structure constricted to individual meltpools. 

Consistent with the microstructure of S1 examined using OM and SEM in Figure 10(a) and 

Figure 11(a), respectively, the orientation map in Figure 12(a) reveals the presence of a columnar 

grain structure growing epitaxially along the build direction owing to the high energy density and 

laser power used for these samples. In the IPF from Figure 13 (a), S1 also shows a preference for 

the <100> texture along the build direction and a minor preference for <101> texture along the 

loading direction. As explained in the preceding section 3.3, the high energy density (Ev = 125 
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J·mm-3) of S1 facilitates epitaxial columnar grain growth across multiple meltpool boundaries 

between layers, albeit there is local misorientation resulting in a vertical zigzag pattern seen in 

Figure 12(a). 

 

Figure 13. Inverse pole figures of the sample set fabricated with varying energy densities in the 

build direction (z), loading direction (y), and scanning directions (x) as reference axes. 

For S2, while there is no discernible preference for grain growth orientation along the build 

direction (Figure 13(b)), there is a strong preference for growth along <101>, viz., the loading 

direction. Owing to the reduced energy density compared to S1, the grains of S2 are columnar and 

elongated but also marginally equiaxed, as evident from Figure 12(b). The IPF for S4 is shown in 
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Figure 13(d)), which indicates a lack of preference for grain orientations along the build direction. 

The lowest energy density in S4 also leads to the formation of a large proportion of equiaxed grains 

with <101> and <111> orientations. 

There is a preferred <111> texture along the scanning direction for S2 (Figure 13(b)) and 

S4 (Figure 13(d)), which is not observed in S1 (Figure 13(a)) and S3 (Figure 13(c)). Such a texture 

along <111> direction in S2 and S4 results from the tilted dendritic growth with respect to the 

build direction. This is because, in addition to the thermal gradient along the build direction, faster 

scan speeds and lower laser power in these sets compared to S1 generate a thermal gradient along 

the scanning direction, which influences the solidification and local growth of the columnar grain 

structure within the layer. This, in turn, promotes dendrites to grow along a vector that follows 

both the build and scan directions, leading to a tilted solidification axis. Therefore, without a layer 

rotation, the thermal gradient is strongly influenced by the laser source intensity along the build 

direction and its scan path along the scanning direction S2 and S4. 

Consistent with observations from optical images and SEM, the solidified grains in the 

previous layers do not regrow epitaxially due to the lower energy density and laser power in S3 

and S4. This leads to a relatively equiaxed grain structure of S3 and S4 in meltpool boundary 

regions between two subsequent scanning tracks farthest from the center of the laser spot. 

A comparison of the average grain sizes and the average primary dendritic arm spacing 

(PDAS, λ1) is provided in Figure 14. The PDAS is estimated from SEM images by calculating the 

cell area from 20 high-magnification images for each processing condition. Figure 15(a-d) shows 

the empirical grain size distribution measured from the EBSD orientation maps corresponding to 

treatment conditions S1-S4 (Figure 12). Grain sizes estimated herein are the cumulative averages 

of the length of major and minor axes of individual grains measured from EBSD. As evident from  
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Figure 14, both grain size and PDAS have similar trends; they are proportional to energy density 

(Ev). This is because, as explained in the context of Sec. 3.1, the end-of-cycle temperature (Te) and 

cooling time (tc) increase proportionally to heat accumulation (Figure 8), noting that cooling time 

is inverse of the cooling rates. 

 

Figure 14. PDAS and average grain size for treatment conditions S1-S4; these are proportional 

to energy density.  

Referring to Figure 15, samples made under treatment condition S1 have an average grain 

size of 37 µm (σ = 62.3 µm); 82.5 % of grains indexed were smaller than 50 µm and 8.8 % 

columnar grains larger than 100 μm with the largest grain size of 357 µm. Similarly, in S2, the 

average grain size in the gage section is 24 μm (σ = 38.6 µm), with 4.2 % grains larger than 100 

µm owing to the presence of columnar grains extending across multiple meltpool boundaries 

between layers. However, 87.5 % of grains in S2 are smaller than 50 µm, which is higher compared 

to S1 due to fine-sized equiaxed grains. 

Samples processed under treatment condition S3 result in a smaller average grain size of 

18 µm (σ = 25.3 µm) due to the presence of lath-like fine columnar grains with 94.4 % grains 
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smaller than 50 µm. These lath-like grains form a horizontal chevron pattern observed in Figure 

12(c). Additionally, S3 has a smaller primary dendritic arm spacing (λ1) compared to S1 and S2 

due to low thermal gradients and rapid cooling. However, the smallest grain size seen in S3 results 

from a fine elongated columnar grain structure leading to a lath-like grain morphology; S3 also 

has 2.3 % grains larger than 100 μm compared to 1.3 % in S4. Samples processed under treatment 

condition S4 have an average grain size of 20 μm (σ = 30.6 µm), and the grain size distribution is 

similar to S3 due to the equiaxed nature of the grains.  

 

Figure 15. (a-d) Grain size distribution generated from the EBSD orientation maps for the 

treatment conditions S1-S4. High energy density in S1 leads to coarse columnar grains, and 

average grain size decreases from S1 to S2 with decreasing energy density. S3 has the lowest 

average grain size because of the low laser power used in this processing condition. 
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3.5

 Correlation of Thermal History and Microstructure 

In Figure 16, end-of-cycle temperature (Te) and cooling rate (tr) derived from the thermal 

simulations are correlated with experimentally measured grain size and primary dendritic arm 

spacing (PDAS). To explain further, in Figure 16, for each sample corresponding to the treatment 

condition S1-S4, the end-of-cycle temperature Te from Figure 8(b) averaged over layer heights of 

4 mm (layer 200) to 8 mm (layer 400) is plotted on the y-axis of Figure 16. Similarly, the cooling 

rate, tr, averaged over layer height of 4 mm to 8 mm from Figure 8(a), are plotted on the x-axis. 

 

Figure 16. Correlation between end-of-cycle temperature (Te), cooling rates (tr), grain size and 

PDAS. End-of-cycle temperatures and cooling rates are averaged over layer heights of 4 to 8 mm. 

Average grain sizes are calculated from the EBSD maps and PDAS from SEM. Higher heat input 

lowers the cooling rate (tr) and increases the end-of-cycle temperature (Te), results in epitaxial 

grain growth along the build direction and grains coarsen over multiple layers. 
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Subsequently, the grain size, dendritic arm spacing, and texture observed from EBSD are 

overlaid onto Figure 16. A lower tr (i.e., low solidification velocity, R) and high Te (i.e., high 

thermal gradient, G) are correlated to the coarser grains and wider dendritic arm spacing observed 

for S1 and S2. Similarly, high tr and low Te results in finer grains with a shorter dendritic spacing 

observed in S3 and S4 compared to S1 and S2; further, the higher tr in S3 and S4 constrains grain 

growth within individual meltpools. 

Figure 17 summarizes the results in the context of the process-thermal-structure-property 

relationship in the LPBF-processed SS316L samples. The following observations concerning 

treatment conditions S1, S3 and S4 are made relative to the nominal condition S2. 

• For treatment condition S1 (Ev ~ 125 J·mm-3), energy density was increased from the 

nominal processing condition S2 (Ev ~ 100 J·mm-3) by increasing the laser power and 

decreasing the scan speed. Higher heat input in S1 relative to S2 enabled the columnar 

grains to coarsen, leading to epitaxial growth along the build direction across multiple 

layers. 

• In S3 (Ev ~ 91 J·mm-3), the laser power and hatch spacing are reduced, which causes a lack-

of-fusion porosity at the intersection of meltpool boundaries. A lower heat input leads to a 

finer microstructure. The short hatch spacing facilitates columnar grain growth, resulting 

in a lath-like structure. Epitaxial grain growth is observed along the build direction, 

originating at the center of the meltpool. Meanwhile, at the meltpool boundaries, the grains 

are observed to grow inwards towards the center of the meltpool. This peculiar growth 

pattern results in a mix of a fine microstructure along the meltpool boundaries with 

occasional coarse columnar grains along the center of the meltpool, akin to the solidified 

microstructure in ingot metal castings. 
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• The energy density for S4 (Ev ~ 73 J·mm-3) is further decreased relative to S2 (Ev = 100 

J·mm-3) by reducing the laser power and increasing the scan speed. A lower heat input 

constrains the equiaxial grain growth within the individual meltpools and meltpool 

boundaries. In addition, a rapidly moving heat source also leads to a highly localized 

thermal gradient within the individual layer scans. It reduces the penetrative depth of the 

laser, leading to meltpool tearing under tensile loading, which is detrimental to the strength 

of LPBF parts. 

 
Figure 17. Summary of the process-thermal-structure relationship established from this study as 

a function of the processing parameters and the part's thermal history. The color and orientation 

of the arrows and equiaxed grains in the schematic represent the observed texture from EBSD 

measurements.  
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3.6

 Mechanical Properties 

3.6.1 Yield Strength and Ultimate Tensile Strength 

Figure 18 (a) reports the tensile stress-strain curves obtained from digital image correlation 

(DIC) tests of the four treatment conditions S1-S4. Three samples were tested per treatment 

condition, and the curves shown in Figure 18(a) represent one sample. Figure 18(b) illustrates the 

comparative bar graphs for the average yield strength (YS) and ultimate tensile strength (TS) for 

all four treatment conditions.  

 
Figure 18. (a) Representative DIC tensile test results for conditions S1-S4. (b) Tensile stress and 

yield stress were ascertained from tensile curves (3 tests per set S1-S4). 

Samples processed under treatment conditions S1 and S2 have comparable average YS 

with a difference of 0.2% (variation of 3.96%). The slightly higher strength in S2 compared with 

S1 can be explained by the Hall-Petch relationship. The cellular structure observed in LPBF parts 

shows the presence of dislocations at the cell boundaries. These dislocations transform the cellular 

structure into nano-sized grains [45]. The subsequent pinning of dislocations at these cell 

boundaries leads to work-hardening and improved YS and TS [77].  

Despite their grain sizes being smaller, the YS and TS of S3 and S4 are significantly lesser 

than S1 and S2.  This result is counter to the Hall-Petch relationship. The reduced strength of S3 

is on account of lack-of-fusion porosity compared to S1 and S2. Further, although S3 is affected 
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by lack-of-fusion porosity, its strength is superior to S4. This is because the larger hatch spacing 

(H = 0.100 mm) in the case of S4 reduces the overlap between adjacent meltpools. The relatively 

weak bonding between adjacent tracks resulted in failure due to meltpool tearing. These 

phenomena are elucidated through fracture surface analysis in the forthcoming Sec 3.6.2.  

Lastly, in Figure 18(a), the yielding behaviors are observed to be dependent on the 

processing conditions. While S1 depicts relatively continuous yielding, S4 exhibited discontinuous 

yielding behavior (decrease in stress after yielding). This phenomenon is explained because of the 

formation of Luder’s bands observed in tensile testing of parts performed in-situ inside SEM. 

Representative results are reported in Appendix III. 

3.6.2 Fracture Surface Analysis 

Figure 19 shows the SEM images of the fracture surface of representative samples from all 

four treatment conditions. A high-resolution SEM fracture surface image displayed in Figure 

19(a2) for sample S1 exhibits void coalescence artifacts termed dimples (green arrows). This 

artifact results from a dimple rupture propagating through the cellular structure [58]. Such an 

artifact is present in all samples, implying a highly ductile fracture mechanism consistent with the 

high strain observed in the tensile curves. It is expected that the size of the dimples is governed by 

the cell size (or the PDAS) and that dimple size decreases with a decrease in the grain size, which 

is consistent with the findings for conventionally manufactured SS316 [78]. 

Fracture surfaces of treatment conditions S1 & S3 have vertical step-like features 

(demarcated by red arrows in Figure 19(d1) and (d2)). These step-like features indicate a trans-

granular fracture mechanism; they are remnants of the tortuous crack path propagating through the 

local dendritic structure. These dendrites are oriented vertically inside the elongated columnar 

grains with a dominant <100> texture along the build direction in S1 and S3.  
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The fracture surface of S2 shown in Figure 19(b1) and (b2) is riddled with micro-cracks 

(demarcated by yellow arrows). As observed from EBSD in Figure 13(b), <101> is the dominant 

texture along the loading direction. In FCC materials, such as SS316L, <101> is the slip direction 

leading to more slip systems being activated in S2. Loading along the <101> direction also 

promotes twinning, which further aids the slip system activation [46, 79, 80]. These factors 

contribute to a higher strain hardening and plasticity in S2 than S1. The same behavior can be seen 

through the tortuous crack path leading to micro-cracks in S2. 

 

Figure 19. Representative fracture surfaces for (a) S1, (b) S2, (c) S3, and (d) S4. All coupons 

depict evidence of ductile dimple fracture. Additional features include micro-cracks in S2, local 

cleavage fracture around lack-of-fusion voids in S3, and layer-wise meltpool tearing in S4. 
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From Figure 19(c1) and (c2), the white arrows and white outline show the presence of lack-

of-fusion voids in S3. A higher magnification image in Figure 19(d2) indicates the presence of 

cleavage planes hinting towards a local brittle fracture induced by these voids. Hence, even with 

the smallest grain size governing a better strength through the Hall-Petch relationship, a drop in 

strength is imminent for S3 compared to S1 and S2 due to lack-of-fusion porosity. 

The fracture surface of S4 shown is shown in Figure 19(d1) and (d2). Deep ridges are 

visible on the fracture surface, highlighted by the pink arrows. These ridges show signs of the build 

layers tearing from one another, with the remnant damage visible on both halves of the tensile 

sample of condition S4. The lower energy density (Ev ~ 73 J·mm-3) used for S4 does not promote 

grain growth across the meltpool boundaries (Figure 11(d1)), resulting in a weak interlayer 

adhesion, which in turn is associated with the meltpool tearing [40, 56]. The poor interlayer 

adhesion caused by insufficient meltpool penetration explains the lowest YS and TS observed in 

S4 (Figure 18). 

3.6.3 Microhardness 

Vickers microhardness values measured in the gauge section are reported in Figure 20 as 

a function of the four processing conditions.  The microhardness trends correlate with the tensile 

and yield strength measurements reported in Figure 20. The hardness measurements for S1 and S2 

are higher due to the lower impedance of the dislocation motion arising from a larger PDAS [81, 

82]. The hardness measurements are reduced in S3 due to lack-of-fusion porosity. Treatment 

condition S4 has the lowest hardness due to the insufficient fusion of adjacent meltpools. This 

weaker interlayer adhesion also leads to meltpool tearing during DIC-tensile testing, as observed 

previously in Sec 3.6.1. Statistical analysis (ANOVA) affirms that the average microhardness 

measurements for S1-S4 are significantly different (α = 5%). 
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Figure 20. Microhardness measurement as a function of processing conditions S1-S4. 

Microhardness is proportional to energy density. S3 has a lower hardness value due to lack-of-

fusion voids. S4 has the lowest hardness due to weak inter-layer bonding. 

4.

 Conclusions and Future Work  

This work quantifies the causal effect of process parameters and thermal history on the 

microstructure and mechanical properties of stainless steel 316L parts made using the LPBF 

additive manufacturing process. Extensive empirical tests have been reported in the literature that 

link processing parameters to microstructure evolution and mechanical properties of stainless steel 

316L [58]. However, the causal influence of thermal history aspects, such as cooling rate and inter-

layer temperature, on microstructure evolved and mechanical properties remain to be explained.  

Since the thermal history is a function of process parameters, part shape, build layout, and 

material properties, not accounting for the effect of thermal history curtails existing understanding 

of process-structure-property relationships to specific cases geometries and build conditions. 

Consequently, practitioners are compelled to conduct expensive and time-consuming empirical 

studies, often requiring years, to optimize the processing parameters for every new part geometry 

[83]. This work addressed the foregoing gap by advancing an integrated experimental-

computational framework to explain the causal effect of processing parameters on thermal history 

and, ultimately, the evolution of microstructure and part properties.   
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Specific outcomes from this work are as follows: 

1. A total of 40 stainless steel 316L (SS316L) tensile test samples were produced under four 

treatment conditions of varying laser power, scan velocity, and hatch spacing. The samples 

were characterized using XCT (porosity), optical and scanning electron microscopy (meltpool 

and microstructure type), electron backscatter diffraction (grain size and orientation), and XRD 

(phases). 

2. The thermal history of these samples was predicted using an experimentally validated mesh-

free rapid thermal model. From the predicted thermal history, the cooling time (tc) and end-of-

cycle temperature (Te) were quantified. The part-scale thermal history metrics (tc and Te) were 

related to the microstructure evolution in terms of the grain type, grain size distribution and 

microhardness. The higher the cooling rate (tr) and the smaller the end-of-cycle temperature 

(Te), the smaller the grain size. The processing conditions and thermal history were also related 

to lack-of-fusion porosity. A key finding in this regard is that the volumetric energy density 

(Ev) is not a good quantifier of flaw formation or microstructure evolution. The thermal history, 

in terms of the cooling rate and temperature gradients, is a more rigorous metric to correlate to 

microstructure and flaw formation. 

3. The directionality, texture, and orientation of the microstructure have a significant effect on 

mechanical properties. These characteristics, in turn, are linked to the thermal history, 

specifically, tr and Te. A large Te facilitates columnar, dendritic growth across multiple 

meltpools. Whereas the faster cooling rates and smaller thermal gradients are linked to fine 

cellular structures that are constricted within individual meltpools. Lastly, the thermal history 

also influences the failure mode via the microstructure evolved. Columnar grains were linked 
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to ductile fracture mode; shallow meltpools without overlapping grain growth are liable to 

result in meltpool tearing when subjected to tensile loads. 

In our future work, we will endeavor to predict and control the microstructure and 

mechanical properties through multi-scale meltpool and part-level thermal history modeling. 
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 Appendix I - Thermal Model Calibration and Validation 

A 42 mm tall bell crank geometry, shown in Figure 21(a), was printed to calibrate the 

boundary conditions and heat loss coefficients and, subsequently, validate the graph theory 

predictions. This geometry was manufactured using the nominal processing condition S2 on the 

same EOS M290 LPBF machine and with identical SS316L powder material used in this work. 

Once calibrated, the same model parameters were used to predict the thermal history of the tensile 

test samples proposed in this work (Figure 4). 

 

Figure 21. (a) A CAD drawing of the bell-crank geometry was used to identify the heat losses 

and calibrate the graph theory thermal model. The same EOS M290 machine makes this 

geometry with SS316L material used in this study. (b) Average end-of-cycle layer temperature 

distribution of the bell-crank geometry simulated from the calibrated graph theory model. 

A brief procedure for the model calibration is summarized herewith. Details are available 

in our prior publications [18, 33]. Part surface temperature readings were obtained from a 

longwave infrared (LWIR) thermal camera installed inside the LPBF machine. The LWIR camera 

was calibrated to an absolute temperature scale using an industry-standard contact thermocouple-

based approach described in our previous works [18, 33]. This infrared thermal camera measures 

the average end-of-cycle layer temperature, which is the mean temperature of an entire layer after 

a new layer is deposited on top, just before the melting of the new layer is initiated by the laser. 

As shown in Figure 22, the average end-of-cycle layer temperature for the bell crank predicted 



52 

 

from the graph theory thermal model agrees closely with the observed infrared thermal camera 

measurements. The root mean squared error (RMSE) and symmetric mean average percentage 

(SMAPE) are within 6 °C and 3 %, respectively, and the graph theory model converged within 30 

minutes for this complex part. 

 

Figure 22. Calibration results show the predicted end-of-cycle temperatures compared against the 

real-time IR imaging as the ground truth. 
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Appendix II - X-ray diffraction 

Phases formed in the SS316L samples were identified by XRD (Bruker XRD D8) using 

0.1540 nm wavelength Cu Kα radiation between 40 to 80° with a step size of 0.02 °∙s-1 and 

exposure time of 1 s∙step-1. From the XRD peaks reported in Figure 23, the presence of a single 

phase γ-austenite is inferred for all treatment conditions S1-S4. The presence of a single austenitic 

phase is consistent with the observations from previous works on LPBF of SS316L [56, 63, 76]. 

This is an important observation because the effect of part-level thermal history on secondary 

phases is not warranted in this work. The presence of a single austenitic phase means that the grain 

size and primary dendritic arm spacing are the key microstructure features affected; consequently, 

these are the two central microstructure-related aspects studied herein. 

 

Figure 23. X-ray diffraction curves of SS316L printed by LPBF with varying energy densities from 

S1-S4. 316L SS forms a single-phase γ-austenite in all the sets used in this study. 
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Appendix III – In-situ SEM tensile testing  

In Figure 24(a), the tensile curves of processing condition S4 exhibit a discontinuous 

yielding behavior compared to the other processing conditions. To explain this phenomenon, 

tensile experiments were performed in situ in an SEM. Figure 24(b) shows an SEM image of one 

such tensile test that was stopped in situ after the yielding point was reached. The discontinuous 

yielding is attributed to the formation of striations similar to Luder’s bands at the yielding point, 

which leads to prolonged yielding and a drop in the flow stress post-yielding [84]. The formation 

of Luder’s band in SS316L is highly dependent on orientation and grain size, which explains why 

it is present only in sample S4. 

 

Figure 24. (a) Tensile curve from the in situ tensile test, (b) SEM image from the in situ tensile 

tests performed on a tensile sample from processing condition S4 and stopped at a strain value of 

0.05. The tensile test is stopped after the yielding point is reached and the flow stress starts 

decreasing. In addition to the local dislocation slip bands, S4 also exhibits striations (much like 

Luder’s bands) that span across multiple meltpools. 
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