Influence of elongation-induced concentration fluctua-
tions on segmental friction in polymer blends
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Recent experimental studies have revealed a lack of universality in the extensional behavior of linear
polymers, which is not envisioned by classical molecular theories. Such surprising findings, par-
ticularly the sharp contrast between polymer melts and solutions, have catalyzed the development
of new theoretical ideas, including the concept of friction reduction in highly stretched polymer
melts. By presenting evidence from rheology and small-angle neutron scattering, this work points
out that deformation-induced demixing, which is due to the viscoelastic asymmetry in binary mix-
tures, contributes to the observed nonuniversality. In the case of polystyrene/oligostyrene blends,
demixing increases the effective glass transition temperature of the long chain, leading to an apparent
friction enhancement. On the other hand, the opposite case is found for the polystyrene/poly(a-

methylstyrene) blend. These results highlight the important influence of deformation-induced con-

centration fluctuations on polymer segmental friction.

1 Introduction

The dynamic properties of polymeric liquids exhibit remarkable
universalities and can often be understood with coarse-grained
models. 11 In particular, universality has been found in both
linear and nonlinear shear rheology of polymer melts and solu-
tions. >*+10-20 It is against this backdrop that the observations of
lack of universality in the extensional rheology of polymers, 20-33
especially entangled polymers, come as a surprise. Several the-
oretical ideas, notably interchain pressure3* and friction reduc-
tion, 313541 have been proposed to reconcile these experimental
results, but a clear understanding has not been achieved.

The goal of this work is to investigate the potential role of
deformation-induced demixing in the apparent lack of universal-
ity in extensional rheology of polymers. Although deformation-
induced demixing and concentration fluctuations are ubiquitous
and well-known phenomena, 4273 their impact on the rheologi-
cal behavior of polymers has not been seriously contemplated. As
we shall demonstrate below, deformation-induced demixing not
only can be present in extensional flow of polymer solutions, but
also can affect the rheological response. To illustrate the first
point, we have carried out small-angle neutron scattering mea-
surements of entangled polystyrene solutions during continuous
uniaxial extension as well as step-strain relaxation. It is found
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that the viscoelastic asymmetry between the long and short chains
drives the deformation-induced demixing, which occurs on time
scales longer than the Rouse relaxation time of the short-chain,
oligomeric styrene. Most importantly, demixing leads to a change
of the effective glass transition temperature of the long chain. A
qualitative theoretical picture is offered to rationalize the anoma-
lous rheological behavior, which exhibits apparent dependence
on sample composition (chemistry) and violates the principle of
time-temperature equivalence. These results point to the crucial
influence of deformation-induced concentration fluctuations on
polymer segmental friction.

The paper is organized as follows. The Materials and Methods
Section gives an account of the sample preparation procedures,
characterization methods, and equilibrium properties of the poly-
mer solutions. The results of the small-angle neutron scattering
experiments are presented and discussed in the first part of the
Results and Discussion Section, and the underlying physics of the
deformation-induced demixing is explained. Next, the rheologi-
cal consequences of demixing are discussed. The change of lo-
cal glass transition temperature due to the deformation-induced
concentration fluctuations turns out to be a key for understand-
ing many aspects of the apparent lack of universality in exten-
sional rheology of polymers, including the molecular weight and
temperature effects. Lastly, to put the current investigation into
proper context, we reexamine the literature data in light of the
demixing phenomenon. It is shown that these existing experimen-
tal studies indeed should involve deformation-induced demixing,
whose influence on the segmental friction should be of vital im-
portance.
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2 Materials and Methods

2.1 Materials

Hydrogenous (h) and deuterated (d) polystyrenes (PS) with nar-
row molecular weight distributions were purchased from Poly-
mer Source, Inc. and Scientific Polymer Products Inc., along with
a hydrogenous, low molecular weight poly(c-methylstyrene)
(PaMS). The molecular characteristics of these samples, includ-
ing the number average molecular weight (M,), weight average
molecular weight (My,), and glass transition temperature (7), are
provided in Table 1. Four binary polymer blends, each consisting
of long and short chains, were prepared by dissolving the two
components in toluene and subsequently precipitating the poly-
mers in methanol. Due to the lack of a complete set of melt
density data for all the samples, the following glassy state den-
sities (py) were used in the sample preparation and the other
calculations: 1.05 g/cm? for h-PS,74 1.065 g/cm? for h-PaMs,”4
and 1.12 g/cm? for d-PS.”> The precipitated polymer blends were
dried in a heated vacuum oven above the glass transition tem-
peratures for at least 24 hours to remove any residual solvents.
The compositions of these polymer blends are described in Ta-
ble 2, where Z is the number of entanglements per chain, ¢ and
¢s are the volume fractions of the long and short chains, respec-
tively. The PS790K/PS4K, PS790K/PS23K, and PS130K/PS12K
blends were used in the small-angle neutron scattering (SANS)
experiments, whereas the melt uniaxial extension behavior of
PS790K/PS4K, PS790K/PS23K, and PS790K/PaMS11K blends
was examined with an SER3 fixture (Xpansion Instruments). 76

The samples for the SANS experiments were moulded into rect-
angular strips in a Carver hydraulic press at 180°C. The prepared
specimens were uniaxially stretched on a RSA-G2 solid analyzer
(TA Instruments) equipped with an environmental test chamber,
following the well-established procedures.”7-80 In each extension
experiment, the polymer sample was stretched with a constant
crosshead velocity to a stretching ratio of A = 1.8 in the melt state,
allowed to relax for a certain amount of time f.j,x, and then im-
mediately quenched into the glassy state by pumping cold gas
into the test chamber. For “continuous” extension experiments,
the waiting time (i.e., stress relaxation time) t.j,x = 0. The ini-
tial strain rate &, is given by the crosshead velocity vy and initial
length of the sample [ as & = vo/lp. Additionally, the quenching
time was always significantly shorter than the waiting time as well
as the Rouse relaxation time of the sample. Such a stretch-quench
method thus effectively preserved the “instantaneous” polymer
structures for the ex-situ SANS characterizations.

Because of the constraint of test chamber size, the stretching
experiments on RSA-G2 were limited to moderate strains. There-
fore, a more complete set of melt extension data was collected
with a SERS3 fixture fitted on an MCR302 rheometer (Anton Paar).
The temperature control was achieved by a CTD600 environmen-
tal chamber, with an accuracy of +0.1°C. The samples were pre-
pared in the form of filaments (1mm in diameter) by melt extru-
sion with a Monsanto capillary rheometer at T = 160°C.81 Con-
tinuous uniaxial extension experiments were carried out under
constant Hencky strain rates & with nitrogen as the gas source.
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Table 1 Molecular characteristics of the samples used in this work

Sample name M, (kg/mol)  M,, (kg/mol) M, /M, T, [°C]

h-PS790K 790 853 1.08 104.0+0.9
d-PS23K 23.0 24.4 1.06 100.3+1.4
d-PS4K 4.00 4.30 1.07 80.0+£0.8
d-PS130K 125 133 1.06 101.8+1.4
h-PS12K 12.0 12.1 1.01 89.4+04
h-PaMS11K 10.6 11.8 1.11 156.1+1.2

Table 2 Compositions of the polymer blends

blend name long chain  short chain oL ds Z

PS790K/PS4K h-PS790K d-PS4K 0.56 0.44 21
PS790K/PS23K h-PS790K d-PS23K 0.56 0.44 24
PS130K/PS12K d-PS130K h-PS12K 0.50 0.50 2.7
PS790K/PaMS11K  h-PS790K h-PaMS11K 0.56 0.44 26

2.2 Differential scanning calorimetry

Differential scanning calorimetry (DSC) measurements of the
neat polymers as well as the polymer blends were carried out on a
DSC Q2000 from TA Instruments with aluminum hermetic pans.
The glass transition temperature (7y) was determined from the
heat flow during the heating scan using the “half extrapolated
tangents” method. For each sample, three heating scans were
performed with rates 10°C/min, 5°C/min, and 2°C/min, respec-
tively, and the glass transition temperatures reported in Table 1
are based on linear extrapolations to zero heating rate. To further
illustrate the influence of molecular weight on the glass transi-
tion temperature, the data of all the polystyrene samples are also
plotted in the inset of Fig. 1.

The low-molecular-weight PS4K has the lowest T, among all
the samples, around 80°C. On the other hand, the 7, of PS23K
is only slightly lower than that of PS790K. In these polystyrene-
polystyrene (oligostyrene) blends, the 7, of the short chain (sol-
vent) is always lower than that of the long chain. By contrast, in
the PS790K/PaMS11K blend, the short PaMS11K has higher 7,
(156.1£1.2°C) than the long chain (7y = 104.0+0.9°C). As we
shall see later, such a “reversed” blend provides important insight
into the influence of deformation-induced demixing on rheology.

2.3 Rheology

Small-amplitude oscillatory shear measurements were carried out
on an HR2 (TA Instruments) rheometer with parallel plates to
evaluate the linear viscoelastic properties of the polystyrene sam-
ples. The time-temperature superposition (TTS) principle? is
used to construct master curves of the measured dynamic moduli
(G* = G’ +iG"). The linear viscoelastic spectra of PS790K/PS4K
and PS790K/23K blends are shown in Fig. 1. These two sam-
ples have similar entanglement plateau moduli and widths, and
their linear viscoelastic spectra can be overlapped with proper
shifts in angular frequency [inset of Fig. 1(a)]. Additional re-
sults for the PS790K/PS4K, PS790K/PS23K, PS130K/PS12K, and
PS790K/PaMS11K blends, as well as those for the neat PS4K,
PS23K, PS12K, and PaMS11K melts, are included in Appendix A.
The rubbery plateau modulus Gy is determined from the stor-
age modulus G'(w) at the frequency where tand = G’ /G’ ex-
hibits a minimum. The average number of entanglements per



chain Z = My,/Z. is estimated from the weight-average molec-
ular weight M,, and entanglement molecular weight M., with
M. = po¢RT /Gn.* Here, py and ¢ are respectively the density
and volume fraction of the long chain, R is the gas constant, and
T is the absolute temperature.
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Fig. 1 (a) Linear viscoelastic spectra of the PS790K/PS4K and
PS790K/PS23K blends at T =200°C. The inset shows that the dy-
namic moduli of the two samples can be overlapped with proper hori-
zontal shifts. (b) SANS spectra of the polymer blends in the isotropic,
undeformed state. Symbols: experimental data. Lines: Fittings with the
RPA equation. The inset presents the glass transition temperature Tys
of PS4K (square), PS12K(down triangle), PS23K (circle), PS130K (up
triangle), and PS790K (diamond). The black hollow circles are the T,
data from the literature. 82:83

For the entangled polymer blends, the terminal relaxation
time 7 of the long chain is determined from the low-frequency
crossover of the storage and loss moduli as 7 = w7 1 where @, is
the crossover angular frequency. For the neat, unentangled poly-
mers (PS4K, PS12K, PS23K, and PaMS11K), the terminal relax-
ation time is calculated from the steady-state creep compliance
J? and zero-shear viscosity 19 as: © = Jong.% The J? and ng are
obtained by fitting the low-frequency dynamic mechanical spec-
trum: 4

lim G'(0) = J9njw?,
»—0
€3]

lim G’ (@) = now.
w—0

The terminal relaxation time of the short chain in the polymer
blend can be estimated by using the Lodge-McLeish model. 8485
The details of component dynamics calculations are provided in
Appendix B. The purpose of calculating the relaxation time of the
short chains is to demonstrate of the time scale of the deformation

or stress relaxation relative to the characteristic molecular time
scale of the short chains, as deformation-induced demixing occurs
only when the short chains have sufficient time to relax and to
diffuse over a large distance.”2 For this qualitative analysis, one
only needs to arrive at the correct order of magnitude for the
relaxation times of the short chains. Please note that the effective
applied rate (Wig) is determined according to the viscoelastic time
of the long chains, which is a well-defined quantity (7 = 1/wc).
Different calculation methods may yield slightly different values
of relaxation time for the short chains in the blends. However,
such minute discrepancies have no impact on our experiments or
discussions.

2.4 Small-angle neutron scattering

Small-angle neutron scattering experiments were performed on
the EQ-SANS beamline of the Oak Ridge National Labora-
tory’s Spallation Neutron Source. 3087 For the PS790K/PS4K and
PS790K/PS23K blends, two configurations were used to cover a
scattering wavenumber (Q) range of 0.006-0.4 A1, The sample to
detector distance was fixed at 4m and two wavelength bands de-
fined by the minimum wavelength of 10 Aand 2.5 Awere used.
For the PS130K/PS12K blend, three configurations were used
with a Q coverage of 0.003-0.5 Al. Here, the sample to detec-
tor distance was varied to 2.5m, 4m, and 9m with wavelength
bands defined by minimum wavelength of 2.5 A, 10 A, and 154,
respectively. The obtained scattering intensities were normalized
by the sample thickness, corrected by the detector sensitivity and
background contributions, and placed on an absolute scale using
measurements of a standard sample. 88.89

The results of SANS measurements of the isotropic, unde-
formed polymer blends PS790K/PS4K and PS790K/PS23K are
shown in Fig. 1(b). These SANS spectra can be fitted with the
widely used random-phase-approximation (RPA) formula: 9091

Iiso(o) — Iinc 7( 1 + 1 _9 ) %
1Q) ~Tne  \9NaPo(Q) ' 0NoBy(Q) %

2

()

(PaNa (PbN b ’

where /(Q) is the measured absolute scattering intensity, j5,(0)
is the zero-angle scattering intensity, [, is the incoherent back-
ground, y is the Flory-Huggins interaction parameter, ¢y, Ny, and
P, (Q) are respectively the volume fraction, degree of polymeriza-
tion, and single-chain structure factor of component o (o = a,b).
In the current context, component « is the long chain (L), and
b is the short chain (S). With the Gaussian-chain assumption,
the single-chain structure factor Py (Q) takes the form of a Debye
function:

Pol0) = G [0 0B )+ PR 1] @)
20,00

where Ry ¢ is the equilibrium radius of gyration of component

a. The volume fractions in Eq. (2) are determined by the compo-

sitions of the samples and therefore not fitting parameters. The

degree of polymerization N, for each component is calculated

1-13 |3



according to the weight average molecular weight given by the
gel permeation chromatography. The equilibrium radius of gy-
ration Ry o is estimated according to the formula log)jRg0.a =
0.4175+40.5076 x logo Ng, which is obtained by a linear fit of the
literature data.”’-79:92 The resulting fitting curves from Eq. (2)
are presented in Fig. 1(b). The corresponding fitting parame-
ters are: Ly, (0) =9.23 cm™!, Ly =0.34cm™!, and y = 5.6 x 1073
for the 790K/4K blend; I, (0) = 44.30 cm™!, L,c = 0.32 cm™!,
and ¥ = 5.4 x 10~* for the 790K/23K blend. The SANS spec-
trum of the isotropic, undeformed PS130K/PS12K blend (not
shown here) is fitted by the same procedure, and the result is:
Lo (0) = 23.19 cm™!, . = 0.26 cm™!, and y ~ 0. The success
of the RPA formula and the relatively low values of x indicate
that the short and long chains are well mixed in the equilibrium,
undeformed state. Although we do not have SANS data for the
PS790K/PaMS11K blend, our DSC measurement and the previ-
ous studies in the literature %3-%° suggest that this particular pair
of PS and PaMS should be miscible at ¢ = 0.56.

3 Results and Discussion

3.1 Evidence of demixing during continuous extension

The results of SANS measurements of the PS blends during con-
tinuous uniaxial extension at various initial Weissenberg num-
bers (Wip = &7, defined with respect to the long chain here) are
shown in Figs. 2(a) and 2(b). As noted in the experimental sec-
tion, all the spectra were taken at a stretching ratio of 1.8. With
the exception of the PS790K/PS23K blend at 120°C and Wig = 100
and Wiy = 1000, butterfly patterns can be observed in all cases.
Additionally, the time-temperature superposition principle does
not hold in the nonlinear viscoelastic regime, as the scattering
pattern is dependent on not only the effective strain rate Wi, but
also the temperature.

To quantify the structural changes under uniaxial extension
and better illustrate the failure of TTS, the measured 2D SANS
spectra are analyzed with the spherical harmonic expansion tech-
nique.”%77:79-97 Specifically, the scattering intensity I(Q) is ex-
panded as /(Q) = ¥j.even I’ (Q)Y (6, ¢), where 6 is the polar angle,
¢ is the azimuthal angle, YZO(G, ¢) is the spherical harmonic func-
tion of degree [ and order zero, and IIO(Q) is the corresponding
coefficient. The definitions of the spherical harmonic functions
follow the ones used in our previous work,”” where the normal-
ization condition is lem(Q)Y[’,”/(Q) dQ = 4n8; 8y, with & and
Omn being the Kronecker §-functions. In the case of uniaxial ex-
tension, the spherical coordinates are placed in such a way that
the z axis is along the stretching direction, and the xz plane is
perpendicular to the incident beam and parallel to the sample.””
The expansion coefficient IIO(Q) is related to the experimentally
measured scattering intensity from the xz plane I;;(Q, 0) as:

Q) = %/(;HIXZ(Q,G)nO(e)sinede. 4)

In other words, the spherical harmonic expansion coefficients can
be obtained from weighted integrals of the 2D SANS spectrum
with Legendre functions. Generally speaking, the isotropic ex-
pansion coefficient Ig(Q) and leading anisotropic expansion coef-
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ficient 19(Q) are the most important ones,’? and they are shown
in Fig.2(b) and 2(d) for the SANS spectra from continuous uniax-
ial extension. To properly compare different samples, these coeffi-
cients are normalized by the zero-angle scattering intensity of the
isotropic, undeformed sample [, (0). As discussed in our prior
works, 727779 the sign of the leading anisotropic expansion co-
efficient 19(Q) is connected to the symmetry of the underlying
molecular correlations: for stretched polymers, a negative Ig(Q)
is a result of the growing intrachain correlations of the elongated
molecule of along the stretching direction; a positive 19(Q) is of-
ten associated with the long-range interchain correlations in the
perpendicular direction due to short chain migration. On the
other hand, the magnitude of IJ(Q) in the zero-angle limit can
reflect the degree of mixing — a phase separated system would
exhibit enhanced zero-angle scattering.

To further enhance insight, we compute the spherical harmonic
expansion coefficients of the blends using the random-phase ap-
proximation, where the mixing state is assumed to be unaffected
by the deformation. The normalized anistropic scattering inten-

sity 1(Q) /Ii50(0) is given by
Q) (1iso(0) = fine 1 1N
Iiso(o) B ( Iiso(o) ) (q)aNapa(Q) - ¢bNbﬁb(Q) 2%)

1 1 I
>< + - 2 ) + mc ,
(%Na Ny %) I 0)

(5)

where
N - 2
Py (Q) :Pa(Qx-,nyQz) = ;(exp(—x)—i—x—l), (6)

with
x=RZ) oA ' Q2+ 15" 02 +250%). @)

Under the current experimental condition, Wi >> 1 for the long
chains in the blends and Wiy <« 1 for the short-chain solvents.
Therefore, we make the simple assumption that the long chains
obey affine deformation (A, = 1.8), whereas the short chains are
fully relaxed (A, = 1). The rest of the parameters in Eq. (5) can
be obtained from the fittings of the isotropic samples. The nor-
malized spherical harmonic expansion coefficients from the RPA
model can be straightforwardly computed as

RQ) _ 1 " [T 1Q) o
lio(0) H/o d¢/0 sin6d6 7 gy 1 (6.0 (@)

The results of RPA calculations are presented in Fig. 2 as reference
curves. As pointed out previously, the RPA model by definition
cannot handle deformation-induced demixing and is incapable of
producing butterfly patterns. 72

Several observations from the spherical harmonic expansion
analysis are worth noting. First, our previous study demonstrated
that positive IS(Q) is associated with butterfly scattering patterns
whereas negative I9(Q) produces ellipsoidal patterns.’? The cur-
rent results in Fig. 2 are consistent with this prior finding: the
anisotropic expansion coefficients Ig (Q) are positive within the
experimental Q range for the butterfly patterns (spectra 1-5, a,
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Fig. 2 Results of SANS measurements of deformed polymer blends. (a) SANS spectra of the PS790K/PS4K blend at A = 1.8, stretched under
different temperatures and initial Weissenberg numbers Wij. (b) Corresponding normalized spherical harmonic expansion coefficients. Here, Iis,(0)
is the zero-angle scattering intensity of the isotropic, undeformed sample. (c) and (d) are the results of the PS790K/PS23K blend at 4 =1.8. (e)
SANS spectra of the PS130K/PS12K blend during stress relaxation, following a step strain of A =1.8. The elapsed time during stress relaxation
(trelax) is normalized by the terminal relaxation time of PS12K (7j2x) and displayed at the bottom of each spectrum. (f) Corresponding normalized
spherical harmonic expansion coefficients. Dashed lines in the insets: predictions of the RPA model, with the assumption that the long chains obey
affine deformation (4, = 1.8) and the short chains are fully relaxed (4, =1).

b, and ¢); the I9(Q) is close to zero for the SANS spectrum
of PS790K/PS23K blend at Wiy = 100 and 120°C (spectrum d);
and the 19(Q) is slightly negative for the ellipsoidal spectrum of
PS790K/PS23K at Wiy = 1000 and 120°C (spectrum e). Second,
the failure of TTS becomes quite evident, when the 2D SANS spec-
tra are quantified by the spherical harmonic expansion technique.
The expansion coefficients [3(Q) and I9(Q) are not identical for
the same sample stretched under the same Wig. Third, the short-
chain molecular weight clearly plays a role in the structural evo-
lution during extension, even when Wiy and temperature are kept
the same (e.g., spectra 3 and e). This behavior is consistent with
the previous reports of lack of universality in uniaxial extension
of entangled polymers, 2633 where the solvent molecular weight
effect was observed. Last, a comparison with the RPA reference
curves (dashed lines) suggests that some degree of deformation-
induced demixing is still present in the samples that do not ex-
hibit butterfly patterns [spectra (d) and (e)], as their anisotropic
coefficients I9(Q) are substantially smaller than the RPA predic-
tions (in magnitude). This is due to the cancellation effect from
intramolecular and intermolecular correlations. 7%

The emergence of butterfly patterns is a direct result of

deformation-induced demixing,”? which has been attributed to
the asymmetric stress division in polymer blends that drives dif-
fusion of short chains in the direction perpendicular to stretch-
ing. 98192 Qur previous investigation 72 indicates that Wiy < 1 for
the short chain is a necessary condition for generating butterfly
patterns, i.e., deformation-induced demixing in polymer blends.
Using the Lodge-McLeish model, the short-chain relaxation time
in the blend can be estimated (see Appendix B for details). Com-
bined with the long-chain relaxation time directly measured by
small-amplitude oscillatory shear, we find that the ratio of long
chain and short chain terminal relaxation times is approximately
3.3 x 10° for the PS790K/PS4K at the experimental temperatures,
and 1.0 x 10* for the PS790K/PS23K. The condition of Wiy < 1
is thus satisfied for both PS4K and PS23K in these blends. Nev-
ertheless, the difference in the glass transition temperature and
relaxation time of the short chains should play an important role
in the lack of universality in the extensional rheology of these
polymer blends. The full consequence of deformation-induced
demixing on the rheological behavior will be discussed in detail
in Section 3.3. It is worth noting that the deformation-induced
demixing is directly connected to the diffusive kinetics of the short
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chains and the enhanced concentration fluctuations at lower Wiy
[Figs. 2(a), 2(b), 2(c), and 2(d)] are a result of the prolonged
time for molecular diffusion. 72

3.2 Evidence of demixing during stress relaxation

To illustrate the ubiquity of the deformation-induced demixing in
polymer blends, we now turn our attention to stress relaxation.
In this case, the PS130K/PS12K blend was uniaxially stretched
to an extension ratio of A = 1.8 at 110°C with an effective initial
Weissenberg number Wiy = 1.9 x 102 for the long chain (Wi < 1
for the short chain), allowed to relax for ., = 0, 100, 300, 1000,
and 3000 s, and subsequently quenched into the glassy state for
ex-situ SANS measurements. The terminal relaxation times 7 of
the long and short chains are about 1.9 x 10* and 9 s respectively
at the experimental temperature of 110°C. Therefore, even at the
longest time of #,,x = 3000 s, the long chains still retain a sub-
stantial amount of stress whereas the short chains have sufficient
time to relax and diffuse over a large distance. The results of the
SANS experiments are shown in Figs. 2(e) and and 2(f), and the
corresponding stress data is presented in Fig. 3.

= 10 F ]
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10° 10" 10 10° 10*
trelax [S]

Fig. 3 Stress relaxation behavior of the PS130K/PS12K blend after a
step uniaxial extension of A =1.8. Gepg is the engineering stress defined
by the tensile force and the initial cross-sectional area of the sample.
The arrows indicate the relaxation states (i.e., frelix = 100, 300, 1000, and
3000 s or equivalently 11, 33, 110, and 330 7j2k) that are examined by
small-angle neutron scattering.

Immediately after the step deformation (1. = 0), the SANS
spectrum displays an ellipsoidal pattern, suggesting that the co-
herent scattering is dominated by the intramolecular correlations
of the stretched chain [spectrum I of Fig. 2(e)]. Nevertheless,
some weak degree of demixing may have occurred during the
step extension, as the duration of the deformation is longer than
the relaxation time of the short chain. Quantitative analysis with
the spherical harmonic expansion technique seems to confirm this
conclusion [Fig. 2(f)], as the experimental structural anisotropy
1)(Q) is still smaller than the RPA prediction. With the progres-
sion of stress relaxation, the short chains continue to migrate in
the direction perpendicular to stretching, due to the viscoelastic
asymmetry between long and short chains. Consequently, butter-
fly patterns start to develop. This process is clearly captured by
the spherical harmonic expansion analysis — demixing leads to
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a change of sign in Ig (Q) and an enhancement of the isotropic,
zero-angle scattering intensity. 72

The stress relaxation experiment is a powerful demonstra-
tion of the nature of deformation-induced demixing — it is not
caused by convection itself, but the viscoelastic asymmetry of the
two components, i.e., the coexistence of fast- and slow-relaxing
chains. 987101 Since the underlying physics here is entirely gen-
eral, deformation-induced demixing should be present in many
polymer blends and solutions — a fact that is often underappre-
ciated in rheological measurements at large deformations. In the
next section, we will explore the consequence of deformation-
induced demixing and explain its important role in the lost of
universality in extensional rheology of entangled polymers.

In passing, we note that a previous SANS investigation of PS
blends during stress relaxation did not reveal any butterfly pat-
terns. 193 A closer look at their experimental conditions indicates,
however, that the SANS spectra were taken up to only two times
of the relaxation time of the short chain, which would be insuffi-
cient for full development of deformation-induced demixing. In
other words, there is no contradiction between the current and
previous reports.

3.3 Consequence of demixing: change of local friction

Now we ask the most important question: what is the conse-
quence of deformation-induced demixing and how is it related
to the lack of universality in extensional rheology of polymers?
We observe that in many polymer blends and solutions, the short
chains or solvent molecules have a much lower glass transition
temperature than the long chains. As the long chain and solvent
demix under deformation, the effective glass transition tempera-
ture of the long chain, which controls the rheological response,
should start to increase. In other words, deformation-induced
demixing leads to an increase of the local friction of the long chain
in such blends or solutions. This picture offers an important clue
for understanding the sharp contrast between polymer melts and
solutions in steady extensional flow, where melts display thin-
ning behavior and solutions exhibit hardening behavior.2* Since
the “standard” tube model predicts hardening behavior of steady-
state extensional viscosity of entangled polymers when the Rouse
Weissenberg number is greater than unity,3* which is in appar-
ent, qualitative agreement with the experimental data on poly-
mer solutions but at odds with the data on polymer melts, the
recent research attention has been focused on searching for a fric-
tion reduction mechanism in polymer melts to explain its exten-
sional thinning behavior. We argue that the effect of deformation-
induced demixing is also of great importance in understand-
ing the differences in the rheological behaviors among polymer
blends, solutions, and melts, where the presence of viscoelastic
asymmetry is almost ubiquitous in the former two, 69:104,105

To further test the proposed picture, we now take a closer
look at the rheological behavior of deformed polymer blends.
In the present analysis, we will highlight two noteworthy con-
sequences of deformation-induced demixing. One concerns the
effect of short-chain molecular weight on the rheological behav-
ior of polymer blends, and the other relates to the failure of time-



temperature superposition (TTS) in the large-deformation limit.
Both of them derive from the change of local friction associated
with demixing.

Fig. 4 Normalized engineering stress Geng /Gn as a function of the stretch-
ing ratio A. (a) Comparison of PS790K/PS4K and PS790K/PS23K at
the same Weissenberg number (Wi). (b) Temperature dependence of
stress-strain behavior of PS790K/PS4K at the same Wi. (c) Tempera-
ture dependence of stress-strain behavior of PS790K/PaMS11K at the
same Wi.

3.3.1 Molecular weight effect

An important consequence of the demixing-induced change of lo-
cal friction is that it offers a natural explanation, at least partially,
to the observed molecular weight effect in extensional rheology
of entangled polymers.26 It was observed previously that poly-
mer solutions (blends) with lower molecular weight macromolec-
ular “solvent” produces a higher degree of strain hardening in
steady extensional flow.20 Since the glass transition temperature
of polystyrene is strongly dependent on the molecular weight be-
low ca. 30 kg/mol, the lower molecular weight solvent should pro-
duce a larger increase of the effective 7, for the long chain upon
demixing. At the same Weissenberg/Rouse Weissenberg number
as determined from the equilibrium state, the effective rate would
be much higher for the solution with short chains of lower molec-
ular weight.

The above explanation is not only consistent with the
steady-state data in the literature2® but is also supported by

the transient stress-strain data from the current investigation.
Fig. 4(a) compares the stress-strain behavior of PS790K/PS4K
and PS790K/PS23K at Weissenberg numbers (Wi = €7) of 63 and
1000 at 140°C. Here, the Weissenberg number is computed us-
ing the terminal relaxation time of the long chain (blend) in the
equilibrium, mixed state. The DSC measurements (Table. 1) in-
dicate that the d-PS4K has a glass transition temperature around
80°C, whereas the d-PS23K has a 7, around 100°C, which is fairly
close to that of the h-PS790K (104°C). Therefore, deformation-
induced demixing should have a much larger impact on the ef-
fective T, of PS790K in PS790K/PS4K than in PS790K/PS23K.
In accordance with our expectation, the PS790K/PS4K exhibits
higher stress than the PS790K/PS23K at large strains. Therefore,
a proper understanding of such phenomena should require the
consideration of the change of local effective glass transition tem-
perature due to demixing, besides the potential influence of ne-
matic interactions, 26:106-109

3.3.2 Temperature effect

Another crucial consequence of the demixing-induced change of
local friction concerns the breakdown of time-temperature super-
position in nonlinear extensional deformation of polymer blends
and solutions.33 The failure of TTS in miscible polymer blends
with large dynamic asymmetry in the equilibrium state is a well-
known phenomenon, 110 although it does not occur in every sys-
tem. In fact, TTS typically works reasonable well for slow lin-
ear viscoelastic responses of polymer blends and solutions, }11-112
where the characteristic terminal relaxation times of long and
short chains are widely separated. This is also the case for the
linear dynamic mechanical spectra of the present polymer blends,
as determined by the small-amplitude oscillatory shear measure-
ments (Fig. 1 and Fig. 6). However, the time-temperature su-
perposition principle can break down in polymer blends at large
deformation. 33

An example of such a breakdown is illustrated in Fig. 4(b).
As described in the Materials and Methods section, constant
Hencky-strain-rate extension experiments were carried out on the
PS790K/PS4K blend up to a stretching ratio of at least A = 20.
Fig. 4(b) compares the stress-strain curves produced with the
same Weissenberg number Wi = 31 at 120°C, 130°C, 140°C, and
150°C. The linear and quasi-linear responses at relatively small
strains are essentially identical at different temperatures, which
is in agreement with the time-temperature superposition princi-
ple. However, clear differences are observed at large strains, with
the stress level increases with the decrease of temperature — this
is an apparent violation of the TTS principle. Similar trends have
been found for both PS790K/PS4K and PS790K/PS23K at other
Weissenberg numbers.

This seemingly perplexing phenomenon can be qualitatively
understood in terms of demixing-induced change of local fric-
tion. In the current case of mixtures of high-7, long chains and
low-T; short chains, the stress response is dominated by the long
chains, which acquire a higher effective glass transition tempera-
ture f‘;f]f upon deformation-induced demixing. Here, the hat sym-
bol denotes properties associated with the demixed states. Fig. 5
schematically illustrates the temperature dependence of the local
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Fig. 5 lllustration of the change of local friction { for the long chain
in deformed polymer blends. Solid line: original blend in the equilib-
rium state. The dashed line depicts the long chain friction éL in the
nonequilibrium state, where demixing leads to an increase of effective
glass transition temperature T:E for the long chain (T;g > T:E) The
dash-dotted line represents the opposite case, where the effective glass
transition temperature decreases upon demixing (T;f]f < T:fo) Here, T:if
and Tgeg are the effective glass transition temperatures of the long chain
in equilibrium and demixed states, respectively. The horizontal solid lines
help to visualize the change of ratio of friction coefficients at 7} and T,
in different states.

friction of the long chain in both the equilibrium (& (7), solid
line) and demixed states (éL(T), dashed line). It is easy to see
that for two temperatures 77 and 7> (7] < T3), the following rela-
tion should be true for the local frictions in the equilibrium and
nonequilibrium states:

&u(n) - a(n)

2D G ©

In other words, the friction of the long chain in the demixed state
should be more sensitive to the change of temperature, because of
its elevated effective glass transition temperature. For extension
experiments at the same Weissenberg number at 7; and 7», the
applied strain rates are selected according to the friction coeffi-
cients at the equilibrium state: { (71)&(7}) = {L(T2)é(73). There-
fore, following the inequality in Eq. (9), the effective rate in the
demixed state at the low temperature 77 must be higher than that
at the high temperature Ty: & (T})&(T}) > & (T3)é(T3). This ex-
plains the observed failure of TTS — it is simply a result of change
of local friction associated with deformation-induced demixing.
To provide further support to the preceding argument, we
turn to the PS790K/PaMS11K blend. In this system, the short
PaMS11K chain has a higher 7; than the long PS790K chain,
while the terminal relaxation times of the short and long chains
remain widely separated in the blend (Figs. 6 and 7). Therefore,
the viscoelastic asymmetry should still drive demixing under de-
formation, but the long chain should experience a decrease in ef-
fective T, and thus a reduction of local friction in the nonequilib-
rium state — exactly the opposite case of the PS/PS blend. For ex-
tension experiments at the same Weissenberg number at 7} and 75
(T; < T»), the effective rate now should be lower at the low tem-
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perature Tj: & (T)&(Ty) < &.(T»)&(T>) (Fig. 5). Such a prediction
is indeed verified experimentally in the PS790K/PaMS11K blend,
as shown by Fig. 4(c).

We note that our argument about the dependence of temper-
ature sensitive of {; on T, [e.g. Eq. (9)] can be placed on a
firm mathematical basis with the aid of the Williams-Landel-Ferry
(WLF) equation,“ by assuming that the change of local composi-
tion alters the reference temperature but not the coefficients C;
and C,. This is in fact a common assumption in the context of the
concentration fluctuation effect on segmental dynamics in misci-
ble polymer blends. 8>113

3.4 Ubiquity of demixing: a literature survey

Lastly, it is important to recognize that deformation-induced
demixing is present in many polymer blends and solu-
tions of practical For example, the
discussions of nonuniversal extensional rheology of poly-
mers polystyrene/oligostyrene blends, 26:27:29:30  poly(methyl
methacrylate)/oligo(methyl methacrylate) blends,3%!14, and
polymer solutions with marginal solvent quality, includ-
ing PS/diethyl phthalate (DEP),21:22.28 pS/dibutyl phthalate
(DBP), 21,22,27 PS/dioctyl phthalate (DOP), 2! PS/tricresyl phos-
phate (TCP),%3 and polyisoprene/squalene.?® The majority of
these systems have been shown to go through demixing (con-
centration fluctuations) under either extensional 6%-6572 or shear
deformation. 3:56:59:61,62,115,116 1 particular, light-scattering ex-
periments have revealed deformation-induced demixing of the
PS/DOP solutions in both shear and extensional flows,60-115
Additionally, what the polystyrene/oligostyrene blends and the
aforementioned polymer solutions have in common is that the sol-
vent has a lower glass transition temperature than the long-chain
solute. Deformation-induced demixing is thus expected to elevate
the 7, of the long chain, giving rise to enhanced local friction.
Conceptually, the coupling between stress and diffusion 69:100.117
exists, regardless of the mode of deformation. 69:99:101,102,118 Ag
a result, deformation-induced demixing should be prevalent in
multicomponent polymeric systems, including polymer blends
and solutions.

interests. recent

4 Summary

In summary, small-angle neutron scattering experiments demon-
strate that deformation-induced demixing occurs in polystyrene-
oligostyrene blends both during continuous stretching and after a
step extension. Such a process is driven by the coupling between
stress and diffusion, and takes place on time scales longer than
the characteristic relaxation time of the short chain. Demixing
changes the effective glass transition temperature and thereby the
local friction of the long chain. Two consequences associated with
the friction change are discussed, namely, the molecular weight
effect and temperature effect. A survey of the literature further
suggests that deformation-induced demixing should be present
in the majority of the polymer blends and solutions recently in-
vestigated by extensional rheology. These findings call attention
to the influence of deformation-induced demixing on polymer
segmental friction, and offer important clues for understanding



the nonuniversal behavior of polymers in extensional flow. It is
worth noting that the present study by no means suggests that
deformation-induced demixing is the only mechanism for chang-
ing segmental friction. Indeed, an apparent reduction of segmen-
tal friction has been observed by Matsumiya et al. in unentangled
polymer melts, 3! where demixing is evidently absent. More stud-
ies are clearly desired to fully resolve the variation of local friction
of polymers in the nonlinear rheological regime.

The presence of deformation-induced demixing poses signifi-
cant theoretical challenges for rheology of polymeric mixtures.
For example, the spatial distribution of local friction and entan-
glement density in systems undergoing demixing is still an open
question. The existing hydrodynamic theories98-102
lated on the continuum level, and do not have any “feedback”
mechanism to incorporate the effect of concentration fluctuations
on segmental friction or entanglement density. Moreover, when
clear phase boundaries are formed, the influence of surface ten-
sion 119120 on the rheological response may also be considered.

Finally, we point out that the influence of concentration fluctu-
ations on the segmental dynamics of miscible polymer blends in
the equilibrium state has been well recognized and widely dis-
cussed in the literature. 1'3-121-124 In this context, the present
work can be regarded as a conceptual extension of such an effect
to the nonequilibrium state, where the coupling between stress
and diffusion drives large concentration fluctuations (demixing)
in polymer blends and solutions with viscoelastic asymmetry. The
large deformation-induced concentration fluctuations have pro-
found influences on the polymer segmental friction, and pose a
tremendous challenge to the theoretical modeling of multicom-
ponent polymeric materials.
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Appendices

Appendix A: Linear viscoelasticity

This session provides additional information about the linear
viscoelastic properties of the polymer blends as well as the
neat short-chain “solvents”. As stated in the main text, small-
amplitude oscillatory shear measurements were employed to
evaluate the dynamic mechanical spectra of these samples, and
the resulting master curves are shown in Fig. 6. In all cases, in-
cluding the PS790K/PaMS11K blend, the time-temperature su-
perposition principle works reasonably well, which is consistent
with the miscible nature of these blends. It is also apparent
from the linear viscoelastic spectra that in the PS/PS blends

the short chains have lower glass transition temperatures than
the blends, whereas the opposite scenario is encountered in the
PS790K/PaoMS11K blend.

(a) (b)

Fig. 6 Linear viscoelastic spectra of PST90K/PS4K and PS790K/PS23K
PS blends, as well as the corresponding polystyrene “solvents” PS4K and
PS23K. (a) Storage (G') and loss (G”) moduli of the PS790K/PS4K
blend and PS4K. Circles: PS790K/PS4K. Diamonds: PS4K. The mas-
ter curves are constructed by the time-temperature superposition prin-
ciple at the reference temperature T,s = 130°C. (b) Data for the
PS790K/PS23K blend and the neat PS23K at T = 130°C. (c) Data for
the PS130K/PS12K blend and the neat PS12K at T = 120°C. (d) Data
for the PS790K/PaMS11K blend and the neat PaMS11K at T;er = 200°C.

Appendix B: Component dynamics in equilibrium
Analysis of the nonlinear rheological behavior of binary poly-
mer blends requires an estimation of the characteristic relaxation
times of both components in equilibrium. The terminal relaxation
time of the long chain in the blends can be conveniently calcu-
lated from the low-frequency crossover (@.) of the storage and
loss moduli in the linear viscoelastic spectra as 7 = 1/@,. How-
ever, the determination of the short-chain relaxation time is often
not straightforward, due to the lack of clear viscoelastic signa-
tures of short chain motions. To gain insights into the component
dynamics of the polymer blends, the Lodge-McLeish model®* is
employed.

The key concept in this model is the self-concentration ¢y,
which describes the deviation of the local environment of a seg-
ment in a miscible polymer blend as a result of chain connectivity.
The self-concentration can be estimated as 84

Cootniy mg

Pself = kpoNaALZ ~ CZkIBpoNy’

(B.1)

where myg is the molecular weight of the repeating unit, p, is
the polymer mass density, No is the Avogadro constant, k is
the number of bonds per repeating unit, C. is the characteris-
tic ratio, [ is the bond length, and Ix = C.! is the Kuhn segment
length. As stated in the main text, the following glassy state den-
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Fig. 7 (a)-(c): Composition dependence of the blend glass transition
temperature T, and the effective component glass transition temperature
T which are calculated according to the Fox equation and the Lodge-
McLeish model, respectively. Solid lines: 7, of the blend. Dashed lines:
T‘geff of the long chain. Dash-dotted lines: Tgeff of the short chain. The
crosses indicate the glass transition temperatures at the experimental
compositions. (d)-(f): Temperature dependence of relaxation time. Cir-
cles: terminal relaxation time of the neat short chain melt. Dash-dotted
lines: terminal relaxation time of the short chain in the blend. Squares:
terminal relaxation time of the blend (long chain).

sities (pp) are used in our calculations: 1.05 g/cm? for h-PS,74
1.065 g/cm? for h-PaMS,”4 and 1.12 g/cm? for d-PS.7> The bond
length is 1.54 A. The characteristic ratio is set to C., = 9.5 for
PS8 and C.. = 10.5 for PaMS. 12> These parameters yield self-
concentrations of ¢ = 0.25 for PS and 0.23 for PaMS.

For a miscible polymer blend consisting of two components A
and B, the effective, “local” volume fraction of a segment is given
by

Deit, A = Peif, A + (1 — Pelr, A ) Pa
(B.2)

Gett B = PselfB + (1 — Pseir,B) 9B
where ¢, and ¢p respectively are the macroscopic volume frac-
tions of A and B, with @5 + ¢ = 1.
Using the Fox equation, 84126127 the effective glass transition
temperature Tgff for each component can be calculated as

I eira(9a) N 1 — et A (OA)

T (0n)  Ten T

)

(B.3)
detr,B(9B)

I
Ty B

1 1-¢c(¢8) .
TSh (08) Tya

where T, o and T, g are the glass transition temperatures of the
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neat polymers A and B, respectively, and ¢.r o and ¢ g are de-
scribed by Eq. (B.2). Figs. 7(a)-(c) show the dependence of the
blend glass transition temperature 7, and the effective component
glass transition temperature T;ff on the nominal volume fraction
of the long chain (PS790K). By design, the effective glass transi-
tion temperature of the short chain is higher than that of the long
chain in the PS790K/PaMS11K blend, whereas the situation is
reversed in the other two blends.

To estimate the terminal relaxation time of the short, unentan-
gled chain in the blend, we follow the approach of Pathak et al.,8°
and make the assumption that the terminal relaxation time 7 is
determined by the effective glass transition temperature Tgeff and
can be described by the Williams-Landel-Ferry (WLF) equation: 4

_ _ peff
o | 2)] G T )

T | T-TEM(¢)+C (B4)

where the parameters 7y, Cy, and C, are independent of the com-
position, and can be obtained from viscoelastic measurements of
the neat polymer. The results of the calculations are shown in
Figs. 7(d)-(f). Alternatively, the terminal relaxation times of the
short chains can also be estimated by superimposing the tran-
sition region* of the short-chain sample with that of the corre-
sponding blend. Our calculations show that while this method
yields different values for the short-chain relaxation times, the
conclusions of the current study are not affected — these esti-
mates are only used to establish the relative time scale of long-
chain deformation or relaxation with respect to the short-chain
dynamics.
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