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A B S T R A C T

Solid-state batteries featuring fast ion-conducting solid electrolytes are promising next-generation energy storage 
technologies, yet challenges remain for practical deployment due to electro-chemo-mechanical instabilities at 
solid-solid interfaces. These interfaces, which include homogeneous/internal interfaces such as grain boundaries 
(GBs) and heterogeneous/external interfaces between solid-electrolyte and electrode materials, can impede Li- 
ion transport, deteriorate performance, and eventually lead to cell failure. Here we leverage large-scale mo-
lecular simulations, enabled by validated machine-learning interatomic potentials, to directly probe the onset of 
interfacial degradation at the garnet Li7La3Zr2O12 (LLZO) solid-electrolyte/LiCoO2 (LCO) cathode interface. By 
surveying different interfacial geometries and compositions, it is found that Li-deficient interfaces can lead to 
severe interfacial disordering with cation mixing and Co interdiffusion from LCO into LLZO. By contrast, Li- 
sufficient interfaces are less disordered, although elemental segregation with local ordering is observed. As a 
consequence of Co interdiffusion, Co-rich regions are formed at the GBs of LLZO due to cation segregation and 
trapping effects. This behavior is independent of the GB tilting axis, degree of disorder at the GBs, and Co 
concentration, which implies Co clustering at GBs is a general phenomenon in polycrystalline LLZO and can 
dictate its overall transport and mechanical properties. Our findings elucidate the underlying fundamental 
mechanisms that give rise to experimentally observed physicochemical properties and provide guidelines for 
interface design that can mitigate interfacial degradation and improve cycling performance.

1. Introduction

As a promising future energy storage solution, solid-state battery 
(SSB) technologies with less flammable and non-volatile solid electro-
lytes (SEs) have attracted great attention in recent decades for their 
potential to achieve higher energy densities and improved safety 
compared to conventional Li-ion batteries [1-6]. One promising SE 
material is the garnet-type oxide Li7La3Zr2O12 (LLZO), which exhibits a 
relatively high ionic conductivity (10–3 – 10–4 S/cm), a wide electro-
chemical window, and a good stability with Li metal [7-10]. Neverthe-
less, challenges remain to employ LLZO SE in practical SSBs due to 
undesired side reactions occurring at both homogenous/internal in-
terfaces (i.e., grain boundaries; GBs) and heterogenous/external in-
terfaces with electrodes.

Internally, Li dendrite growth along GBs can result in short circuiting 

[11], and GB segregation of dopants can lead to the formation of highly 
resistant secondary phases [12-14]. Externally, overall cell performance 
can be dictated by electro-chemo-mechanical instabilities at interfaces 
between LLZO and cathode active materials, e.g., LiCoO2 (LCO) and 
LiNixMnyCo1-x-yO2 (NMC). For example, the volume variation experi-
enced by the cathode particles during cycling can lead to mechanical 
failure and capacity fade due to contact loss at the interfaces from 
delamination and/or cracking, [15-19]. In addition, although less severe 
than sulfide-based SEs, LLZO is not (electro)chemically stable against 
common cathode materials [20,21] especially during high-temperature 
co-sintering. For example, La-M-O secondary phases, where M refers to 
one or more transition metals, have been identified at LLZO|cathode 
interfaces due to initial interfacial degradation during preparation [22,
23]. The transition metals, such as Co from LCO, can interdiffuse into the 
SE, leading to the formation of secondary phases within bulk SE with 
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high ionic resistance [24,25]. To better address these interfacial issues 
and establish mitigation strategies, it is imperative to obtain a funda-
mental, atomic-level understanding of the key physicochemical phe-
nomena at LLZO|cathode interfaces. However, directly probing these 
dynamically evolving interfaces and thus resolving the underlying 
atomic features that lead to initial degradation remains very challenging 
[26]. Experimentally, extraordinary spatial and temporal resolution is 
required, whereas computationally, simulations must span the extended 
time and length scales associated with the interfacial degradation 
process.

Recently, machine-learning (ML) interatomic potentials have 
emerged as a promising avenue to perform large-scale atomic simula-
tions with quantum-level accuracy by training ML models with ab-initio 
simulation data [27]. They have been successfully applied to study GBs 
of various systems [28-32], as well as interfacial interactions of mole-
cules[33-39] and nanoparticles[40,41] on solid surfaces [42,43]. In 
addition, a few studies have applied ML potentials to examine phe-
nomena at solid-solid interfaces, such as disordering and nucleation of 
NiSi at a Ni-Si interface [44], Li transport at ordered interfaces between 
Li metal and decomposed Li6PS5Cl SE phases including Li2S, Li3P, and 
LiCl [45], and formation of polysulfides and S clusters at the S8/Li3PS4 
interfaces in Li-S batteries [46]. These and other recent advancements in 
developing and applying ML models encourage their use as powerful 
tools to also understand interfacial degradation in energy storage de-
vices [47-50].

In this work, we developed an ML interatomic potential to directly 
explore non-equilibrium evolution and degradation at complex in-
terfaces between LLZO SEs and LCO cathodes at the atomistic scale. The 
developed ML model can accurately predict the structural, vibrational, 
and dynamical properties of disordered LLZO|LCO interfaces (as well as 
bulk phases of LLZO and LCO) with quantum-level accuracy. Our sim-
ulations survey various distinct LLZO|LCO interfaces to reveal that Li 
concentration at the interface is a key factor that governs interfacial 
stability and cation reordering. We further observe that disordering and 
cation mixing at interfaces can lead to long-range interdiffusion of Co 
ions from LCO into LLZO, although this does not significantly affect Li 
transport in bulk crystalline LLZO. However, the interdiffused Co tends 
to segregate at disordered GBs of LLZO, forming Co clusters that can lead 
to prenucleation of Co-rich secondary phases at LLZO GBs. Our insights 
into the structure-property relationships associated with chemical 
degradation and ion transport at complex oxide interfaces allude to 
possible interface designs that can minimize interfacial degradation and 
improve the cycling performance of SSBs.

2. Methods

The ML interatomic potential was developed based on the neural 
network (NN) approach implemented in the n2p2 code [51,52]. The NN 
model comprised two hidden layers each with 20 neurons, and the local 
atomic environment of input features was described using the radial and 
angular symmetry functions suggested by Behler and Parrinello with a 6 
Å cutoff radius [32,53]. The training data, consisting of atomic struc-
tures with their corresponding energies and forces, was collected from 
ab-initio molecular dynamics (AIMD) simulations performed at a wide 
range of temperatures and compositions. (See “Machine-learning 
Model” and “Ab-initio Simulations and Structure Data” sections in the 
Supporting Information (SI) for details of the ML model and data 
structure.)

The dataset contained a total of 12,651 structures of LLZO, LCO, 
LLZO|LCO mixtures, and Co-doped amorphous LLZO. These data 
represent individual materials as well as disordered local atomic envi-
ronment at interfaces. The LLZO and LCO data included crystalline and 
amorphous structures generated from AIMD at 1000 – 2000 K and 4000 
K, respectively. The LLZO|LCO mixture models with five different 
compositions (Table S1) are proxies for local atomic environments at 
interfaces with a wide range of Li concentrations (i.e., Li deficient/ 

sufficient conditions) and stoichiometric variations of other cations. The 
Co-doped LLZO data were obtained by replacing Li, La, or Zr with Co in 
an amorphous LLZO unit cell at six different doping concentrations, 
which was intended to capture the possible dynamical evolution of Co 
atoms in LLZO from diffusion or segregation. (See Table S2 for a listing 
of the number of structures for each data type.) This approach to 
generate training data for disordered/reactive solid-solid interfaces can 
be generalized since it enables to include necessary information of 
diverse local compositions and atomic configurations at interfaces, as 
emphasized in literature regarding the needs of data at interface regions 
[42].

Randomly selected from the entire dataset, ten percent was used for 
testing (i.e., test dataset) and not involved in weight updates during 
training. The training root mean squared errors (RMSEs) of our devel-
oped ML model are 7.54 meV/atom and 0.348 eV/Å for energies and 
forces, respectively. To test the performance, we further performed 
molecular dynamics simulations using the ML model (MLMD) within the 
nvt ensemble at 2000 K for 100 ps for all atomic systems included in the 
dataset (details of MLMD simulations are provided in the “Simulation 
Methods with ML potential” section in the SI). Figure S1 compares the 
total energies and atomic forces predicted from the ML model and 
computed from DFT for atomic structures collected at every 1 ps (i.e., 
snapshots) from MLMD, demonstrating successful reproduction of DFT 
results from the developed ML model.

Table 1 summarizes the RMSEs of energies and forces, and their R2 

values are shown in Figure S1 (R2 measures the similarity between 
prediction and observation [54]; see ref. [32] for the evaluation 
method). The R2 values for each system were > 0.89 and > 0.96 for 
energies and forces, respectively, further confirming that our ML model 
can predict energy and force values close to those of DFT. The RMSEs of 
forces are < 0.3 eV/Å for all systems, and the RMSEs of energies range 
from 4.3 to 28.6 meV/atom. The RMSEs are low considering extreme 
complexity of reactive interfaces of interest in this study with two solid 
materials having three or more elements in each material and random 
mixing between these materials with five elements in total at high 
temperatures up to 2000 K; indeed, the RMSEs are similar to those from 
a ML model reported for F-Pd|CeO2 (23 meV/atom and 0.23 eV/Å) and 
F-Pd|SiO2 (12 meV/arom and 0.33 eV/Å) interfaces with four elements 
at 800 K [55], implying a superior performance of our ML potential.

Table 1 
Energy (meV/atom) and force (eV/Å) errors of snapshots from MLMD simula-
tions at 2000 K versus DFT. “Unseen” indicates that the ML model did not learn 
the systems. For Co-doped LLZO, nCox=Li, La, or Zr indicates species x replaced by 
n Co atom(s) in a unit cell. Values in parenthesis are R2 (see Figures S1, S5, and 
S10 for detailed data).

System type Energy Force

LLZO Cubic 4.3 (0.99) 0.14 (0.99)
Amorphous 11.0 (0.97) 0.19 (0.98)

LCO Layered 8.0 (0.99) 0.19 (0.99)
LLZO-LCO mixtures Model #1 21.9 (0.93) 0.26 (0.96)

Model #2 22.4 (0.90) 0.28 (0.96)
Model #3 24.9 (0.91) 0.27 (0.96)
Model #4 28.6 (0.96) 0.28 (0.96)
Model #5 23.9 (0.93) 0.29 (0.96)

Co-doped amorphous LLZO 6CoLi 27.6 (0.89) 0.28 (0.96)
6CoLa 15.6 (0.96) 0.22 (0.97)
6CoZr 20.3 (0.95) 0.24 (0.97)

LLZO-LCO mixtures (unseen) Model #1 15.8 (0.93) 0.27 (0.96)
Model #2 20.9 (0.92) 0.26 (0.96)
Model #3 26.2 (0.95) 0.26 (0.96)
Model #4 25.8 (0.94) 0.27 (0.96)
Model #5 22.6 (0.96) 0.28 (0.96)

LLZO-LCO interfaces LLZO(001)/LCO 
(104)

17.9 (0.97) 0.26 (0.97)

LLZO(001)/LCO 
(100)

15.5 (0.99) 0.27 (0.96)

LLZO(001)/LCO 
(110)

15.6 (0.96) 0.27 (0.96)
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The RMSEs in energies mostly arise from a constant shift of the ML- 
predicted energies compared to DFT (Figure S1). The consistent shift is 
likely due to the bias term for the output node in the NN models, which is 
optimized to minimize the energy errors for training data and does not 
affect the force prediction since the bias term is independent of NN in-
puts. The shift would be larger for ML models with higher complexity 
covering various compositions and materials, e.g., disordered interfaces 
in this study. Thus, the shift does not affect the ability of the ML model to 
perform high-fidelity dynamic simulations since the NN model remains 
aware of the DFT energy-structure relation with accurate force pre-
dictions, as shown by the high R2 values. Note that our ML model did not 
learn and do not predict electron information, though it would capture 
oxidation states of Co implicitly since different oxidation states lead to 
different local atomic environment.

Next, we compared the predicted radial distribution functions 
(RDFs), vibrational spectra, and Li diffusivities of the atomic systems in 
the training dataset to those obtained from AIMD at 2000 K (see 
“Analysis Methods” section in the SI for details of property calculations). 
Figure S2 shows that the ML model predicts accurate RDFs, with peak 
and valley positions similar to those obtained from AIMD. The ML- 
calculated elemental-decomposed vibrational spectra and mean- 
squared displacements (MSDs) of Li atoms in all systems are also close 
to those derived from AIMD (Figures S3 and S4). Moreover, we tested 
five additional LLZO|LCO mixtures with various stoichiometries 
(Table S3) that the ML model had not learned, i.e. “unseen” systems. The 
energy and force errors show R2 values > 0.92 and > 0.96, respectively 
(Table 1 and Figure S5). Fig. 1 demonstrates accurate ML model pre-
dictions of the RDFs, elemental vibrational spectra, and Li MSDs of 
unseen mixture model #1 (see Figures S5–8 for validation results of 
other unseen mixture models). We quantified the errors in RDFs, 
vibrational spectra, and MSDs by using the positions of the first peaks in 
RDFs, the positions in the highest peaks in vibrational spectra, and the 
diffusivities compared to AIMD simulations, as shown in Figures S2-S4 
and Figures S6-S8. Throughout all test cases, the RMSE is 0.054 Å for 
RDFs and 16.4 cm-1 for vibration spectra, respectively, and the average 
error in diffusivities is 16.9 %, implying a superior performance of our 
ML model. These results signify that our developed ML model can 
accurately simulate the structural and dynamic behavior of atomic 
species at LLZO|LCO interfaces with distinct local atomic environments.

It is noteworthy to mention that the developed ML model can 
perform simulations for tetragonal LLZO even tetragonal structure data 
were not included in the dataset. The RMSEs in energies and forces for 
tetragonal LLZO structures obtained from MLMD with npt ensemble at 
700 K are very low, only 5.2 meV/atom and 0.09 eV/Å with 0.99 R2 

values for both energy and force (Figure S9a). Also, the predicted 
tetragonal-cubic transition temperature by MLFF is between 850 – 900 K 

(Figure S9b), very close to an experimental measurement of 918 K [56]. 
It seems to be enabled by including amorphous LLZO structure data that 
provides diverse atomic environments covering structural characteris-
tics in tetragonal LLZO. The results indicate the ability of our ML po-
tential for simulations including the phase transition that may occur at 
the interfaces between LLZO and LCO [25].

For further verification, we performed MLMD simulations for three 
LLZO|LCO interfaces between the cubic LLZO (001) plane and nonpolar 
LCO (104), (100), and (110) planes [57] for 1 ns at 2000 K (system sizes 
were 744, 432, and 480 atoms, respectively). Idealized interfaces were 
initially prepared without atomic disordering. The force RMSEs for MD 
snapshots obtained every 10 ps were smaller than 0.27 eV/Å, with R2 

values larger than 0.96. The energy errors were also small, with R2 

values > 0.96 (Table 1 and Figure S10). Again, the energies calculated 
by DFT and the ML model are linearly correlated, implying that the ML 
model is able to capture the underlying structure-energy relation. More 
importantly, the errors remain considerably small even at amorphized 
or partially decomposed LLZO|LCO interfaces (Figure S11), implying 
that the ML model can perform reliable simulations of interfacial evo-
lution. We note that the ML model predicts interdiffusion of Co, La, and 
Zr cations across the interfaces similarly to AIMD, as illustrated in our 
simulation of the LLZO(001)|LCO(100) interface (Figure S11). In sum-
mary, these test results verify that our ML model can perform atomic 
simulations to study the dynamical evolution of complex LLZO|LCO 
interfaces with quantum-level accuracy.

3. Results and discussion

3.1. Chemical degradation of LLZO|LCO interfaces

To investigate the initial stage of interfacial degradation, we per-
formed MLMD simulations of four distinct LLZO|LCO interfaces: an 
LLZO (001) facet interfacing with three nonpolar LCO (104), (100), and 
(110) surfaces and one polar LCO (003) surface. The system sizes were 
chosen to be large enough to probe the structural evolution of disordered 
interfaces; edge lengths of the simulation cells were at least 51.5 Å with 
> 17,000 atoms, which ensured residual lattice mismatches at the in-
terfaces were smaller than 2.5 % (see Figure S12 and Table S4 for details 
of the interface models). Taking advantage of the periodic boundary 
conditions, we simultaneously modeled two chemically distinct in-
terfaces normal to the LLZO|LCO boundaries: Li-deficient interfaces, 
which mimic the Li loss condition in LLZO during high-temperature 
sintering [58]; and Li-sufficient interfaces.

Fig. 2a shows a snapshot of the LLZO(001)|LCO(104) interface after 
10 ns MLMD simulation at 1500 K. The Li-deficient interface undergoes 
significant disordering through intermixing of LLZO and LCO. Co ions 

Fig. 1. Performance test for the unseen LLZO|LCO mixture model #1 by comparing AIMD and MD with the ML potential (MLMD) at 2000 K: (a) radial distribution 
functions (RDFs) of Li-Co and Co-Co pairs (see Figure S6a for other pairs), (b) total and element-resolved vibrational power spectra (see Figure S7a for other ele-
ments), and (c) mean squared displacements of Li atoms (five MLMD simulations). AIMD simulations were performed for 40 ps production time using a single unit 
cell and MLMD were performed for 100 ps using a 2 × 2 × 2 supercell (nvt ensemble).
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slip away from LCO and diffuse into the disordered LLZO, while La and 
Zr ions invade the surface layer of LCO. Fig. 2b quantifies the evolving 
degree of cation intermixing and shows that the concentration of Co ions 
decreases at the LCO surface layer and the distributions of La and Zr ions 
become flat at the interface. Interestingly, we observe long-range 
interdiffusion of Co ions into cubic LLZO, as evidenced by the finite 
Co distribution in the central region of LLZO at the later simulation 
stages. This finding agrees well with previous experiments, in which Co 
penetration into bulk LLZO was observed after high-temperature co- 
sintering of LLZO and LCO [24,25]. Since no La and Zr-related defects 
were found in LLZO, we presume that Co ion diffusion in bulk LLZO 
follows Li migration pathways, similar to the speculation of Din et al. 
that the color change in Co-doped LLZO may be related to Co ions 
residing at tetrahedral sites [25]. Details of the Co migration mechanism 

within bulk cubic LLZO will be discussed in the following subsections.
In contrast, the Li-sufficient interface shows less disordering than the 

Li-deficient interface (Fig. 2a). There is no significant intermixing of Co 
ions at the interface, although strong segregation of Zr and O ions near 
the LCO surface is observed as shown in Fig. 2b. Concurrent motion of Zr 
and O ions is likely favored to maintain charge balance, and as a result, 
Li and Zr cations and O anions are locally ordered alternatingly from the 
LCO surface and form an additional layer with the same configuration to 
the LCO (104) facet. Based on this observation, we speculate that sec-
ondary oxide phases may be formed at the Li-sufficient interfaces due to 
cation segregation, which can effectively block Co interdiffusion. In 
addition, we observe a separation between La and Zr ions that results in 
a La-dominant layer underneath the Li-Zr layer formed right at the 
interface, indicating the initial buildup of a space charge layer.

Fig. 2. (a) LLZO(001)|LCO(104) interface model after a 10 ns MLMD simulation at 1500 K (the initial configuration is shown in Figure S12). Yellow spheres 
represent Co ions, La is green, Zr is magenta, Li is blue, and O is red. Li-sufficient and Li-deficient conditions are represented at the left and right interfaces, 
respectively, which result in different interfacial evolution propensities. (b) Distribution profiles of elements as a function of position normal to interface plane (i.e., c 
direction) at different simulation times.
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Similar to the LLZO(001)|LCO(104) interface, other interfaces with 
LCO (100) and (110) planes also experience strong disordering, cation 
intermixing, and long-range migration of Co ions into LLZO under Li- 
deficient conditions (Figures S13a and S14a). Under Li-sufficient con-
ditions, Zr ions again segregate to the LCO surface, and some of them 
reside at Co sites adjacent to the LCO surface, showing a similar local 
ZrO6 arrangement as in LCO. The concentration of La at the Li-sufficient 
LCO(100) interface does not change, implying a separation between La 
and Zr and the formation of a La-dominant layer similar to the Li- 
sufficient LCO(104) interface (Figure S13b). However, La ions are 
found to segregate to the LCO surface at the Li-sufficient LCO(110) 
interface (Figure S14b). These results indicate various degree of inter-
facial degradation propensities depending on the crystallographic ori-
entations of LCO and its surface chemistry, although the qualitative 
distinctions between the Li-sufficient and Li-deficient interfaces are 
retained.

An interesting exception is the LLZO(001)|LCO(003) interface, 
which shows a different behavior from other interfaces due to special 
configurations of LCO layers parallel to the interfacial plane 
(Figure S15a). At the Li-deficient interface, a stable CoO2 surface layer 
with a complete CoO6 octahedral sub-structure effectively prevents Co 
ions from interdiffusion. Only the LLZO surface undergoes disordering, 
with Li ions segregating towards the LLZO|LCO interfaces, as shown by 
the increased Li concentration in Figure S15b. This reordering seems to 
form an additional layer with the same configuration as the Li-only layer 
of the LCO (001) facet. Under Li-sufficient conditions, Zr-ion segregation 
shows similar behavior at the LLZO(001)|LCO(003) interface as for 
other interfaces. Figure S15b reveals that the Zr concentration increases 
towards the LCO surface while the Li density decreases at the LCO sur-
face with no change in the La profile, indicating the formation of a La- 
dominant layer at the Li-sufficient interface. In general, our results 
suggest that Zr segregation is a common phenomenon at the Li-sufficient 
interfaces.

We note here that during the course of 10 ns of MLMD simulations, 
three Co ions were found to diffuse into LLZO at the Li-deficient LCO 
(003) interface, forming Co vacancies in the CoO2 surface layer 
(Figures S15 and S16). These vacancies were subsequently filled with Li 
ions, likely due to their small sizes. To evaluate the kinetics across LCO 
(003) plane, we calculated the migration barrier of Li ion at Co vacancy 
on the outer-most LCO(003) surface at the interface hopping into a Li 
vacancy in the inner Li layer by the nudged elastic band (NEB) method 
[59] with the MLFF model and an interface snapshot from MLMD after 
10 ns (Fig. 3). We found that the migration barrier is 0.88 eV for lith-
iation and 0.39 eV for delithiation direction (reverse direction) at the 

fully lithiated state, which is higher than the barrier for Li migration 
along the Li layer in bulk LCO (about 0.3 eV) but can decrease at 
partially lithiated states [60]. This observation suggests a novel mech-
anism of Li transport across LCO layers via Co vacancies formed during 
co-sintering at high temperatures with LLZO and implies that LLZO 
(001)|LCO(003) interfaces may not completely block Li intercalation.

In summary, direct observation of the structural and chemical evo-
lution at the LLZO|LCO interfaces at the atomic scale using our ML 
interatomic potential elucidates how the surface chemistry of LLZO and 
LCO affect the stability of the LLZO|LCO interface and its preferred local 
configurations that dictate Li-ion transport behavior. By surveying 
various LLZO|LCO interfaces with different crystallographic orienta-
tions and initial Li concentrations, we can generally infer severe cation 
interdiffusion at Li-deficient interfaces and Zr segregation at Li- 
sufficient interfaces. More specifically, large disordering and cation 
intermixing at the Li-deficient interfaces can lead to long-range inter-
diffusion of Co ions into LLZO. These results highlight the importance of 
preventing Li loss during high-temperature co-sintering of LLZO|LCO 
interfaces to alleviate interfacial degradation.

3.2. Ion transport in Co-doped cubic LLZO

Our MLMD simulations reveal interdiffusion of Co ions across the 
LLZO|LCO interfaces during initial interfacial degradation, followed by 
long-range diffusion of Co ions into bulk LLZO. However, the perfor-
mance implications of these processes are determined by their subse-
quent impacts on Li-ion transport kinetics. To understand the transport 
characteristics of Li and Co ions in bulk LLZO, we performed MLMD 
simulations for Co-doped cubic LLZO by replacing three Li ions with one 
Co ion assuming the Co3+ oxidation state, i.e. Li7–3xCoxLa3Zr2O12, up to 
x = 0.5 with increments of 0.125. Although we did not specifically 
observe Co ions residing at Zr and La sites in cubic LLZO from the 
interface simulations within 10 ns, we presume that such defects could 
be formed at longer time scales and affect Li transport. Co ions at Zr and 
La sites in cubic LLZO were also considered by replacing one Zr and La 
ion with one Co ion assuming Co4+ and Co3+ states (i.e., Li7Cox-
La3Zr2-xO12 and Li7CoxLa3-xZr2O12), respectively.

For Co substitution at Li sites, no significant volume change is 
observed (Table S5). The transport characteristics of Li and Co ions in 
cubic LLZO at 1400 K are shown in Fig. 4 at Co content of x = 0.5. 
Similar to our previous report (with x = 0.125) [24], Li and Co ions 
share the same migration pathways, as evidenced by the Li and Co po-
sitional probability density plots presented in the left column of Fig. 4. 
The occupancy of Co at the Li sites was also verified by site analysis 

Fig. 3. (a) Hopping path of mobile Li ion (pink) moving from Co vacancy in the outer-most CoO2 layer to a Li vacancy in the inner Li layer following the arrow 
direction at the LLZO(001)|LCO(003) interface, obtained by an NEB calculation by MLFF. (b) Corresponding energy pathway indicating 0.88 eV migration barrier for 
lithiation (arrow direction; NEB images from 0 to 5) and 0.39 eV barrier for delithiation (inversed arrow direction; NEB images from 5 to 0). Note that the curve 
connecting data points is a guide.
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performed using the Zeo++ and Sitator codes [61,62]. As shown in the 
middle column of Fig. 4, Co ions predominantly occupy two distinct sites 
with smaller and larger site volumes, which correspond to the tetrahe-
dral and octahedral Li sites, respectively. The average volumes of the 
tetrahedral and octahedral sites are 1.25 and 7.75 Å3, respectively, 
which are similar to the site volumes in pristine cubic LLZO [63]. This 
verifies our hypothesis from the interface simulations that Co ions pre-
dominantly diffuse into LLZO via Li migration pathways.

Residence time analysis shows that, on average, Li and Co ions 
occupy the tetrahedral sites for 0.27 and 28.33 ps, respectively—about 
five times shorter than the octahedral sites (1.41 and 130.51 ps) at 1400 
K (middle column in Fig. 4). Co ions reside about 100 times longer than 
Li at both sites, leading to a disruption of local Li diffusion channels. 
Nevertheless, the overall effect of Co doping on Li diffusivity appears to 
be comparatively minor. As shown in the right column of Fig. 4b, the 
Arrhenius plots of Li transport reveal accompanying marginal increases 
in the activation energies of Li transport at higher Co doping levels (from 
0.243 to 0.273 eV). This result agrees well with previous experiments 
showing a slight decrease in Li conductivity in Co-incorporated cubic 
LLZO [24]. This is likely due to the low concentration of Co (at most four 
Co ions per LLZO unit-cell at the largest content of x = 0.5 in a unit cell) 
compared to all available Li sites that it can occupy, which prevents 
complete disruption of the overall diffusion network. Moreover, the fact 
that Co ions tend to reside longer at the octahedral than the tetrahedral 
sites may prevent complete blocking of Li migration pathways due to the 
distinct connectivity motifs associated with the two types of sites: an 
octahedral site connects only two tetrahedral sites, whereas a tetrahe-
dral site links four octahedral sites.

In addition, we performed NEB calculations with DFT to investigate 
the effect of Co ions on the local energy barriers for Li migration (See 
“Nudged elastic band calculations” sections and Table S7). Migration 

barriers are in a range of 0.15 - 0.49 eV without Co, which becomes 
significantly wider (0 – 2.0 eV) depending on the position of Co ions. It 
implies that Co ions alter local migration barriers spatiotemporally so 
that Li ions are activated selectively. Nevertheless, Co ions and their 
local effects do not considerably affect the “global” activation energy as 
shown from MD simulations as discussed.

From our MLMD simulations, the Co diffusivity is found to be only 
one or two orders of magnitude lower than Li diffusivity at temperatures 
higher than 800 K across a wide range of Co doping levels (right column 
of Fig. 4a). This indicates relatively fast Co diffusion in cubic LLZO at 
these high temperatures after interdiffusion across the interfaces, 
regardless of preexisting Co contents in LLZO. It also explains the wide 
range of Co distribution observed in LLZO after co-sintering of LLZO/ 
LCO composites at high temperatures [24]. Furthermore, the activation 
energy of Co diffusion is found about twice larger than that of Li, which 
leads to about five orders of magnitude lower diffusivity at 300 K by 
extrapolation. Considering at least 11 times lower concentration of Co 
than Li at Co content of x = 0.5, the conductivity of Co ions at 300 K is 
expected to be at least six orders of magnitude lower than that of Li ions 
(<10–10 S/cm assuming 10–4 S/cm for Li). As a result, we do not expect 
significant Co diffusion in LLZO at operating conditions.

With Co ions substituted at the Zr site, the lattice parameter de-
creases linearly with Co concentration up to 0.73 % at the highest 
doping level of x = 0.5 (Table S5). To isolate the effect of cell volume on 
transport properties, we investigated the transport behavior of Li and Co 
ions with and without cell volume change. With no change in cell vol-
ume, Co doping at the Zr site results in a slight decrease in Li diffusivity, 
accompanied by a marginal increase in activation energy from 0.243 to 
0.267 eV (Fig. 5a). Although this quantitative effect is similar to Co 
doping at the Li sites (Fig. 4b), Co dopants at Zr sites by contrast do not 
directly interact with Li. Instead, we hypothesize that it is the local 

Fig. 4. (Left) positional probability density of ions in a 2 × 2 × 2 cubic LLZO supercell showing diffusion pathways with yellow isosurface (red spheres represent O 
ions, and green and magenta polyhedra are LaO8 and ZrO6, respectively). (Middle) histogram for volume of sites where ions resided in LLZO during MD simulations 
with a colormap showing the average residence time at each histogram bin (two distinct volume ranges correspond to tetrahedral and octahedral Li sites in LLZO, 
respectively). (Right) Arrhenius plots for ionic diffusivities for systems with various Co contents (activation energies Ea are also shown with corresponding legend 
colors) for (a) Co and (b) Li ions. Probability densities and histograms were calculated from MLMD simulations for [Li5.5Co0.5]La3Zr2O12 at 1400 K, using 100 ps and 
1 ns trajectories for Li and Co ions, respectively. In the Arrhenius plots, diffusion data is averaged across 10 MLMD simulations, with error bars representing one 
standard deviation (see “Simulation Methods with ML potential” section in Supporting Information for simulation details). Diffusivities of Co ions at temperatures ≥
800 K were used for extrapolation to 300 K.
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structural distortion induced by Co substitution that affects the Li 
diffusion pathway and the associated kinetics. To verify, we quantified 
the degree of CoO6 and ZrO6 distortions by evaluating the continuous 
shape measure (CSM) and compared the values to pristine LLZO. Fig. 5c 
compares the calculated average CSM values of ZrO6 and CoO6 in Co- 
doped LLZO. The results evidence a similar degree of average ZrO6 
distortion in LLZO with and without Co, but the formed CoO6 moieties 
are much more distorted than ZrO6 on average (though with a larger 
variation). This could contribute to the decreased Li diffusivity shown in 
Fig. 5a. At reduced cell volumes with higher Co content, a further 
decrease of Li diffusivity and increase in activation energy are observed 
(shown in Fig. 5b), which is presumably due to the narrower migration 
channels that hinder Li ion transport. Overall, our analyses suggest that 
Co doping at the Zr sites primarily affects Li ion transport kinetics by 
inducing additional local distortions and reducing the migration channel 
size.

We would like to note here that we only observed two Co ions 
escaping from Zr sites to Li sites across a total of 40 MLMD simulations 
(10 cases at each Co doping level) at 1400 K with decreased cell volume. 
This may be explained by the energetics of Co doping in cubic LLZO. In 
particular, the defect formation energy of Co at the Zr site is found to be 
much lower (0.90 eV at 0 K with the Co4+ charge state) compared to that 
at the Li (1.26 and 1.85 eV for Co2+ and Co3+, respectively) and La site 
(> 2 eV) [64], which is probably related to the preferred six-fold coor-
dination environment of Co with O. At higher temperatures, Co escape 
from the Zr sites should therefore be rare but possible; however, Li ions 
should immediately occupy the generated Zr vacancy sites.

In contrast, for Co substituted at the La sites, a number of Co ions 
moved away from the La sites to the Li sites at 1400 K regardless of Co 
doping level, consistent with the high formation energy (over 2 eV) 
predicted at 0K [64]. In fact, when we initially placed Co at the center of 

the LaO8 polyhedron and relaxed the model system (Figure S17a), it 
moved toward the side of the polyhedron, resulting in four-fold coor-
dination with neighboring oxygens (Figure S17b). In addition, no cell 
volume change was observed with Co doped at the La sites (Table S5). 
The positional probability density of Co ions, provided in Figure S17c, 
confirms that the diffusion behavior of Co after escaping from the La 
sites involves migration along Li pathways, as has also been observed for 
Co doping at the Li sites. Note that the high formation energy for Co at 
the La site may be related to the large size mismatch between Co-O and 
La-O polyhedra. For example, the bond length of Co-O, Zr-O, and La-O 
within the CoO6, ZrO6, and LaO8 polyhedra are 1.9, 2.1, and 2.6 Å, 
respectively [65,66].

Fig. 5d presents the Arrhenius plot for Co diffusivity and shows that 
the estimated diffusivities and activation energies of Co are similar to 
those for Co doping at the Li sites in cubic LLZO (Fig. 4a). Compared to 
Co doping at the Li and Zr sites (Figs. 4b and 5a), Co doping at the La site 
shows stronger impact on Li diffusivity as evidenced in Fig. 5e. We also 
find that the CSM values of LaO8 and CoO8 polyhedra in Co-doped LLZO 
are much larger than that of LaO8 in pristine LLZO. In short, we expect 
the combination of Co diffusion via Li sites and local polyhedral dis-
tortions ultimately leads to the decrease in Li diffusivity and increase in 
activation energy at higher Co doping levels at the La sites.

Overall, our results suggest that Co diffusion in cubic LLZO is fast 
enough for long-range transport at high temperatures regardless of local 
Co concentration, enabled by Co sharing well-defined diffusion path-
ways with Li ions. Our conclusion is consistent with previous experi-
mental observations of Co intrusion into the LLZO separator during 
high-temperature rapid sintering [24]. Although Co ions may block Li 
pathways with about 100 times longer residence times at the Li sites 
compared to Li, the overall effect is only a slight decrease in the average 
Li diffusion rate. When Co is doped at the La and Zr sites, it also affects Li 

Fig. 5. (a, b) Arrhenius plots for diffusivities of Li ions in cubic LLZO with various Co doping levels at Zr sites (a) with and (b) without the change in cell volume 
(activation energies Ea are also shown with corresponding legend colors). (c) Histogram of average continuous shape measure (CSM) for the degree of distortion of 
CoO6 and ZrO6 in Li5.5La3Co0.5Zr1.5O12 without a change in cell volume (Co-LLZO), compared to ZrO6 in pure Li7La3Zr2O12 at 300 K (zero CSM represents zero 
distortion). The red error bar shows one CSM standard deviation. (d, e) Arrhenius plots for ionic diffusivities in cubic LLZO with various Co doping levels at La sites 
for (d) Co and (e) Li ions. (f) Histogram of average CSM for the degree of distortion of CoO8 and LaO8 in Li5.5Co0.5La2.5Zr2O12 (Co-LLZO) and LaO8 in Li7La3Zr2O12 
(pure LLZO) at 300K. In the Arrhenius plots, diffusion data is averaged across 10 MLMD simulations, with error bars representing one standard deviation (see 
“Simulation Methods with ML potential” section in Supporting Information for simulation details). In (d), diffusivities of Co ions at temperatures ≥ 800 K were used 
for extrapolation to 300 K, and the result with x = 0.125 Co content is excluded due to poor statistics from too few diffusing Co ions.
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diffusivity to some degree due to induced volume change and local 
structural distortions. This observation again agrees with previous 
experiment showing slightly decreased Li conductivity in bulk LLZO 
upon Co interdiffusion from the LLZO|LCO interfaces [24]. Hence, if 
co-sintering of LLZO and LCO results in a much more significant 
decrease in Li conductivity in LLZO, we can conclude that it is likely not 
due to Co ions blocking Li diffusion pathways, but rather other com-
plications such as formation of secondary phases, severe lattice dis-
ordering, or transformations from cubic to tetragonal LLZO at GBs and 
interfaces, accompanied by cation interdiffusion during 
high-temperature sintering [25].

3.3. Dynamic behavior of Co ions at LLZO GBs

Although it is shown that Co can interdiffuse into the LLZO grain 
interior via Li channels, it is also possible for Co to move along the GBs of 
LLZO near the LLZO/LCO interfaces. To investigate the dynamic 
behavior of Co ions near and at representative GBs of LLZO, a total of six 
symmetric tilt GB models were generated using three rotation axes of 
[001], [011], and [111] and two coincident-site lattice (CSL) sigma 
values for each axis (see “Simulation Methods with ML potential” sec-
tion in the SI for details of modeling GBs and Table S6 for specifications 
and calculated GB energies). For each axis, two models with smaller and 
larger sigma values are chosen to represent less or more disordered GBs 
as shown in Figure S18. The corresponding GB energies were 0.62, 0.99, 
and 0.68 J/m2 for less disordered models and 1.17, 1.23, and 1.26 J/m2 

for more disordered structures with the [001], [011], and [111] rotation 

axis, respectively. In each GB model, Co ions were initially distributed 
within grain interior by replacing three Li ions per Co ion, assuming the 
Co3+ oxidation state. In addition, three Co doping levels were consid-
ered in each GB model at x = 0.0625, 0.125, and 0.25 in [Li7–3xCox] 
La3Zr2O12 to assess the effects of Co concentration on its dynamic 
behavior.

Fig. 6a renders a snapshot of 
∑

7(213)/[111] LLZO GB with Co 
content of x = 0.25 (Li6.25Co0.25La3Zr2O12) after 10 ns of MLMD simu-
lation, along with the Co distribution profile obtained during the 
dynamical evolution. At the beginning of the MLMD simulation, Co ions 
were placed at grain interiors, as shown by the blue line with zero 
concentration near the GB areas in Fig. 6a. After 10 ns simulation, a 
noticeable number of Co ions have segregated to the GB regions, as 
evidenced in the MLMD snapshot and Co density profile. To further 
investigate Co migration behavior after segregation to the GBs, we 
calculated the mean-squared displacements (MSDs) of Co located at the 
GBs versus grain interiors. The results in Fig. 6b show that Co diffusion 
at GBs is much slower than in grain interiors, which is likely due to more 
disordered GB structures and less connected Li diffusion pathways [24,
67]. Figure S19 compares Co ion diffusivities at the identified GB 
structure with different Co contents, in which similar segregation and 
trapping effects of Co at the GB are observed, even at low Co concen-
trations. The other GBs with various tilting axes and degrees of dis-
ordering (Figures S20-S24) also reveal the same behaviors of Co, 
highlighting a general phenomenon of Co segregation and trapping at 
GBs of LLZO regardless of GB composition and misorientation angle 
[68].

Fig. 6. (a) (Top) atomic structure of 
∑

7(213)/[111] GB with x = 0.25 Co doping level after a 10 ns MLMD simulation at 1300 K, showing Co accumulation at GB 
regions. (Bottom) distribution profile of Co ions as a function of position normal to GB plane at different simulation times. Yellow spheres represent Co ions, La is 
green, and Zr is magenta (Li and O ions are not shown for simplicity). (b) Mean squared displacement (MSD) of Co ions at the GB and grain interior at 1300 K over 1 
ns simulation time following the prior 10 ns MLMD in (a). (c) Co ions clustering in an amorphous 2 × 2 × 2 LLZO supercell after 11 ns simulation time from an 
initially uniform distribution. Bonds are drawn for Co ions closer than 3.5 Å (d) Arrhenius plots for Co diffusivities with various Co contents (activation energies Ea 
are also shown with corresponding legend colors). Diffusivities of Co ions at 1000, 1200, and 1400 K were used for extrapolation to 300 K.
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In addition, the results from Fig. 6a and Figures S20-S24 allude to 
possible Co agglomeration at the GBs of LLZO, which may in turn lead to 
the formation of Co-rich secondary phases within polycrystalline LLZO 
[24], or even metallic Co at the LLZO|LCO interface [19]. We hypoth-
esize that the propensity for Co agglomeration is related to the disor-
dered nature of LLZO GBs. To test this hypothesis, we performed 
additional MLMD simulations of Co-doped amorphous LLZO, which may 
be considered as a limiting case of complete disorder, and also as a proxy 
for generic high-angle GB regions [69]. Fig. 6c shows that Co ions that 
were originally distributed uniformly in amorphous LLZO do indeed 
agglomerate and form a few number of Co clusters after 11 ns of simu-
lation time. This proves our hypothesis that Co ions form clusters in 
amorphous LLZO and, by extension, in LLZO GBs with highly disordered 
atomic geometries. This result also lends additional credence to our 
previous presumption that the Co clusters at GBs can serve as initial 
chemical motifs for the formation of Co-rich secondary phases at any 
LLZO GBs, by reacting with other elements, such as Li and O, as shown in 
experiments [24,68].

Fig. 6d shows decreased Co diffusivity in amorphous LLZO with 
increased activation energy at higher Co doping levels. This can be 
attributed to the trapping effect of forming Co clusters and the sluggish 
motion of the Co clusters themselves, which is more evident at higher Co 
doping levels. Extrapolated from Fig. 6d, Co diffusivity in amorphous 
LLZO ranges from 10-18 to 10–16 cm2/s at 300 K over a wide Co stoi-
chiometry range between 0.125 and 0.5, which is about 3 – 6 orders of 
magnitude lower than that in cubic crystalline LLZO (10–13 – 10–12 cm2/ 
s, Fig. 4a). This implies that during operation at room temperature, Co 
ions are likely to be preferentially trapped at disordered regions in LLZO, 
including GBs. Nevertheless, Co segregation does not directly affect Li 
diffusivity in any significant way, as shown in Figure S25. However, Co 
doping could reduce local Li concentration due to charge balance and 
indirectly affect Li transport behavior by forming ionically insulating 
unwanted phases.

4. Conclusion

In conclusion, we developed an ML interatomic potential to inves-
tigate the non-equilibrium evolution of complex LLZO|LCO interfaces 
directly at the atomistic scale. The developed ML model can perform MD 
simulations with low energy and force errors and predict structural, 
vibrational, and dynamical properties of LLZO|LCO mixture models as 
well as bulk LLZO and LCO with similar accuracy to DFT. The model also 
showed a good predictability for LLZO|LCO mixtures that were not 
included in the training data, implying its good generalizability for 
complex local atomic environments at the LLZO|LCO interfaces and 
reliability to perform accurate atomic simulations.

MLMD simulations for four LLZO|LCO interfaces with various LCO 
facets as well as LLZO GBs were used to directly probe Co interdiffusion 
and its consequences for ion dynamics. The results showed that the 
overall propensity for Co interdiffusion, the preferred cation configu-
ration, and the degree of atomic disorder all depend on the interface 
chemistry, with Li depletion near the LLZO surface playing a particularly 
significant determining role. This implies that introducing an additional 
Li source during co-sintering may alleviate the interfacial degradation.

At high temperatures relevant for processing and across a wide range 
of Co concentrations, Co ions are predicted to interdiffuse across LLZO| 
LCO interfaces via interfacial disordering and transport within LLZO 
grains fast via Li migration channels. Importantly, this does not affect Li 
transport in LLZO significantly. Near LLZO GBs, Co ions tend to segre-
gate at GBs and become trapped at disordered GB geometries, leading to 
the formation of Co clusters that can act as prenucleation sites for Co- 
rich secondary phases at GBs. Because this behavior was not observed 
to depend on GB tilting axis, the degree of disorder at GB, or the Co 
concentration, we presume that Co clustering at GBs during processing is 
a fairly general phenomenon in polycrystalline LLZO.

Overall, our findings elaborate the fundamental relationship 

between atomic structure, chemistry, and transport behavior at complex 
LLZO interfaces with the aid of a flexible and accurate ML interatomic 
potential. Perhaps most importantly, the results suggest practical 
guidelines for interface design that could minimize interfacial degra-
dation and improve the cycling performance of LLZO-based SSBs.
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