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 A B S T R A C T

Recognition of the role of extended defects on local phase transitions has led to the conceptualization of the
defect phase, localized thermodynamically stable interfacial states that have since been applied in a myriad of 
material systems to realize significant enhancements in material properties. Here, we explore the kinetics of 
grain boundary confined amorphous defect phases, utilizing the high temperature and scanning rates afforded 
by ultrafast differential scanning calorimetry to apply targeted annealing/quenching treatments at high rates 
capable of capturing the kinetic behavior. Four Al-based nanocrystalline alloys, including two binary systems, 
Al–Ni and Al–Y, and two ternary systems, Al–Mg–Y and Al–Ni–Y, are selected to probe the materials design 
space (enthalpy of mixing, enthalpy of segregation, chemical complexity) for amorphous defect phase formation 
and stability, with correlative transmission electron microscopy applied to link phase evolution and grain 
stability to nanocalorimetry signatures. A series of targeted isothermal annealing heat treatments is utilized 
to construct a Time–Temperature-Transformation curve for the Al–Ni system, from which a critical cooling 
rate of 2400 ◦C/s was determined for the grain boundary confined disordered-to-ordered transition. Finally, 
a thermal profile consisting of 1000 repeated annealing sequences was created to quantify the recovery of 
the amorphous defect phase following sequential annealing treatments, with results indicating remarkable 
microstructural stability after annealing at temperatures above 90% of the melting temperature. This work 
contributes to a deeper understanding of grain boundary localized thermodynamics and kinetics, with potential 
implications for the design and optimization of advanced materials with enhanced stability and performance.
 

 

 

1. Introduction

Nanostructuring, or the purposeful addition of high densities of in-
terfaces, has long been a powerful tool in the metallurgist’s toolbox for 
achieving enhanced alloy properties, driving significant improvements 
in mechanical behavior (hardness [1–3], fracture [4,5]), corrosion 
resistance [6], and tolerance under high radiation fluxes [7,8]. Recog-
nition of the role of interfaces, and other extended microstructural 
defects, has driven the development of so-called defect phase diagrams 
[9–12], in contrast to the bulk phases predicted by typical bulk phase 
diagrams. Defect phases, also termed complexions, are structurally 
and/or chemically distinct configurations localized around extended 
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defects, which can be described by thermodynamic state variables such
as the chemical potential, temperature, and composition [13,14]. While 
some historical treatments of interfacial defect phases have proposed
that these features do not follow the classical treatment of a phase de-
veloped by Gibbs [15], a generalized formulation developed by Frolov 
and Mishin [16] allows for the unified treatment of phase equilibria 
among phases of different dimensionality [17,18]. The flexibility of this 
formulation has led to the realization of a myriad of unique defect 
phases along dislocations [19–22], planar faults [23,24], and, most 
relevant to this work, grain boundaries.

Six different grain boundary localized defect phases have been dis-
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covered and classified according to thickness, ordering, and composi-
tion: sub-monolayer segregation, the intrinsic grain boundary, bi-layer 
segregation, multi-layer segregation, amorphous grain boundary phase, 
and wetting films [13,25,26]. Of particular interest are amorphous
grain boundary defect phases, which consist of a disordered phase of 
finite thickness located at the grain boundaries [27–32]. Nucleation of 
the amorphous defect phase is a consequence of annealing at elevated 
temperatures, where a pre-melting ordered-to-disordered (crystalline-
to-amorphous) transition can occur at the grain boundaries if the 
energetic penalty associated with the formation of a confined disor-
dered phase and two new interfaces can be overcome [26,33–36]. Note 
that this transition differs from the well-established grain boundary 
wetting phenomena, which occurs within a two-phase (solid + liquid) 
region of the bulk phase diagram and where the liquid phase com-
pletely replaces the grain boundary, separating adjacent grains [37]. 
Instead, grain boundary pre-melting manifests in the single-phase re-
gion of the phase diagram at sub-solidus temperatures and involves the 
formation of a nanoscale liquid-like layer at the grain boundary due to a
disjoining potential that stabilizes the film. Unlike wetting, pre-melting
does not require bulk liquid coexistence; instead, it reflects a localized 
disordering transition driven by interfacial energy minimization. A
phenomenological description of this mechanism, originally developed 
by Kikuchi and Cahn [38] and illustrated in Fig.  1a, postulates that
this energy minimization is achieved when the volumetric free energy 
barrier for forming an undercooled liquid (𝛥𝐺amorphous) plus the penalty
for forming two crystalline–liquid interfaces is lower than the grain
boundary energy (𝛾GB): 

GB > (𝛾 (1)CL + 𝛾 (2)CL ) + 𝛥𝐺amorphousℎ (1)

here 𝛾CL is the crystal–liquid interfacial energy and ℎ is the thickness 
of the amorphous grain boundary defect phase (sometimes termed the 
grain boundary width).

Using doping strategies targeting grain boundary segregation [39],
amorphous defect phases have been realized in a number of systems,
including simple binary alloys such as Cu–Zr and Cu–Hf [28], Al–Mg,
Al–Ni, and Al–Y [29], and Ni–W [40] as well as more complex ternary 
systems such as Al–Ni–Ce [41,42], Al–Ni–Y [43,44], and Cu–Zr–Hf [45,
46]. Drawing a comparison to bulk metallic glasses (BMGs), where
formability depends on both thermodynamic and kinetic factors, amor-
phous defect phase formation in crystalline alloys follows analogous 
principles: grain boundaries must contain excess solute, and the free 
energy penalty for creating an undercooled liquid must be minimized.
These selection criteria prioritize dopants with positive enthalpy of 
segregation and negative enthalpy of mixing [28]. Similar to BMGs,
amorphous defect phase formation is facilitated in more complex alloys, 
as the increased disorder arising from chemical complexity reduces long 
range order and promotes the disordered phase [47]. This behavior 
has been experimentally observed in Cu–Zr and Cu–Zr–Hf, with the 
more complex ternary alloy forming thicker amorphous defect phases
at significantly slower critical cooling rates [45,46].

Early work on systems containing amorphous defect phases have 
demonstrated their potential for enhancing thermal stability [40,41,45,
48], mechanical properties [49–51], and radiation tolerance [52,53].
The potentially large excess volume of amorphous defect phases has
tremendous implications for the elimination of irradiation induced 
damage, serving as efficient sinks for interstitial/vacancies and defect 
clusters [53,54]. Similarly, the ability for amorphous defect phases
to annihilate dislocations, along with their ability to reduce grain
boundary cracking, has led to significant improvements in mechanical 
response [49]. As demonstrated in a nanocrystalline ternary alloy 
(Al–Ni–Ce), the presence of amorphous defect phases at the grain 
boundaries led to a pronounced increase of strength of 1800 MPa, 
compared to an average of approximately 700 MPa in a typical Al 7XXX 
series alloy [41]. Significantly, this amorphous defect phase containing
alloy demonstrated remarkable thermal stability compared to other 
nanocrystalline alloys, maintaining nanocrystallinity to homologous
 

2 
temperatures (ratio of the temperature to the melting temperature, 
TM) of 0.7TM. This enhanced thermal stability is a consequence of 
the grain boundary localized disordered state, which, at high temper-
atures, is the local equilibrium configuration [40,45]. Application of 
such features that are thermodynamically stable at high temperatures 
represents an exciting opportunity to push traditional alloy designs 
to more extreme conditions. However, while a number of simulation
and experimental works have explored the formation of amorphous
defect phases [16,28], few works have managed to directly quantify
the critical temperatures associated with the phase transition, much less
quantify the complex kinetics of the transformation.

In this work, we investigate the kinetic behaviors of amorphous 
defect phases through targeted nanocalorimetry and microscopy inves-
tigations on amorphous defect phase containing alloys. To examine the
influence of increasing chemical complexity on amorphous defect phase
formation, we synthesized four different binary and ternary nanocrys-
talline alloy systems: Al–Ni, Al–Y, Al–Ni–Y, and Al–Mg–Y. The high 
cooling and heating rates from ultrafast differential scanning calorime-
try (DSC) are utilized to explore the ordered-to-disordered grain bound-
ary transitions, which are correlated with microstructral information 
from targeted electron microscopy. Systematic isothermal annealing
runs are performed to establish a Time–Temperature-Transformation
(TTT) curve ascribed to the defect phase transitions, which is then
employed to determine a critical cooling rate for amorphous defect 
phase formation. Finally, a series of repeated annealing sequences 
is applied to explore the recovery of the grain boundary confined
ordered-to-disordered transition.

2. Materials and methods

2.1. Sample synthesis

To fabricate Al–Ni, Al–Y, Al–Ni–Y, and Al–Mg–Y systems, powders 
of elemental Al (Alfa Aesar, 99.97%, −100+325 mesh), Ni (Alfa Aesar,
99.9%, APS 2.2-3.0 μm) and/or Y (Alfa Aesar, 99.6%, −40 mesh) or Mg 
(Alfa Aesar, 99.8%, −325 mesh) were ball milled for 10 h in a SPEX 
SamplePrep 8000M high-energy ball mill. For all systems, the nominal 
concentration of each solute element is 2 at.%. A hardened steel vial 
and milling media were used with a ball-to-powder weight ratio of
10:1, while 3 wt% stearic acid (C18H36O2) was used as a process 
control agent to prevent excessive cold welding. The milling process 
was conducted in a glove-box filled with Ar gas at an oxygen level
less than 0.05 ppm to prevent oxidation. For bulk sample fabrication,
the as-milled powders were transferred into a graphite die set and then 
consolidated into cylindrical bulk pellets with diameter and height of 
nominally 1 cm using an MTI Corporation OTF-1200X-VHP3 hot press. 
The powders were first cold pressed for 10 min under 100 MPa at 
room temperature to form a green body, and then hot pressed for 
1 h under 100 MPa at 585 ◦ C, which is approximately 92% of the 
melting temperature of pure Al. The heating rate used to reach the
target temperature was 10 ◦C/min. After hot pressing, bulk pellets 
were slowly cooled down to room temperature with a cooling rate less 
than 1 ◦C/s by turning off the furnace. Determination of the average 
grain sizes for the as-milled powders and consolidated bulk pellets were
performed via X-ray diffraction (XRD) scans collected using a Rigaku 
Ultima III X-ray diffractometer with a Cu K𝛼 radiation source operated
at 40 kV and 30 mA and using a one-dimensional D/teX Ultra detector. 
Grain size determinations were performed using the Halder-Wagner 
method with a 𝐿𝑎𝐵6 calibration file used as an external standard and
that all systems are nanocrystalline (Table  1, with raw XRD patterns in
Supplemental Figure 1).
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Fig. 1. (a) A visual schematic of amorphous defect phase formation. At some temperature below the solidus, Tsolidus, if the interfacial energies of two crystalline–
liquid interfaces plus the energetic penalty for an amorphous phase of thickness h is below the grain boundary energy, a quasi-liquid, nanoscale amorphous defect 
hase can form at the grain boundary. (b) The Metter Toledo UFH 1 MEMS chip for the Flash DSC 2+ system, with a magnified image of the chip sensor. (c) 
ltrafast DSC thermal profile for exploring amorphous defect phase forming ability. Heating rates are maintained at a constant 3000 ◦C/s, while seven different 
ates are used for cooling, ranging from −100 to -10,000 ◦C/s. Two identical heating and cooling rates are used after each cycle for alignment. (d) Ultrafast 
SC thermal profile for generating a TTT curve. The sample is rapidly heated to a temperature within the pre-melting regime (Tpm), held for 1.5 s, and then 
uenched at −10,000 ◦C/s to a series of isothermal hold temperatures (Ti) below the pre-melting temperature and held for 6 s. (e) Ultrafast DSC thermal profile 
or exploring the recovery and stability of amorphous defect phases. The sample is repeatedly heated and quenched (at 5000 ◦C/s) for n repetitions.
 
 

 

 

 

 
 
 
 

 
 

 
 

Table 1
Average XRD grain sizes for all four systems: Al–Ni, Al–Y, Al–Ni–Y, and
Al–Mg–Y. Values denoted by a ∗ were estimated from dark-field scanning
transmission electron microscopy (STEM-DF) micrographs.
 XRD Grain Sizes (nm) Al–Ni Al–Y Al–Ni–Y Al–Mg–Y 
 As-milled Powders 26 ± 5∗ 14 ± 4∗ 20 ± 2 9 ± 1  
 Consolidated Bulk Pellets 55 ± 10 50 ± 5 54 ± 6 44 ± 10  

2.2. Nanocalorimetry

A high-rate Micro-Electro-Mechanical system (MEMS) based ultra-
fast DSC from Mettler Toledo, Flash DSC 2+, was used to acquire 
nanocalorimetry data using as-milled powders, which were manually 
deposited onto separate UFH 1 MEMS chips for each system. Because of 
the difficulties associated with determining the exact mass of micron-
scale powders, all DSC data are provided as raw heat flow curves. A 
visual of the DSC MEMS chip is provided in Fig.  1b, along with a 
magnified image of the chip sensor. Three different thermal profiles
were utilized in this study. The first thermal profile was designed to 
probe disordered-to-ordered phase transitions at the grain boundaries 
by systematically varying cooling rates from −100 to −10,000 ◦C/s. 
Samples were annealed from −50 ◦C to a temperature below the 
solidus, with a constant heating rate of 3000 ◦C/s. A sample of pure
Al powder (CERAC, Inc., 99.97%, −325 mesh) was annealed from 
−50 ◦C to a temperature above melting (750 ◦C) to provide a reference 
melting curve. Two identical heating and cooling rates at 10,000 ◦C/s 
are used after each cycle for alignment. A graphical representation of 
this thermal profile is provided in Fig.  1c. The second thermal profile,
 

3 
in Fig.  1d, was designed to capture the kinetics of the disordered-to-
ordered transition associated with amorphous defect phases reverting 
back to ordered grain boundaries. Here, samples were annealed to
temperatures below the solidus and within the pre-melting regime 
(Tpm) for 1.5 s, followed by a rapid quench at −10,000 ◦C/s to an
isothermal hold temperature (Ti) for 6 s. Isothermal hold temperatures
were selected from a range of temperatures, 520–580 ◦C, below Tpm.
The third thermal profile was developed to explore the recovery and
stability of amorphous defect phases and is shown in Fig.  1e. Samples 
were repeatedly heated and cooled (at rates of 5000 ◦C/s) from −50 ◦C
to a temperature below the solidus for n iterations, with a maximum 
number of iterations of 1000.

2.3. Electron microscopy

As-milled powder samples for transmission electron microscopy 
(TEM) were prepared by suspending powders in ethanol and pipetting
the powder suspension onto carbon lacey grids. Post-DSC samples
were prepared through a standard focused ion beam (FIB) TEM liftout 
technique using a FEI Helios Dualbeam Nanolab 600 FIB-SEM located
in the Microscopy and Microanalysis Facility (MMF) at the University of
California, Santa Barbara. Individual powder particles on the DSC chip 
were attached to an Omniprobe needle using Pt, moved onto a Cu Om-
niprobe grid, and subsequently thinned to electron transparency. TEM 
micrographs were acquired using a 200 kV Thermo Scientific Talos 
F200X TEM/STEM also located at the MMF. The following collection 
angles were utilized in STEM mode: 9 mrad for bright-field (STEM-BF), 
12–20 mrad for dark-field (STEM-DF), and 61–200 mrad for high angle 
annular dark-field (STEM-HAADF).
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Fig. 2. (a) 3D plot of binary Al alloys as a function of atomic radius mismatch, 𝛥𝐻 seg, and 𝛥𝐻mix from Refs. [57,58]. Green arrows indicate the directions for 
ncreased propensities for amorphous defect phase formation. The binary alloys explored in this study, Al–Ni and Al–Y, are colored in red. (b–d) 2D sections of 
a) to facilitate comprehension with regions of optimal parameters for amorphous defect phase formation colored in green. Red dashed lines are drawn between 
he binary systems to illustrate the two ternary systems explored in this study, Al–Ni–Y and Al–Mg–Y.
 

 

 
 

 

 
 

 

 

 

 

 

 

 

 
 

2.4. CALPHAD

CALPHAD (CALculation of PHAse Diagrams) driven phase diagram
calculations for each of the four systems was performed using custom 
thermodynamic databases. For the Al–Ni, Al–Y, and Al–Ni–Y systems, 
a thermodynamic database for the quinary Al-Co-Cr-Ni-Y system from 
Ref. [55] was used, while the custom Al–Mg–Y database from Ref. [56] 
was used for the Al–Mg–Y system. For the ternary alloys, a pseudo-
binary phase diagram was generated in the Al-rich region across equal
composition spaces for the solute species.

3. Results and discussion

3.1. Selection of the alloy systems

Prior work on amorphous defect phase containing systems by Schuler
and Rupert [28] has led to the development of two general materials
selection rules for amorphous defect phase formation:

1. Sufficient excess solute must be present at the grain boundaries.
Propensity for solute segregation at the grain boundaries can be 
determined through estimation of the enthalpy of segregation, 
𝛥𝐻 seg, which has been determined for a wide range of binary
alloy configurations [57]. From this criterion, it also follows
that solute selection should prioritize low solubility limits to 
minimize solute dissolution in the matrix and maximize excess
solute concentrations at grain boundaries.
4 
2. The volumetric free energy penalty for forming an undercooled
liquid (𝛥𝐺amorphous) must be minimized, as it must be energeti-
cally favorable for the amorphous structure to form at the grain
boundary. Given that 𝛥𝐺amorphous cannot be directly isolated as 
a scaling parameter for design, the empirical guidelines for glass
forming ability in BMGs [59] can be utilized as the primary 
design parameters, which, as previously discussed, promotes 
increasing the chemical complexity, utilizing elements with large
atomic radii mismatch, and reducing the rate of crystal nucle-
ation by minimizing the enthalpy of mixing, 𝛥𝐻mix (determined 
for a wide range of binary alloy configurations in Ref. [58]).
Additionally, it also important to maintain in mind the factors 
that promote pre-melting (such as 𝛾GB and 𝛾CL from Eq.  (1)) and 
understand how these factors vary with composition.

To represent how changes in atomic radius mismatch, 𝛥𝐻 seg, and 
𝛥𝐻mix theoretically influence amorphous defect phase formation, we 
examine a number of binary Al alloys (Fig.  2). The region illustrat-
ing the highest atomic radius mismatch, highest 𝛥𝐻 seg, and lowest 
𝛥𝐻mix is outlined in green in Fig.  2b, c, and d. Two binary systems
were chosen to cover a range of segregation enthalpies, mixing en-
thalpies, and atomic size mismatches, with Al-2at.%Y selected as an 
ideal amorphous defect phase former and Al-2at.%Ni selected as a less-
than-ideal amorphous defect phase former. Two ternary alloys were
selected to capture the influence of complexity on amorphous defect
phase formation, Al-2at.%Ni-2at.%Y and Al-2at.%Mg-2at.%Y, with one 
alkaline-earth/transition metal species and one rare earth metal species 
chosen to maximize the atomic radius mismatch [60,61]. All dopant
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Fig. 3. CALPHAD generated pseudo-binary phase diagrams created from vertical cross-sections of the ternary phase diagrams for (a) Al–Ni–Y and (b) Al–Mg–Y, 
nd binary phase diagrams for (c) Al–Y and (d) Al–Ni. Red dashed lines indicate the bulk composition of the alloys, C0.
 

 

 
 
 

 
 

 
 

 

 

 

 

species have been shown to exhibit limited solubility in Al [62–64], 
implying strong segregation to grain boundaries in Al alloys [41,50,65].

Importantly, each of the four systems have been previously investi-
gated for amorphous defect phase formation and stability through bulk
consolidated pellets [29,43]. Variations in the propensity for amor-
phous defect phase stability have been observed across both binaries, 
as evidenced by microstructural characterization with TEM following a
slow cooling to room temperature or a fast water quench [29]. Amor-
phous defect phases were present in Al–Y after either cooling process, 
but only present in Al–Ni after the fast water quench, demonstrating
that Al–Y is the most effective amorphous defect phase stabilizer among
the investigated binary systems. In the two ternary systems, similarly
to Al–Y, the presence of amorphous defect phase was determined for 
both cooling rates, indicating that the addition of chemical complexity 
promoted amorphous defect phase stability [43]. While these prior 
studies were able to explore the mechanisms underlying amorphous 
defect phase stability, the analyses were limited to post-annealing 
characterization of the microstructures, making investigation of the 
underlying transitions and their critical temperatures difficult. Here, we 
aim to quantify kinetics associated with the amorphous defect phase 
transition within each of the four selected systems.

3.2. Predicted bulk phase diagrams from CALPHAD

To determine a reference framework of the optimal solute compo-
sitions and temperature range for the nanocalorimetry study, ensuring 
that the maximum temperature of the thermal profile remained below 
the bulk equilibrium solidus, and to predict any potential intermetallic
formation during the experiment, bulk phase diagrams (Fig.  3) were
calculated for each system using a CALPHAD-based approach. First, so-
lute concentrations were selected through considerations of the kinetic 
5 
behavior. As each system exhibits a eutectic transition, compositions
with 2at.% of solute were chosen to lie close to the eutectic to promote
glass formability; a dashed red line is drawn across each phase diagram 
to indicate the selected solute concentrations. As the concentration of 
solute atoms is nominally equivalent in both ternary systems, vertical 
cross-sections representing the pseudo-binary Al-(Ni,Mg)Y are shown. 
Next, to determine the maximum temperature of the thermal profile, 
we examine the solidus for each system. However, the solidus varies 
with respect to composition and thus, eutectic temperatures are instead 
used as the upper bounds for the thermal profile given that the eutectic 
temperature is an invariant temperature. The pseudo-binary phase 
diagram of the Al–Ni–Y system is provided in Fig.  3a, and indicates 
that the eutectic temperature for the A-l-Ni–Y system lies at 635 ◦C.
Replacing Ni with Mg promotes a reduction in the eutectic to 624 ◦C
(Fig.  3b), while examination of the binary systems, Al–Y and Al–Ni 
(Figs.  3c and d), indicates eutectic temperatures of 639 ◦C and 638 ◦C, 
respectively.

Examination of the bulk phase diagrams indicates significant vari-
ation in intermetallic formation across all four alloys. At lower tem-
peratures, the Al–Ni–Y system is expected to consist of predominately 
FCC Al, with some intermetallic 𝛼−Al3Y and Al3Ni, while increasing 
temperature to nominally 500 ◦C drives the formation of a ternary 
intermetallic phase, Al23Ni6Y4 (monoclinic). This trend in intermetallic
formation for the Al–Ni–Y system, with binary intermetallics forming 
at lower temperatures followed by ternary intermetallics at higher tem-
peratures, has been well established in the experimental literature [50,
66–68]. Meanwhile, the Al–Mg–Y system shows increasing complexity 
in intermetallic phases at higher temperatures. At low temperatures,
the Al–Mg–Y systems mimics the Al–Ni–Y system, with a predominately 
FCC Al phase and some intermetallic binary formation in the form of
Al Y and 𝛽−Al Mg . However, low temperatures of nominally 150 ◦C
2 3 2
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initiate the formation of the 𝛼−Al3Y intermetallic, while increasing 
in temperatures to approximately 450 ◦C drives the formation of the 
ternary Al4MgY, first noted in Ref. [69]. Both binary systems are pre-
dicted to exhibit fewer variations in intermetallic formation. In the case
of Al–Ni, few intermetallics are expected, with only small quantities of
NiAl3 forming through temperature. An initial examination of the Al–Y 
system suggests a similar behavior, with small quantities of the 𝛼−Al3Y
intermetallic present; however, annealing at higher temperatures drives 
the transition between two polymorphic forms of Al3Y, from 𝛼−Al3Y
to 𝛽−Al3Y [64]. Finally, we note that there is likely some impurity 
introduction during ball milling, which could drive additional phase 
formation during the DSC experiments; however, it is unlikely that
the concentrations of impurities are high enough to drive complete 
depletion of the excess grain boundary solute.

3.3. Nanocalorimetry of four defect phase containing systems

Here, using Al–Ni–Y as a representative system, we outline a DSC 
thermal profile that targets the thermodynamics and kinetics associated 
with a grain boundary confined ordered-to-disordered transition. The 
general outline (Fig.  4a) consists of a rapid annealing sequence to
an upper temperature bound that lies below the eutectic temperature, 
which drives the formation of the grain boundary confined liquid-like 
layer, followed by a quenching sequence that is systematically varied.
Rapid quenching kinetically freezes in the amorphous defect phase, 
while slow cooling should enable reordering of the grain boundary. 
First, we determine the appropriate temperature range for each alloy. 
The temperature range is bounded by the minimum achievable temper-
ature of the DSC instrument (−50 ◦C) and the eutectic temperature for 
each alloy system, as any annealing above the eutectic temperature will 
simply result in bulk melting of the alloy. Thus, to avoid the eutectic, 
the DSC thermal profile for Al–Ni–Y was capped at 625 ◦C, 10 ◦C below 
the eutectic of 635 ◦C determined via CALPHAD (Fig.  3a).

Examination of the DSC heat flows through heating for Al–Ni–Y
(Fig.  4b) shows a large endothermic signal that begins at 559 ◦C (well 
below the eutectic temperature) and continues through the maximum 
temperature of the thermal profile. Significantly, this signal is absent in 
the reference pure Al data, which indicated only a single endothermic
signal beginning near the melting temperature of Al. We hypothesize
that this large endothermic signature is related to the grain boundary
confined pre-melting transition driven by the minimization of the in-
terfacial energy as a consequence of solute segregation at the grain 
boundaries. Its manifestation as an endothermic signature has been 
previously reported in literature [41]. Note, however, that a similar 
endothermic signal would be expected for the dissolution of inter-
metallic phases in the bulk [70–72], as intermetallics are likely present 
within the Al–Ni-Y system per the CALPHAD generated phase diagram
(Fig.  3a) and as a consequence of the milling process. However, we 
propose that the pre-melting transition is the most likely source for this 
signature, given:

1. Three intermetallics are expected to form in Al–Ni–Y at the 
bulk composition consisting of 2at.%Ni and 2at.%Y - 𝛼−Al3Y,
Al3Ni, and Al23Ni6Y4. Dissolution is not expected for any of 
these intermetallics within the temperature range of the en-
dothermic signal. The binary phase diagrams for Al–Y and Al–Ni 
(Fig.  3c and d, respectively) show that these intermetallics are 
stable up to temperatures of nominally 640 ◦C. Furthermore, 
annealing studies on Al-rich bulk Al–Ni–Y have shown that the 
Al23Ni6Y4 intermetallic is stable within the temperature range
of 500–610 ◦C [66].

2. The solubility limits for Ni and Y in Al are extremely low, around 
0.1at.% at near eutectic temperatures [64,73], promoting inter-
metallic formation over a solid solution.
6 
Furthermore, the lack of exothermic signatures at lower temperatures
(below 500 ◦C) that are characteristic of solute diffusion towards the 
grain boundaries [41], suggests that solute segregation at the grain
boundaries occurred prior to DSC analysis and during ball milling and 
that no significant microstructural changes are occurring in the sample 
following the annealing sequence.

As amorphous defect phases are at a local equilibrium within the 
pre-melting regime, cooling must be performed at sufficiently high rates
to kinetically freeze in the grain boundary defect phase state at lower
temperatures. To capture this behavior in a single sample, cooling rates 
were varied from −100 to −10,000 ◦C/s; the DSC curves for each 
cooling rate in Al–Ni–Y are provided in Fig.  4c. When cooling rates are 
low, sufficient time is allotted to enable ordering at the grain bound-
aries, as evidenced by the sharper exothermal peaks at −100 ◦C/s. 
At higher cooling rates, the rapid thermal quench suppresses atomic
rearrangement, preventing structural ordering and locking the grain
boundary into a frozen disordered (glassy) configuration. This kinetic 
freezing behavior and the associated glass transition appear in DSC 
curves as a broad exothermal peak (reflecting delayed energy release
during constrained atomic mobility) and a distinct step-like change in 
heat flow, respectively. Such signatures are characteristic of a glass 
transition [74] and are clearly present in the DSC cooling curve at
−10,000 ◦C/s. Finally, we note that subsequent annealing following the
varied cooling rate sequences (Fig.  4d) did not yield any appreciable
change in subsequent curves, providing further evidence for the lack of
significant microstructural changes through the annealing sequence.

DSC heat flow curves using the thermal profile outlined above
(shown in Fig.  1c) were collected for each of the four Al-based alloys,
with results provided in Fig.  5. Analysis of the heating curves shows 
little change in the shape of the curves across each system regardless 
of the previous cooling rate, confirming that the pre-melting regime 
in each system does not strongly depend on prior thermal history. 
Determination of the onset of the pre-melting regime (defined by the 
pre-melting temperature, Tpm) is performed by identifying the inflec-
tion point of the heating curve; the onset temperature for each system,
in order of lowest to highest temperature, is 559 ◦C in Al–Ni–Y, 562 ◦C
in Al–Y, 568 ◦C in Al–Mg–Y, and 590 ◦C in Al–Ni. Ordering each system
by ∣𝛥T∣, or difference in the onset of the pre-melting regime relative to
the eutectic (∣𝛥T∣=∣T - TE∣) gives: 77 ◦C in Al–Y, 75 ◦C in Al–Ni–Y, 56 ◦C
in Al–Mg–Y, and 48 ◦C in Al–Ni (values are summarized in Table  2). Of 
all systems, Al–Ni features the smallest pre-melting regime, beginning
at 590 ◦C with a ∣𝛥T∣ of only 48 ◦C. Every other system features a ∣𝛥T∣
of at least 50 ◦C, with Al–Y exhibiting the highest ∣𝛥T∣ of 77 ◦C.

Examination of our results, while maintaining the generalized rules
for amorphous defect phase formation in mind, clarifies the source of 
the trends in ∣𝛥T∣. Considering the two binary systems in this study,
Al–Ni and Al–Y, Al–Ni has the lowest 𝛥𝐻 seg (−16 kJ/mol, compared 
to −2 kJ/mol in Al–Y), the highest 𝛥𝐻mix (−22 kJ/mol, compared to
−38 kJ/mol in Al–Y), and the lowest atomic radius mismatch (10%,
compared to 29% in Al–Y [75]). Furthermore, it is well established
that selection of solutes with larger atomic radii drives a reduction in 
𝛾GB [76] and in this metric, Al–Y is also the most favorable system.
Indeed, in every metric for amorphous defect phase forming ability
proposed by Schuler and Rupert [28], Al–Ni scores below Al–Y, and 
this trend is reflected in ∣𝛥T∣, with Al–Ni exhibiting a ∣𝛥T∣ of 48 ◦C
relative to Al–Y’s ∣𝛥T∣ of 77 ◦C. We note that ∣𝛥T∣ behaves analogously
to the supercooled liquid region in metallic glasses (defined as the dif-
ference between the crystallization temperature and the glass transition 
temperature, TX - Tg), with larger supercooled liquid regions indicating 
higher thermal stability and a greater potential for forming metallic
glasses [77]. This behavior suggests that ∣𝛥T∣ is a useful experimental
metric for amorphous defect phase forming ability: the smaller the ∣𝛥T∣, 
the higher the necessary temperature, or driving force, for amorphous 
defect phase formation.

While direct comparisons between the two binary systems is straight-
forward, a direct one-to-one comparison of the two ternary systems, 
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Fig. 4. (a) A schematic of the thermal profile that captures the kinetics of the grain boundary confined ordered-to-disordered transition. At pre-melting 
temperatures, the grain boundary forms a liquid-like layer. Fast cooling kinetically freezes the amorphous defect phase, while slow cooling reorders the grain 
boundary. (b) A single heating curve for Al–Ni–Y (blue) to illustrate the additional endothermic behavior associated with grain boundary pre-melting, which 
occurs at sub-eutectic temperatures. For comparison, a reference heating curve for pure Al (orange) contains a single endothermic signal at melting temperatures. 
(c) DSC cooling curves for Al–Ni–Y at different cooling rates within the range of −100 to −10,000 ◦C/s. The influence of the cooling rate on grain boundary 
ordering is evident from the sharp peaks at low cooling rates (blue) arising from grain boundary ordering and phase precipitation, and broad shelf features at 
high cooling rates (red). (d) DSC heating curves for Al–Ni–Y at 3000 ◦C/s; all DSC heating curves were acquired following their respective cooling event in (b).

Fig. 5. Normalized DSC heat flow curves for seven different cooling rates (−100 - -10,000 ◦C/s) and the heating curves following rapid cooling (maintained at 
3000 ◦C/s) for all four systems: (a) Al–Ni–Y, (b) Al–Mg–Y, (c) Al–Y, and (d) Al–Ni. Temperatures are normalized by the eutectic predicted through CALPHAD 
and heat flow curves are normalized to max values.
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Table 2
Summary of the onset temperatures for the pre-melting regime and |𝛥T| = |T 
 TE| for all alloy systems.
 Alloy Systems Tpm (◦C) |𝛥T| (◦C) 
 Al–Ni 590 48  
 Al–Y 562 77  
 Al–Ni–Y 559 76  
 Al–Mg–Y 568 56  

Al–Ni–Y and Al–Mg–Y, is not as simple. Performing an extrapolation 
between the base binary systems (Al–Ni and Al-Mg) of the ternaries sug-
gests that Al–Mg–Y would be the better amorphous defect phase former 
given Al-Mg’s higher 𝛥𝐻 seg at 13 kJ/mol and atomic radii mismatch 
at 14%. However, Al-Mg has a much higher 𝛥𝐻mix relative to Al–Ni 
(−2 kJ/mol vs. −22 kJ/mol, respectively), and experimental evidence 
from Lei et al. [29] in bulk Al-Mg alloys showed no evidence of amor-
phous defect phase formation under any thermal processing conditions,
thus supporting the inverse conclusion that Al–Ni–Y is the relative
best amorphous defect phase forming system. Comparison of the ∣𝛥T∣
between each alloy supports this conclusion, with Al–Mg–Y exhibiting 
a lower ∣𝛥T∣ at 56 ◦C compared to Al–Ni–Y at 75 ◦C. Nonetheless,
estimates of 𝛥𝐻mix and particularly 𝛥𝐻 seg for a ternary system are not 
a simple superposition of the binaries, as extrapolation from the binary 
systems does not correctly account for ternary interactions. Further
comparison between these ternary systems can be performed through 
examination of experimental evidence from literature; sintering curves
for the bulk ternary systems indicate an earlier onset temperature
for activated sintering in Al–Mg–Y, suggesting an earlier onset of
amorphous defect phase formation [43]. Finally, note that the addition 
of chemical complexity in the form of an additional solute species
drives clear improvements in amorphous defect phase forming ability, 
8 
as evidenced by the increase in ∣𝛥T∣ in Al–Ni–Y (75 ◦C) relative to Al–Ni 
(48 ◦C). Here, as in BMGs, the additional chemical complexity reduces 
long range order, reduces 𝛾GB, and promotes amorphous defect phase 
formation [47,78].

Examination of the DSC cooling curves performed at different cool-
ing rates in the range of −100 to −10,000 ◦C/s (Fig.  5) reveals a similar 
behavior in each of the four systems. At low cooling rates, reordering 
of the grain boundary is possible, resulting in sharp exothermal peaks.
Increasing in cooling rate results in broadening of the exothermal
signals, creating an amorphous response as ordering of the boundaries 
is suppressed. Interestingly, each of the four systems exhibits a different 
number and distribution of exothermal signals. Three distinct possibil-
ities exist for the difference in number of exothermal peaks between 
each system:

1. Grain boundary character is intimately connected to grain 
boundary energy [79]; as amorphous defect phase formation is 
reliant on overcoming the intrinsic grain boundary energy, grain
boundaries with specific grain boundary character could be more
prone to amorphous defect phase formation [80]. However, it
is unlikely that the variations in exothermal signals in this case 
are related entirely to grain boundary character. Distinct, sharp
exothermal signals would likely require a distinct population 
of specific grain boundary characters arising from a heavily 
textured microstructure, yet all microstructures for this study 
contain equiaxed nanocrystalline grains (as-milled microstruc-
ture of nanocrystalline Al–Y powders are provided in Fig.  6
which are expected to contain a broad distribution of grain
boundary characters [81]).

2. It is well established that the presence of extremely small par-
ticle sizes can drive changes in the melting and solidification of 
materials due to the increased surface-to-volume ratio relative 
 

Fig. 6. (a) STEM-DF micrograph of as-milled powders of Al–Y. (b) Selected area diffraction pattern of the nanocrystalline Al–Y in (a), with matching diffraction 
ings corresponding to FCC Al. (c) STEM-HAADF micrograph of as-milled powders of Al–Y. (d) A higher magnification complementary STEM-EDS map of Y (red).
Micrographs in (a) and (c) utilize the same scale-bar.
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to bulk materials [82,83]. In the case where a distribution of 
small particles sizes is present, it would not be unexpected to
observe appreciable variations in exothermal peaks in the DSC
cooling curves. However, this behavior is typically only observed
for extremely small particle sizes (below 50 nm), and as such, is
not expected to be the main driving force for the variations in 
exothermal peaks observed in this work as average particle sizes 
for each of the four systems are in the range of 2 to 50 μm and 
thus well above 50 nm.

3. Continuous heating and cooling runs can drive microstructural 
changes, enabling the formation of additional intermetallic
features. Examination of the CALPHAD-predicted phase dia-
grams in Fig.  3 shows that three out of the four systems, Al–Y, 
Al–Ni–Y, and Al–Mg–Y, are predicted to form various inter-
metallics with increasing temperature. Only one system, Al–Ni 
(Fig.  3d), is expected to form only a single intermetallic. Thus, 
the single exothermal peak in the DSC cooling curves in Al–Ni 
(Fig.  5d) is presumably related to the grain boundary con-
fined disordered-to-ordered transition, albeit at temperatures 
and compositions that are different from the equilibrium phase
diagrams given the high cooling rates employed. For the other 
systems, increasing intermetallic complexity in the CALPHAD-
predicted phase diagrams generally results in increased com-
plexity in the DSC cooling curves: in Al–Ni–Y an additional
phase transition at nominally 500 ◦C associated with the ternary 
Al23Ni6Y4 intermetallic is present, in Al–Mg–Y various phase
transitions associated with Al4MgY and 𝛽−Al3Mg2 are present at
temperatures above 500 ◦C, and in Al–Y, the transition between 
𝛼−Al3Y and 𝛽−Al3Y lies close to the eutectic. Additional impu-
rities from the ball milling process could also drive additional 
phase formation at these temperatures [84].
9 
3.4. Microstructural variations through temperature

The variability in exothermal DSC peaks across each of the four 
systems reflects the differences in intermetallic formation upon an-
nealing of the microstructure. To link the presence of intermetallics 
with DSC signatures and examine their influence on the microstruc-
ture, TEM samples were prepared from a representative Al–Y sample
before and after a single ultrafast DSC run within the pre-melting 
regime followed by a cooling rate of −3000 ◦C/s. Beginning with 
the initial state, as-milled microstructures of Al–Y are provided in 
Fig.  6, with the STEM-DF micrograph (Fig.  6a) exhibiting a clear 
initial nanocrystalline structure. This nanocrystallinity is also evident
in the selected area diffraction (SAED) pattern in Fig.  6b, which shows
the distinct ring pattern characteristic of nanocrystalline metals [85]. 
Indexing of this SAED pattern matches the expected peaks for face-
centered cubic (FCC) Al. A corresponding STEM-HAADF micrograph 
(Fig.  6c), where the contrast is directly related to atomic number [85], 
indicates the presence of intermetallics, a likely consequence of ele-
vated temperatures during milling, with STEM-EDS maps of Y (Fig.
6d) corroborating the presence of intermetallics. Notably, despite the
presence of intermetallics, the microstructure remained nanocrystalline
and thus, sufficient solute remained to segregate towards the grain
boundaries and thermodynamically stabilize the microstructure. While 
we do not directly demonstrate the presence of grain boundary segre-
gation here, this mechanism has been well established for these alloy 
systems (Al–Ni–Y [43,44,50], Al–Mg–Y [43], Al–Ni and Al–Y [29]).

Next, a FIB lift-out of a single powder was performed following 
a single DSC anneal to 600 ◦C and subsequent thinning to electron-
transparency. A qualitative examination through STEM-DF of the mi-
crostructure post-annealing (Fig.  7a and b) suggests the continued
presence of the nanocrystalline structure, demonstrating the inherent 
thermal stability of such amorphous defect phase containing systems. 
Further evidence of nanocrystallinity is present in the SAED pattern
(Fig.  7c), which exhibits the same ring pattern present in Fig.  6b with 
 
 

Fig. 7. (a) STEM-DF micrograph of Al–Y following a single ultrafast DSC annealing run at 3000 ◦C/s to 600 ◦C followed by a −3000 ◦C/s quench. (b) A
higher magnification STEM-DF micrograph showing a clear nanocrystalline structure. (c) Selected area diffraction pattern of the nanocrystalline Al–Y in (a), with
matching diffraction rings corresponding to FCC Al. (d) Cumulative grain size distributions for the as-milled Al–Y from Fig.  6 (black) and post-annealed Al–Y 
red). (e) Corresponding STEM-HAADF micrograph for the region in (a). (f) A higher magnification complementary STEM-EDS map of Y (red).
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Fig. 8. High resolution TEM micrographs of amorphous defect phases in
bulk consolidated samples in (a) Al–Y after a slow quench and (b) Al–Ni
after quenching in water. Red lines outline the amorphous defect phases and
adjacent grains are denoted by ‘‘G1’’ and ‘‘G2’’.

little to no variation. To quantitatively determine any microstructural
changes, grain size distributions were measured from STEM-DF micro-
graphs of both conditions (Fig.  7d). Average grain sizes are shown to 
increase subtly from 13.8±3.8 nm in the as-milled Al–Y to 19.4±5.8 nm
after annealing, a strikingly small increase despite the rapid annealing 
at a very high homologous temperature of 0.94TM. Furthermore, inter-
metallics are still clearly present, as observed through STEM-HAADF 
and STEM-EDS (Fig.  7e and f), but not at sufficient fractions to desta-
bilize the microstructure. Thus, despite the presence of intermetallics 
and the inherent instability of nanocrystalline grain sizes, our nanocrys-
talline Al alloys are exceptionally stable, maintaining nanocrystallinity
at 0.94TM due to enhanced grain boundary stability from the presence 
of amorphous defect phases.

Thermal signatures of amorphous defect phase formation should be 
accompanied by microstructural evidence, provided the cooling rate is 
sufficiently fast. Here, we provide direct visual evidence of amorphous 
defect phase formation through high resolution TEM of bulk consol-
idated powder samples, either naturally cooled to room temperature
or rapidly quenched in water, as described in Ref. [29]. We elected 
to perform this analysis on bulk consolidated samples that exhibit 
slightly larger grain sizes (50–100 nm) relative to powders (15–30 nm), 
which facilitates TEM characterization of grain boundary features.
As TEM samples are nominally 100 nm in thickness, imaging of the 
bulk consolidated samples facilitates imaging along a single grain, as 
opposed to imaging through overlapping grains in the powders. Note
that prior literature has demonstrated the presence of amorphous defect 
phases in all four systems explored in this paper (Al–Ni–Y in Ref. [43], 
Al–Mg–Y in Ref. [44], and Al–Ni and Al–Y in Ref. [29]), so here we 
limit our examination to the two binary systems, Al–Y and Al–Ni.
As shown in Fig.  8, both binary systems form an amorphous defect 
phase upon cooling, with some variation in the cooling rate required to
maintain the amorphous defect phase. For Al–Y (Fig.  8a), amorphous 
defect phases were observed after naturally cooling the sample to room 
temperature, while amorphous defect phases were only observed in
Al–Ni (Fig.  8b) after water quenching, which has a cooling rate of 
nominally −1000 ◦C/s [86]. This behavior is a clear reflection of the
stronger propensity for amorphous defect phase formation in Al–Y,
with a ∣𝛥T∣ of 77 ◦C relative to Al–Ni, where ∣𝛥T∣ is 48 ◦C. Finally, 
the amorphous defect phases, outlined by the red dashed line, have 
thicknesses as high as 5–10 nm and are comparable in length-scale to 
previously published literature on these binary systems [29]. We note 
that thinner amorphous defect phases are observed as well.

3.5. Measuring a defect phase time–temperature-transformation curve

We next measure the kinetics of the disordered-to-ordered transi-
tion associated with amorphous defect phases by generating a Time–
Temperature-Transformation (TTT) curve specifically for the Al–Ni 
system, which exhibited only a single exothermal DSC signal upon
 

10 
Fig. 9. (a) Isothermal traces at various temperatures between 520–580 ◦C for 
Al–Ni. A trace of the TTT curve is formed by outlining the DSC signal; an
expanded view of the DSC signal is provided as an inset. (b) A complete
scatter plot of the TTT curve for Al–Ni consisting of every collected data
point. A dashed red line indicates the cooling curve generated to estimate the
critical cooling rate, or the minimum cooling rate necessary to maintain the 
disordered amorphous defect phase state. For Al–Ni, this critical cooling rate 
is −2400 ◦C/s.

cooling. A thermal profile with multiple isothermal segments, Fig.
1d, was developed to construct the TTT curve; this thermal profile
was devised following methodologies from prior literature utilizing 
ultrafast DSC to construct TTT curves [87–90]. The sample was an-
nealed within the pre-melting regime (625 ◦C for Al–Ni) for 1.5 s,
and then rapidly quenched at −10,000 ◦C/s to an isothermal hold
temperature (Ti) within the range of 520–580 ◦C. As expected for 
the Al–Ni system, only a single rapid (20 ms) exothermal DSC signal 
occurred throughout each isothermal hold (shown in the inset of Fig. 
9a). By measuring the onset and end of each exothermal DSC signal, 
a TTT curve associated with the grain boundary confined transition 
was constructed (Fig.  9a). Creation of a TTT curve for this disordered-
to-ordered transition represents, to the authors’ knowledge, the first 
direct construction from calorimetry data of a TTT curve for a grain
boundary confined phase transition, as prior literature on the matter
have typically inferred approximate TTT curves through post-mortem
electron microscopy [46,91]. As expected for a TTT curve, the nose of 
the curve, where the disordered-to-ordered transition occurs the fastest, 
occurs at intermediate temperatures (540–555 ◦C). Meanwhile, the 
transition is slower at higher and lower temperatures, a consequence
of lower driving forces at high temperatures and sluggish diffusion at 
low temperatures (Fig.  9b).

From the measured TTT curve, we can estimate a critical cooling 
rate by drawing a linear segment from the pre-melting temperature 
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to the peak of the nose of the TTT curve, followed by calculating the 
slope of the linear segment. For Al–Ni, this critical cooling rate, Rc, 
is −2400 ◦C/s. Comparing to the DSC heat flow trends in Fig.  5d, 
the broadening of the exothermal signal, related to the change in a 
disordered versus ordered grain boundary, roughly occurs within the 
cooling rate range of −2000 to −3000 ◦C/s, matching the estimated
critical cooling rate from the TTT curve. Comparing this result to prior 
work on bulk binary Al alloys formed through powder consolidation, 
the Al–Y system was the only binary system shown to form amorphous 
defect phases at cooling rates below −1 ◦C/s, a likely consequence of 
Y being an efficient defect phase stabilizer and segregant species, as 
previously discussed [29]. Meanwhile, the other two binary systems,
Al-Mg and Al–Ni, only exhibited amorphous defect phases following 
a water quenching procedure, with cooling rates well above −1 ◦C/s,
collaborating the high critical cooling rate for Al–Ni calculated here. 
Furthermore, the addition of chemical complexity has consistently been 
shown to reduce the critical cooling rate, with examinations of bulk
ternary Al alloys (Al–Fe–Y, Al–Mg–Y, and Al–Ni–Y) revealing that each
of the alloy systems was capable of maintaining amorphous defect 
phases at cooling rates below −1 ◦C/s [43]. Considering other amor-
phous defect phase containing systems outside of Al alloys, such as
Cu-based alloys, reveals an identical trend, with the binary system Cu–
Zr exhibiting poor amorphous defect phase formation with a critical 
cooling rate on the order of −106 ◦C/s, and the more chemical complex 
ternary alloy, Cu–Zr–Hf, exhibiting a critical cooling rate on par with 
Al–Ni, on the order of −1000 ◦C/s [46].

Determining critical cooling rates has long been an important es-
timator of a metallic glass alloy’s glass forming ability, which can be 
treated as the resistance to nucleation of crystalline phases during the 
solidification process [92]. As such, critical cooling rates have been de-
termined for a wide range of metallic glasses, with typical values falling
within a range of −102 to −108 ◦C/s [47]. Of more interest to this work 
11 
are the critical cooling rates for Al-based metallic glasses, which for the 
broad collection of critical cooling rates compiled in Ref. [93], have 
values that fall within a narrow range of −103 to −104 ◦C/s. Al-based 
metallic glasses are generally considered poor metallic glass formers as 
Al-based alloys do not tend to form as eutectics near Al-rich compo-
sitions (Fig.  3). Hence, most literature on successful Al-based metallic
glasses has focused on ternary, quaternary, and quinary compositions 
that typically contain some elemental distribution of Al, a transition
metal, and a rare earth element [94]. Significantly, the critical cooling 
rate for the grain boundary confined disordered-to-ordered transition 
explored here in the binary Al–Ni system (Rc = −2400 ◦C/s) falls within 
the critical cooling rate range for more chemically complex metallic 
glass alloys. We propose that this reduction in critical cooling rate for 
a simple binary system follows from: one, enhanced diffusion pathways 
along grain boundaries that are a consequence of the excess free 
volume characteristic of amorphous structures [46], two, the interfacial 
solute segregation mechanism drives localized amorphization without 
requiring global chemical homogeneity, which is typically necessary in 
chemically complex BMGs to achieve geometric frustration [77], and 
three, the confinement of the grains itself restricts crystallization, as 
BMGs have surrounding disordered material while the grain boundary 
confined defect phase has less flexible/deformable crystalline material 
nearby. This behavior, supported by prior experimental evidence from
Ref. [43], underpins that even simple binary amorphous defect phase
containing systems exhibit critical cooling rates on the same order
of magnitude as chemically complex BMGs, and that the addition of 
chemical complexity to these Al-based amorphous defect phase forming
systems will serve to further reduce the critical cooling rate for the
disordered-to-ordered transition, facilitating bulk sample processing 
approaches.
 
 

Fig. 10. Normalized and background-subtracted DSC heat flow curves across 1000 repeated DSC runs (−50 to 625 ◦C at heating/cooling rates of 5000 ◦C/s) for
Al–Ni during (a) heating and (b) cooling. (c) The onset of the pre-melting regime (Tpm) as a function of the number of DSC run iterations. The dashed line is the
estimated onset of the pre-melting regime determined in Fig.  5d. (d) Two exothermic signals during cooling (TC1  and TC2 ) as a function of the number of DSC run 
terations.
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Fig. 11. (a) STEM-DF micrograph of Al–Ni after 100 iterations of the thermal cycling sequence (−30 ◦C to 620 ◦C at heating/cooling rates of 5000 ◦C/s). (b) 
Combined STEM-EDS map of Al (red) and Ni (green). (c) Higher magnification STEM-HAADF micrograph of Al–Ni after 100 iterations of the thermal cycling
sequence demonstrating void formation. (d) STEM-HAADF micrograph of a single void with separate STEM-EDS maps of Al (red), Ni, (green), and O (cyan).
 

 

 

 

 

 

 

 

 

 

 

 
 
 

 
 
 
 

3.6. Recovery of the amorphous defect phase

A critical feature of the amorphous defect phase is that the disor-
dered grain boundary structure is the preferred structure at sub-eutectic
temperatures, as supported by the relative insensitivity of the pre-
melting temperatures measured by DSC to the previous thermal history.
As such, the amorphous defect phase should be capable of indefinite 
nucleation and relaxation, as long as the dopant species remains pre-
dominately grain boundary segregated. To explore the stability of the 
amorphous defect phase, we apply a repeated thermal profile (1000
runs of −50 to 620 ◦C at heating/cooling rates of 5000 ◦C/s; Fig. 
1e) to Al–Ni; normalized and background-subtracted heat flow curves
from heating and cooling are provided in Figs.  10a and b, respectively. 
Examination of the heating curve (Fig.  10a) indicated a consistent 
signature across all iterations: the onset of the pre-melting regime
(Tpm), plotted in Fig.  10c as a function of the number of iterations 
with an applied average smoothing filter to facilitate comprehension of
the data. The onset of the pre-melting regime, Tpm, begins at an initial 
value of 598 ◦C (∣𝛥T∣ = 40 ◦C) and subsequently drops to nominally 
590 ◦C (∣𝛥T∣ = 48 ◦C) over the first 100 iterations. Significantly, this 
temperature matches the onset of the pre-melting regime estimated 
from the Al–Ni curves at different cooling rates in Fig.  5d, noted by 
the dashed line in Fig.  10c. After approximately 700 iterations, Tpm
again drops to 585.5 ◦C (∣𝛥T∣ = 52.5 ◦C), remaining at this temperature
through the full 1000 iterations.

Examination of the cooling curves (Fig.  10b) reveals a more com-
plex series of behaviors consisting of two exothermic signatures: TC1
and TC2 . TC1  is the most stable exothermic signal, starting at nominally
570 ◦C (∣𝛥T∣ = 68 ◦C) with a local minima after 100 iterations at 
563 ◦C (∣𝛥T∣ = 75 ◦C). The signal then stabilizes again at 570 ◦C (∣𝛥T∣
12 
= 68 ◦C) after approximately 200 iterations and remains at this value 
for all subsequent iterations. TC2 , on the other hand, goes from 523 ◦C
(∣𝛥T∣ = 115 ◦C) to a minima of 510.5 ◦C (∣𝛥T∣ = 127.5 ◦C) after 400
iterations and remains roughly at this temperature for all following 
iterations. Curiously, neither of these exothermic peaks match the
behavior shown in Fig.  5d, which consisted of a single exothermic 
signal at 538 ◦C (∣𝛥T∣ = 100 ◦C), a likely reflection of the quick 
annealing times of the first thermal profile (Fig.  1c). We hypothesize
that the first exothermic signal, TC1 , is related to the disordered grain 
boundary transition, which is broad throughout all iterations due to the 
high cooling rate of −5000 ◦C/s, while the second exothermic signal, 
TC2 , is likely related to crystallization of the Al3Ni intermetallic. Local
compositional fluctuations enable partial ordering of Ni-rich regions
during cooling, which at critical undercooling thresholds can undergo
rapid crystallization into Al3Ni, releasing latent heat [95,96]. Indeed, 
isothermal experiments on Al–Ni multilayers reveal that Al3Ni forma-
tion occurs even at heating/cooling rates exceeding 10,000 K/s, with 
activation energies of ∼150–200 kJ/mol [95]. Significantly, all trends, 
regardless of heating or cooling, show an initial significant reduction
within the first 200 iterations. This behavior suggests the presence of at
least one significant microstructural change early in the thermal cycling
process and necessitates additional microscopy to elucidate the origin
of this behavior.

To capture the microstructural transitions following multiple iter-
ations of the thermal cycling sequence, two separate Al–Ni samples 
were subjected to the thermal profile in Fig.  1e with increasing num-
bers of iterations: 100 and 600 iterations. After confirming that each 
sample exhibited similar trends in the heating curves through number 
of iterations, TEM lamellas were prepared from each condition by 
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Fig. 12. (a) STEM-DF micrograph of as-milled Al–Ni. (a) STEM-DF micrograph of Al–Ni after 600 iterations of the thermal cycling sequence (−30 ◦C to 620 ◦C
at heating/cooling rates of 5000 ◦C/s). (c) Cumulative grain size distributions for the as-milled Al–Ni (black) and Al–Ni after 600 iterations (red).
 

 
 
 

 

 
 

 

 

 

 
 

 

 

 

 

 

utilizing a FIB/SEM to lift out individual powders, which were sub-
sequently mounted onto Cu Omniprobe grids and thinned to electron 
transparency. A STEM-DF micrograph of Al–Ni after 100 iterations 
shows some increase in the average grain size (Fig.  11a) and little 
change in the Ni distribution from the as-milled (Fig.  11b). The most 
striking feature after 100 iterations is the formation of pores, which 
are evident at large length-scales (500 nm–1 μm in Fig.  11a) and small
spherical inclusions at the nano-scale regime (Fig.  11c), and are not 
present in the as-milled powders (Fig.  6). STEM-EDS maps of oxygen 
across these spherical inclusions (Fig.  11d) indicates segregation of O
towards the walls of the inclusions, suggesting that these features are
not nano-scale oxides as frequently reported in the literature [97,98],
and are likely nano-scale voids that serve as precursors to pores. Signifi-
cantly, continuing the thermal cycling sequence to 600 iterations shows 
little difference in the microstructure compared to the 100 iteration 
microstructure, with similar grain sizes and pore formation, in addition 
to the expected nano-scale void formation (Supplemental Figure 2).

The presence of a broad distribution of voids suggests that voids 
are constantly nucleating and coalescing during each iteration of the 
thermal profile, which would thus indicate the presence of a constant 
source of excess vacancies. Early work exploring the role of quenching 
in pure Al has shown that significant vacancy populations are generated
at high temperatures, which leads to an excess vacancy population 
at lower temperatures following rapid quenching [99,100]. An upper-
limit estimate of the vacancies generated during quenching can be 
determined by the following expression: 

𝐶𝑣 = exp
(

−
𝑄𝑓

𝑘𝑇

)

(1 −𝑍𝐶𝑠) (2)

where 𝑄𝑓  is the vacancy formation energy, 𝑘 is Boltzmann’s constant,
𝑇  is the heat treatment temperature, and (1 − 𝑍𝐶𝑠) is the correction
term for a binary alloy, with 𝑍 the coordination number and 𝐶𝑠 the 
solute concentration [101]. Using 0.7 eV for 𝑄𝑓  [102] and an annealing 
temperature of 620 ◦C, we calculated an upper-limit vacancy concen-
tration of 1 × 10−4 V/Al for a single iteration, a relatively large value 
due to the high annealing temperature. Furthermore, we note that, if 
this process is truly dominated by vacancies formed during quench-
ing, varying the quench rate should result in a change in vacancy 
migration, with increasing quench rates leading to reduced vacancy
diffusion towards sinks (such as grain boundaries and surfaces) and 
resulting in larger and faster pore formation in the bulk. We confirm
this behavior by annealing Al–Ni–Y powders with a quench rate of 
13 
−10,000 ◦C/s (Supplemental Figure 3), which after only a single 
iteration exhibited significant pore formation, as opposed to the Al–
Y sample in Fig.  7, which exhibited few obvious pores or voids after 
a slower quench rate of −3000 ◦C/s. Thus, we propose the following
mechanism is responsible for the formation of the pores in each sample 
condition: during quenching, excess vacancies are kinetically frozen in
and the subsequent annealing at higher temperatures increases vacancy
mobility, enhancing vacancy-vacancy interactions and forming voids, 
which continue to coalesce, resulting in macroscale pores.

Identification of the significant vacancy generation during quench-
ing highlights an important question: namely, does the production of 
vacancies at such high rates induce any variations in the observed DSC 
signal? It is important to note that the only changes observed in the DSC 
signals were shifts in peaks present following the first iteration, with 
no additional peaks or features appearing and no features disappearing 
upon subsequent heating and cooling. This suggests that the presence
of vacancies has little effect on the actual amorphous defect phase nu-
cleation process despite the high rate of vacancy generation. While this 
behavior could be a consequence of minimal excess vacancy diffusion 
towards grain boundaries, it is unlikely given the high vacancy mobility 
in Al at temperatures above 450 ◦C and the short diffusion lengths
in nanocrystalline/ultrafine-grained microstructures [103]. However, 
excess vacancies could still have some influence on curve shape or
critical temperatures. Prior work with Al alloys has shown that exces-
sive vacancy content can indeed drive some changes in DSC signals, 
including:

1. Exothermal signatures - Quenched-in vacancies enhance solute
diffusion, which in turn facilitates vacancy cluster and/or pre-
cipitate formation during subsequent annealing. This behavior 
could manifest as additional exothermal peaks during heating or 
as a shift in precipitation kinetics [104,105]. While no additional
exothermal peaks are present upon subsequent iterations, there 
is a shift in the onset of the pre-melting regime towards lower 
values before 200 iterations, which could be a consequence of 
vacancy-enhanced solute diffusion.

2. Endothermic signatures - If metastable phases are formed dur-
ing prior iterations due to vacancy-enhanced solute diffusion, 
then dissolution of these phases would be captured in the DSC 
heat flows, appearing as additional endothermic signals during 
heating [106,107]. As no additional endothermic signatures ap-
pear in any of our DSC heat flow curves during subsequent 
iterations, it is unlikely that this mechanism is relevant.
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The DSC signals in Fig.  10 indicate little change above 200 iterations, in 
both cooling and heating curves, with only a < 5 ◦C change observed 
in the heating curve. As vacancies are constantly generated through 
each quenching process, the consistent behavior above 200 iterations 
suggests that the influence of vacancies has little long-term influence 
on the thermal signatures. The strongest transition occurs before 200
iterations, with a reduction in the onset of the pre-melting regime and
in both observed exothermal signals during cooling.

We propose that the shifts in the exothermal signals upon cooling 
and the pre-melting signature upon heating are a consequence of 
vacancy-enhanced diffusion of solute atoms towards the grain bound-
aries. At a fundamental level, increasing solute concentrations at the 
grain boundaries directly reduces the interfacial energy (𝛾𝐺𝐵) by coun-
teracting the excess interfacial free energy, as described in the fun-
damental works of Cahn [108] and Weissmüller [109], and has been 
demonstrated in a number of stabilized nanocrystalline systems [65,
110–112]. Furthermore, increasing grain boundary solute also drives a 
reduction in the volumetric free energy penalty for forming an under-
cooled liquid (𝛥𝐺amorphous). High solute configurations increase con-
figurational entropy, offsetting the entropic penalty of undercooling, 
while simultaneously increasing the number of solute-solute interac-
tions, which lowers the enthalpy difference between the crystalline and
amorphous states [113]. Thus, as solute concentrations increase at the 
grain boundaries, the propensity for amorphous defect phase formation 
also increases, lowering the onset of the pre-melting regime. An im-
portant consequence of this increased propensity for amorphous defect 
phase formation can be observed in the microstructure, which, de-
spite repeated annealing sequences at homologous temperatures above
0.9TM, was able to maintain a fine-grained structure (Fig.  12). In-
deed, grain size distributions (Fig.  12c) for the as-milled and post 
600 iterations microstructure indicated only a minor increase, go-
ing from average grain sizes of nominally 25 nm to approximately
75 nm, illustrating the remarkable ability of the amorphous defect 
phase to withstand repeated annealing sequences and stabilize the 
microstructure against such temperature extremes.

4. Conclusions

In this work, we utilized the fast heating and cooling rates from ul-
trafast DSC to probe the grain boundary confined amorphous transition 
in four nanocrystalline systems: Al–Ni, Al–Y, Al–Ni–Y, and Al–Mg–Y. 
Together with correlative TEM, we revealed the following mechanisms:

• All alloy systems exhibited a distinct pre-melting signature upon 
heating. The range of this pre-melting feature, 𝛥T, or the onset 
of the pre-melting regime relative to the eutectic, serves as a
useful experimental metric for amorphous defect phase forming
ability, with alloy systems exhibiting a higher ∣𝛥T∣ demonstrating 
a lower barrier for amorphous defect phase formation. Signifi-
cantly, this pre-melting transition is largely insensitive to prior
thermal history.

• Increases in the cooling rate across all alloy systems exhibited a 
clear transition from grain boundary ordering to kinetic freezing 
of the amorphous grain boundary phase with higher cooling rates. 
Further variations in exothermal peak numbers can be attributed
to additional microstructural complexity from intermetallic for-
mation.

• Increasing the chemical complexity, through addition of a second
solute species, promoted amorphous defect phase formation.

• The kinetic behavior of Al–Ni was captured through a series of 
sequential isothermal measurements, resulting in a TTT curve
for the grain boundary confined phase transition. From this TTT 
curve, a critical cooling rate of −2400 ◦C/s was determined for 
the grain boundary confined disordered-to-ordered transition in 
Al–Ni.
14 
• Recovery of the amorphous defect phase was explored in Al–Ni 
through a series of 1000 annealing runs to 620 ◦C. Examina-
tion of the DSC heat flow curves showed remarkable stability 
through heating and cooling, with no change in the number
of features present through increasing iterations. However, the 
high quench rates drove significant vacancy generation, which in 
turn promoted diffusion of the solute species towards the grain 
boundaries, shifting the onset of the pre-melting regime.

• Nanocrystallinity of the powders was maintained through re-
peated annealing at homologous temperatures above 0.9TM,
demonstrating the remarkable thermal stability of these alloys.

Overall, this study provides a comprehensive understanding of the
mechanisms that govern grain boundary–confined amorphous transi-
tions in nanocrystalline alloys. Direct visualization of these transitions 
during in-situ heating and cooling experiments, combined with quan-
titative assessment of their kinetic behavior through onset scattering
analyses, remains a technically demanding yet scientifically compelling
direction for future work. Advancing our knowledge of such transitions
could enable a defects-by-design approach, offering a strategic path-
way to engineer novel alloys with superior properties and exceptional 
high-temperature stability.
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Appendix A. Supplementary data

Supplementary material related to this article can be found online 
at https://doi.org/10.1016/j.actamat.2025.121764.
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