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Abstract 
 
Mismatched complex oxide thin films and heterostructures based on perovskites have key 

applications in technologies such as solid oxide fuel cells, batteries, and solar cells because of 

emerging properties at the interface. Although lattice mismatch and resulting misfit dislocations 

are one of the fundamental reasons for the emergence of new properties at the interface, their 

precise role is not well understood. In light of this, we have used first principles calculations to 

study BaZrO3(110)/SrTiO3(100) heterostructures for thin film electrolyte applications and predict 

the interfacial stability as a function of termination layer chemistry. Atomic scale structure and 

electronic structure of oxygen vacancies at doped interfaces was further studied to comprehend 

their stability and location preference at the interface. Strong dependence of oxygen vacancy 

formation on termination layer chemistry is observed. Among the four possible interfaces, oxygen 

vacancies exhibit a thermodynamic preference to form at the TiO2–ZrO2 interface. Results herein 

shed light on the fundamental aspects of mismatched perovskite oxide interfaces and their 

influence on thermodynamic stability of oxygen vacancy defects, which influences ionic transport 

and is imperative to design next-generation thin film oxide electrolytes.  
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1. Introduction  

Thin films and heterostructures based on complex oxides 1,2,3 exhibit superior and emergent 

properties 4,5,6 than their individual constituents. They have gained prominence due to applications 

in a wide range of nanotechnologies that include Solid Oxide Fuel Cells (SOFCs),7,8 radiation 

tolerant nuclear materials,9 information storage,10 batteries,11 and catalysts.12 SOFCs,13,14,15 an 

electrochemical conversion device that produce electricity directly from oxidizing a fuel are highly 

efficient and a reliable source of clean generation of electrical power. Due to the ever-growing 

miniaturization of SOFCs, the role of surfaces and interfaces has received increased scrutiny. In 

SOFCs, solid ceramic oxide electrolyte is one of the most important components since it facilitates 

the passage of oxide ions that conduct electricity. Since high ionic conductivity is imperative for 

the development of next-generation SOFCs, significant research efforts have been dedicated 

toward the discovery and design of thin film oxide electrolytes that allow faster ionic diffusion in 

the intermediate-temperature (IT) range of 773–973 K.7,15,16 Thin film oxide electrolytes exhibit 

superior performance at lower temperatures, wherein interfaces play a crucial role. As a result, 

widespread use of IT-SOFC electrolytes requires the basic understanding of the role of interfaces 

in shaping enhanced performance.15,16,17  

In semi-coherent oxide heterostructures, misfit dislocations originate at the heterointerface 

to mitigate the misfit strain between the two mismatched oxides. Since misfit dislocations are 

inevitable and responsible for controlling vital material properties,8,18,19,20 recent studies have 

focused on investigating their basic role in influencing material properties. Nonetheless, their 

impact on ionic transport is not well understood since studies focused on elucidating the atomic 

and electronic structure of misfit dislocations are limited due to challenges in characterizing 

individual columns of atoms at the heterointerface. Owing to their ubiquity in semi-coherent oxide 

heterostructures and their potential impact on material properties, recent computational and 

experimental studies have investigated the structure-property relationships at misfit dislocations.  

 Depending on the desired application, perovskites are often doped to enhance magnetic,21 

ionic,22 electronic,23 optical, and catalytic24 properties. SrTiO3 (STO)25 and BaZrO3 (BZO) are one 

of the most widely studied perovskites, wherein doping is routinely used to tune their functionality. 

For instance, owing to their versatility, perovskite oxide heterostructures have found applications 

in SOFCs, wherein they have been studied as model systems for understanding ionic transport 

across oxide interfaces. Due to the compositional flexibility of perovskite lattice (ABO3), dopants 
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can replace either A-site, B-site, or O-site ions. Present work will be primarily focused on 

fundamental factors influencing the oxygen vacancy formation in STO/BZO heterostructures for 

ionic transport applications. As a result, we limit the discussion to acceptor doping (p-type),26 

wherein the B-site cations, either Ti4+ in STO or Zr4+ in BZO, could be substituted with trivalent 

dopants. This doping strategy has been studied in STO27 and BZO28 since it leads to the formation 

of oxygen vacancies (ionic carriers) to maintain the defect equilibria. In this doping scheme, a 

multitude of aliovalent dopants have been added to boost the properties of STO29,30,31,32,33,34,35,36 

and BZO.28,37,38  

 The added impurities bring their own challenges as they induce physical and chemical 

changes in the materials through segregation at surfaces and interfaces, which primarily depends 

on size mismatch and charge interactions,39 formation of space-charge layers at interfaces,40 and 

growth conditions and post-deposition annealing procedures.41 Since segregated additives could 

lead to deleterious effects on material stability and performance, understanding the role of 

aliovalent dopants and concomitant vacancies in complex oxides is crucial. In fast ion conductors, 

the influence of dopants is critical as they are primarily introduced to increase the oxygen vacancy 

fraction, but their presence on the cation sublattice influences oxygen vacancy formation and 

dynamics on the anion sublattice. Oxygen vacancy formation 42 and migration 43,44,45,46,47,48,49 in 

doped bulk perovskite oxides have been reported, wherein density functional theory (DFT) 

calculations and simulations based on interatomic potentials have been the method of choice. 

However, oxygen vacancy formation at perovskite oxide heterointerfaces is not well understood. 

At mismatched interfaces, it is imperative to understand the basic role of trivalent dopants 

and resulting oxygen vacancies that are accountable for ionic conduction. At interfaces and misfit 

dislocations in BZO/STO heterostructures, how dopants influence oxygen vacancy formation is 

not well understood since the majority of reported work is focused on either bulk STO or bulk 

BZO. An exception to this is our recent study, which utilized atomistic simulations based on 

interatomic potentials to predict oxygen vacancy formation and migration in STO(100)/BZO(100) 

heterostructures. To the best of our knowledge, except our recent work, which was performed 

using atomistic simulations, there are no studies in the literature that report oxygen vacancy 

formation near misfit dislocations in BZO/STO heterostructures. Since STO50 and BZO28 are 

technologically relevant with potential applications as SOFC electrolytes,8,51,52,53 oxide 

heterostructures synthesized using either of them have garnered recent interest.54,55,56 A lack of 
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understanding pertaining to basic ionic transport mechanisms in thin film SOFC electrolytes exists 

in the field mainly due to challenges in experimentally visualizing dopant atoms, characterizing 

oxygen vacancies, and resolving the structure and chemistry of misfit dislocations. The problem 

is further compounded as even from a theoretical perspective, calculations that utilize DFT are 

limited to coherent interfaces to keep the supercell size tractable.57 As a result, DFT calculations 

to study oxygen vacancy migration at misfit dislocations necessitate very large supercells, which 

is computationally challenging. For instance, in STO(100)/BZO(100) heterostructures, we have 

shown using atomistic simulations that oxygen vacancy migration energy barriers58 and 

thermodynamic stability of dopant-defect complexes59 depend on both interface termination and 

misfit dislocation structure. Nonetheless, since these studies utilized atomistic simulations, we 

could afford large supercells comprising ~21900 atoms, which is beyond the realm of DFT 

simulations. To address this challenge, we used an approach wherein we rotated the BZO thin film 

by 45°, which increased the misfit strain with the STO substrate, allowing us to study misfit 

dislocations in smaller supercells for BZO(110)/STO(100) heterostructures. To effectively use 

DFT simulations, we have successfully implemented a similar strategy to predict structure-

property relationships in oxide heterostructures.60 

In perovskite oxides, defects could typically introduce ligand holes, which could further 

lead to altered magnetic properties as observed in STO.61 Moreover, oxygen vacancy formation 

and migration in perovskites could be influenced by change in oxidation states of added impurities 

having mixed valence, which could offer routes for tailoring mixed ionic electronic conductors in 

SOFCs.62 However, in the present work, we strictly focus on studying the role of defects (oxygen 

vacancies) that are formed to maintain the defect equilibria after incorporation of trivalent dopants 

that do not exhibit mixed valence. Knowledge of oxygen vacancy formation and stability of 

various terminations in thin film SOFC electrolytes, which in our case is perovskite oxide 

heterostructures, would be beneficial to understand ionic transport. Vitally, this knowledge will 

assist in interpreting experimental observations, which have often reported mixed results on the 

performance of thin film oxide electrolytes. To achieve this goal, we utilized first principles DFT 

calculations to predict oxygen vacancy formation and interface charge transfer in the model system 

of BZO(110)/STO(100) heterostructure.63 To determine the role of interface layer chemistry, we 

studied the thermodynamic stability of BaO–SrO, SrO–ZrO2, BaO–TiO2, and ZrO2–TiO2 

interfaces as well as predict oxygen vacancy formation in the neighborhood of their dissimilar 
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misfit dislocation structures.63 The ultimate goal of this work is to offer basic insights into the 

atomic scale structure and electronic structure of interfaces in BZO(110)/STO/(100) 

heterostructures and their impact on defect stability, which is expected to influence ionic transport. 

It is imperative to note that the primary mechanism for ionic conduction in SOFC 

electrolytes is oxygen vacancy diffusion mechanism, which has two main contributions – vacancy 

formation energy and vacancy migration energy. While we have explicitly computed oxygen 

vacancy formation at dissimilar interface locations, studying oxygen vacancy migration is beyond 

the scope of this study. One of the main reasons is that these calculations are computationally very 

intensive, especially at oxide interfaces. For instance, in comparison to bulk, oxide heterointerfaces 

have hundreds of thousands of disparate migration energy pathways, which are nontrivial to 

compute from first principles. To this end, as reported in our previous work, we have implemented 

a strategy wherein migration energy barriers for hundreds of thousands of disparate migration 

pathways are computed using atomistic simulations,58 which are used as input to the kinetic lattice 

Monte Carlo (KLMC) model to trace oxygen vacancy diffusion.64 

 

 

2. Methodology 
2.1 Computational details 

Spin-polarized calculations were performed using the generalized gradient approximation 

(GGA) to DFT65,66 with the Perdew–Burke–Ernzerhof (PBE)67 exchange correlation functional. 

Within the GGA formalism, the Kohn–Sham equations were solved using the plane wave basis 

and used with projected augmented wave (PAW)68 method as implemented in the Vienna ab initio 

Simulation Package (VASP).69,70 Numerical errors could arise for DFT calculations of transition 

metal oxides due to partially filled valence d shells. To address this issue and to account for the 

strong on-site Coulomb repulsion amid the localized Ti 3d electrons, the rotationally invariant 

form of GGA+U,71 a combination of the standard GGA and a Hubbard Hamiltonian for the 

Coulomb repulsion and exchange interaction, was utilized. For all calculations, Ueff value of 4.0 

was applied, which has been used for similar systems involving Ti 3d electrons. A plane-wave 

cutoff energy of 400 eV was utilized, which converged the energies to approximately 0.01 meV. 

Ground state geometries of different systems were obtained by minimizing the Hellman–Feynman 

forces until the total forces on each atom were less than 0.02 eV/Å. The irreducible Brillouin-zone 
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integrations were performed using Monkhorst–Pack grid72 of 2 × 2 × 1 with Gaussian smearing of 

0.1 eV. Large-scale DFT+U calculations were performed using resources from the Advanced 

Cyberinfrastructure Coordination Ecosystem: Services & Support (ACCESS) program. 

 

2.2 Model heterostructure  

Experimental lattice parameters for the two perovskites used in this work are aSTO = 0.3905 

nm and aBZO = 0.4197 nm. As a result, for cube-on-cube orientation relationship, the lattice 

mismatch of ~7.0% resulting from this orientation relationship is accommodated via the formation 

of misfit dislocations at the heterointerface. To model this misfit strain via inclusion of misfit 

dislocations, very large atomic models with thousands of atoms are necessitated, which is not 

realistic for DFT calculations. To address this challenge as well as ensure the presence of misfit 

dislocations, we rotated the BZO thin film by 45°, which increased the lattice epitaxial strain with 

the STO substrate to ~23%. Nonetheless, this high epitaxial strain should not be misconstrued as 

the final strain in the system. This approach allowed us to study misfit dislocations in smaller 

supercells for BZO(110)/STO(100) heterostructures. For instance, starting with the DFT optimized 

lattice constants of aSTO = 0.3945 nm and aBZO = 0.4256 nm, BZO was rotated by 45° along the z-

axis, creating a relative lattice constant of 0.3009 nm. This results in an interface orientation 

relationship of [11#0]!"#||[010]$%#||'()*+,-.* and [110]!"#||[100]$%#||'()*+,-.* (Figure 1). 

By matching 4 unit cells of BZO with 3 units cells of STO, a 170-atom heterostructure was 

constructed (Figure 1) with dimensions 1.191 × 1.191 × 2.763 nm3. After the rotation of the thin 

film, since 4 unit cells of BZO (110) are overlaid on 3 unit cells of STO (100), the resulting residual 

strain in the heterostructures is ~1%, which is further mitigated by lattice relaxation at the interface 

that minimizes the total potential energy via reduction in elastic strain energy. This approach 

allowed us to predict misfit dislocation structure and study fully relaxed heterostructures that are 

fairly accurate representation of experimentally synthesized materials. We have successfully used 

a similar recipe 60,73 in the past to predict and study misfit dislocation structure and correlate them 

with experimentally observed properties of oxide heterostructures.74,75,76  

To limit the system size, only four layers are included for the film and the substrate. The 

rationale for the choice of this system size is based on extreme demand on computational resources 

for larger system sizes, coupled with the fact that there are four heterostructure models to examine. 

It is imperative to note that this approach and similar system sizes have been used by researchers 
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to study oxide thin films and superlattices.77,78,79 Vitally, we have shown that fundamental trends 

in interface stability and defect energetics obtained from smaller supercells used in DFT 

calculations60 agree very well with molecular dynamics simulations performed for larger 

supercells,73 as well as offer qualitative agreement with experimental observations .75,76 As a result, 

we expect the current approach and system sizes to have sufficient physical fidelity to provide 

physically meaningful trends. A vacuum layer of 1.5 nm was introduced in the z-direction 

(supercell thickness) to avoid periodic interaction between misfit dislocations and defects. This 

strategy ensures only one interface is present in the model. Periodic boundary conditions were 

implemented in all three supercell directions. Using this approach, four stochiometric 

BZO(110)/STO(100) heterostructures were constructed with different terminations and interface 

layer chemistries. i.e., BaO–SrO, SrO–ZrO2, BaO–TiO2, and ZrO2–TiO2 interfaces. 

 

Figure 1. Side view of the atomic scale structure of energetically minimized BZO/STO 
heterostructures for four different terminations of the interface layer for (a) BaO-SrO (b) ZrO2-
SrO (c) BaO-TiO2 and (d) ZrO2-TiO2 interfaces. Interface orientation relationship is shown below 
the panels. Green, pink, red, brown, and violet spheres correspond to Ba, Zr, O, Sr, and Ti ions, 
respectively.  
 
 

 
 
 

2.3 Defect energy formalism 
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Various trivalent dopants can be added to improve the properties of perovskites, as their 

net effective charge affects the electroneutrality condition, and thus the defect equilibria.29,30,31,37 

In perovskites, trivalent dopants can replace either of the cations on the A and B sublattices. Since 

the current work is focused on ionic transport in perovskite heterostructures, we have exclusively 

studied acceptor doping (p-type),26 wherein Ti4+ or Zr4+ is replaced with trivalent dopants. That is, 

either TiO2 or ZrO2 layer was doped. The defect reaction governing the addition of trivalent 

dopants to TiO2 (STO) or ZrO2 (BZO) layer can be expressed in Kröger–Vink notation as: 

 

/&0'
!#!1⎯3 2/!

( + 6#∙∙ + 30#×										(1) 
 

where 6#∙∙, ;, and / correspond to the oxygen vacancy, B-site cations (either Ti4+ or Zr4+) and 

trivalent dopants (Gd3+), respectively. According to Equation 1, owing to ionic compensation, 

substitution of two B-site cations with trivalent dopants will result in the formation of one oxygen 

vacancy. In the supercell approach, the oxygen vacancy formation energy was calculated using 

 
 

<+ = <,-%(>-.) − <,-%(@A*-B) +C(.
.

D. + E/01<- 										(2) 
 

 

where <,-%(>-.) and <,-%(@A*-B) are respective DFT total energies of the heterostructure with 

and without an oxygen vacancy defect; (. is the number of atoms removed; D. is the chemical 

potential of the species removed; E is the charge of the vacancy; and <- is the Fermi energy. In 

this work, we are primarily focused on neutral oxygen vacancy defects that are formed to maintain 

the defect equilibria as given by Equation 1. As a result, the final term in Equation 2 can be 

essentially neglected. Since only one oxygen is removed in each vacancy calculation, the third 

term in Equation 2 is calculated as 2&<,-%(0&), which is the spin polarized total energy (chemical 

potential) for the ground state of an oxygen molecule in the gas phase. In computing the oxygen 

chemical potential given in Equation 2, we have neglected important corrections such as oxygen 

partial pressure, vibrational entropy, and zero-point energy of O2 molecules. The entropic and 

zero-point energy corrections are essential for making a quantitative comparison with experimental 

data, which are almost always measured at finite temperatures and specific oxygen partial 

pressures. Nonetheless, we expect that the relative physical trends in formation energies presented 
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herein are accurately captured since a change in oxygen chemical potential is expected to shift all 

the formation energies by that value. For instance, for a variety of ABO3 perovskites, Baldassarri 

et al.80 reported recently that change in the empirical correction factor for O2 is expected to result 

in a constant shift of all vacancy formation energies. Overall, we expect that the relative qualitative 

trends in oxygen vacancy formation energies as a function of interface chemistry and interface 

location are reliable. Since the calculations presented herein are conducted at 0 K and zero 

pressure, connecting defect formation data to realistic conditions encountered during the operation 

of SOFCs would require additional thermodynamic considerations pertaining to defect energetics 

and concentrations that depend on temperature and oxygen partial pressure.81 While the operating 

conditions are simplified and unrealistic in the current approach, the underlying physical principles 

involved in the calculations offer sufficient physical fidelity in predicting ground state properties 

of materials, which are foundational to its behavior under real-world conditions. For evaluating 

the oxygen vacancy formation energy in doped heterostructures, energy minimization was 

performed where the ionic positions and supercell shape were allowed to fully relax. Throughout 

the calculations, the volume was held constant at the supercell volume without the oxygen 

vacancy, which is a reasonable approximation.60 

 
3. Results & Discussion 
3.1 Atomic scale structure and stability of the interface 

 For the orientation relationship studied in this work, BZO(110)/STO(100) heterostructures 

can have four different types of interfaces depending on the interface layer chemistries. Figure 1 
depicts energetically and geometrically minimized BaO–SrO, SrO–ZrO2, BaO–TiO2, and ZrO2–

TiO2 interfaces. To estimate the stability of the heterostructure formed from two different 

materials, interface formation energy γ was calculated using 

 

F.3456+015 = lim
7→9

J.3456+015(K) − K:J;<=>,: − K!J;<=>,!
L.3456+015

												(3) 

 

wherein J is the Gibbs free energy (DFT total energy in this case), K is the number of atoms, L is 

the interface area.82 The respective interface formation energies for BaO–SrO, SrO–ZrO2, BaO–

TiO2, and ZrO2–TiO2 are 12.48 J/m2, 12.10 J/m2, 12.18 J/m2, and 12.04	J/m2, revealing their stable 
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formation. In general, Equation 3 has a factor of 2 for interface formation energy provided that 

there are two interfaces in the system.82,83 However, in the present case, due to the presence of the 

vacuum layer, there is only one interface. In addition, owing to the vacuum layer, there are two 

surfaces that further contribute to the formation energies presented herein. Since this work is 

primarily focused on understanding the defect formation at these interfaces, we have neither 

studied surface effects in detail nor quantified those values. While surface effects are important to 

understand from a fundamental standpoint, we do not expect them to contribute significantly to 

the results pertaining to interface defect formation presented in the next sections. Overall, the 

interface formation energies exhibit that these interfaces are likely to be stable, even more so at 

experimental conditions that would likely involve higher temperatures for thin film deposition. 

In Figure 2, the heterostructures are shown along the interface normal direction with the 

relaxed supercells extended in the x and y direction (3 × 3 × 1) to clearly illustrate the misfit 

dislocation network, which is indicated via yellow lines. We predict that all four interfaces have a 

dislocation structure with Burgers vector of NO⃗ = 〈100〉, which is somewhat different as compared 

to misfit dislocations at STO(100)/BZO(100), where the ZrO2–TiO2 interface had a Burgers vector 

of NO⃗ = 〈110〉.63 The misfit dislocation spacing between periodic edge dislocations is predicted to 

be roughly 1.19 nm in both [11#0]!"# and [110]!"# directions. A common feature uncovered 

across all the interfaces (Figure 2) is the presence of electrostatically favorable and unfavorable 

regions, the latter is often referred to as chemically frustrated regions. Electrostatically favorable 

regions are where counterions (i.e., anions and cations) from the two sides of the interface are 

either bonded or are nearest neighbors, whereas chemically frustrated regions are where cation–

cation or anion–anion across the interface are nearest neighbors.58,59,60 These chemically disparate 

regions have been shown to influence key material properties across various oxide interfaces.84 In 

the following section we discuss how these regions influence oxygen vacancy formation at 

BZO(110)/STO(100) interfaces. 

 

Figure 2. Top view (normal view) of interface atomic arrangement in the minimized BZO/STO 
heterostructure shown in Figure 1 for (a) BaO-SrO (b) ZrO2-SrO (c) BaO-TiO2 and (d) ZrO2-TiO2 
interfaces. For clarity, only one atomic layer on each side of the minimized interface is shown for 
BZO film and STO substrate. The geometrically optimized supercell is extended in the x and y 
directions (3 × 3) for better visualization, wherein BZO is above STO. The yellow lines (boxed 
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regions) show the misfit dislocation network. The atomic color scheme for metals is same as in 
Figure 1. To offer contrast, OBZO and OSTO ions are respectively given by red and blue spheres. 
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Figure 3. Two locations A and B for oxygen vacancy formation at the interface layers of ideal 
(undoped) BZO thin film and ideal STO substrate for for (a) BaO-SrO (b) SrO-ZrO2 (c) BaO-TiO2 
and (d) ZrO2-TiO2 interfaces. Atomic color scheme and interface orientation relationship is same 
as in Figure 2. Red checkered and blue checkered spheres indicate oxygen vacancy locations in 
BZO and STO, respectively. Only one interface layer of BZO and STO is shown, wherein the view 
is normal to the interface. 
 

 
 

 

3.2 Oxygen vacancy formation in ideal heterostructures 

 In ideal (undoped) heterostructures, for each interface, we studied oxygen vacancy 

formation at two locations A and B shown in Figure 3. Vacancy sites were chosen such that 

oxygen ions across the interface are in close proximity. The rationale for this choice is that such 

chemically frustrated locations at oxide interfaces are expected to exhibit low vacancy formation 

energy because of the repulsive Coulombic force between anions. Figure 4 depicts oxygen 

vacancy formation energies for the four undoped interfaces at sites A and B revealing that ZrO2–

TiO2 interface exhibits the lowest formation energy either in ZrO2 or in TiO2 side of the interface. 

The highest formation energies are uncovered for BaO–SrO interface, whereas SrO–ZrO2 and 

BaO–TiO2 interfaces demonstrate energies somewhere in the middle. Since oxygen density is 
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greatest in the ZrO2–TiO2 interface, removing an oxygen ion from the chemically frustrated region 

is energetically favorable as compared to BaO–SrO interface, which has the lowest oxygen density. 

Across all the four interfaces, oxygen vacancy formation is energetically favorable in the STO side 

of the interface. 

 

Table 1. Oxygen vacancy formation energies (<+) in doped BZO/STO heterostructures for various 
interface terminations. Corresponding numbered vacancy sites are depicted in Figure 5. Location 
of the two dopants are given via nearest neighbor (NN) distance with respect to the vacancy. 
location Different dopant arrangements for the same oxygen vacancy site are given by “a” and 
“b”.  
 

Interface Vacancy 
site 

Defect-dopant cluster 
location S@ (eV) 

ZrO2-TiO2 

1 

ZrO2 

1NN–2NN 0.65 

2 1NN–1NN -0.53 

3a 1NN–2NN -1.31 

3b 1NN–1NN -1.74 

4 
TiO2 

1NN–2NN -2.05 

5 1NN–2NN -0.74 

SrO-ZrO2 

6a 

ZrO2 

2NN–2NN 0.96 

6b 1NN–1NN 0.94 

7 1NN–2NN 1.52 

8a 1NN–2NN 0.50 

8b 1NN–1NN 0.54 

BaO-TiO2 

9 

TiO2 

2NN–2NN -1.01 

10 1NN–2NN -1.05 

11 1NN–1NN 1.27 

12a 2NN–2NN -0.86 

12b 1NN–2NN 0.42 

13 1NN–2NN 0.13 

14 1NN–1NN 0.91 



 15 

 

Figure 4. Vacancy formation energies (<+) in ideal BZO/STO heterostructures for various 
interface terminations. Vacancy sites A and B are shown in Figure 3. 
 

 
 
 

3.3 Oxygen vacancy formation in doped heterostructures 

 To study the role of dopants and resulting oxygen vacancy formation due to charge 

neutrality (Equation 1), we studied oxygen vacancy formation at several sites in doped ZrO2-

TiO2, ZrO2-SrO, and BaO-TiO2 interfaces. Vacancy sites were chosen as representative cases of 

dissimilar nearest neighbor environment at the three interfaces. Depicted in Figure 5, vacancy 

sites are given by numbers 1–14, with respective energies for these numbered sites and their 

location with respect to the two gadolinium dopants given in Table 1. Since acceptor doping was 

strictly performed on B-site cations, vacancies were studied in the interface layer of both ZrO2 and 

TiO2 at the ZrO2-TiO2 interface, whereas in SrO-ZrO2 and BaO-TiO2 interfaces, vacancies were 

studied in the interface ZrO2 and TiO2 layers, respectively. Depending on the location of the two 

0

1

2

3

4

5

6

0 1 2 3 4 5 6 7 8 9

!! (STO)
!! (BZO)

! !
(e
V)

"	
(%
&'

!
−
)*
' !
)

,	
(%
&'

!
−
)*
' !
)

"	
(-
&'

−
%&
' !
)

,	
(-
&'

−
%&
' !
)

"	
(,
.'

−
)*
' !
)

,	
(,
.'

−
)*
' !
)

"	
(,
.'

−
-&
')

,	
(,
.'

−
-&
')



 16 

trivalent dopants, the oxygen vacancies can form at first nearest-neighbor (1NN) or second nearest-

neighbor (2NN) distance or a combination of these two (1NN and 2NN). We restricted our 

calculations to first and second neighbors as it has been reported for other oxides that formation 

of oxygen vacancies is most stable at 1NN and 2NN distances and the influence of dopants 

diminishes at and beyond 3NN.85  

 
Figure 5. Locations given by numbers for oxygen vacancy formation at the interface layers of 
doped BZO thin film and doped STO substrate for (a) ZrO2-TiO2 (b) ZrO2-SrO and (c) BaO-TiO2 
interfaces. Atomic color scheme and interface orientation relationship is same as in Figure 3. 
Only one interface layer of BZO and STO is shown, wherein the view is normal to the interface. 
 
 

 
 
 

Among the various oxygen vacancy sites studied (Table 1), site 4 on the TiO2 layer of the 

ZrO2-TiO2 interface is predicted to be the lowest energy site, which has two dopants at 1NN–2NN. 

Since site 4 is situated in the vicinity to two oxygen ions located in the ZrO2 layer, oxygen removal 

at this site is predicted to be spontaneous. That is, the removal of oxygen ions from oxygen rich 

environment is exothermic due to unfavorable electrostatic interactions across the interface. Site 1 

located on the ZrO2 side of the interface sits right above a titanium ion, resulting in endothermic 

(positive) vacancy formation energy since removal of oxygen from a stable electrostatic region is 

energetically costly. At the ZrO2-TiO2 interface, excluding site 1, which demonstrates endothermic 

formation energy, vacancy sites 2, 3, 4, and 5 exhibit exothermic (negative) formation energies. 

Significant energy differences are observed between the dissimilar dopant arrangements at 

different sites and in some cases, even for the same site. For instance, sites 3a and 3b having 

(a) (b) (c)

VacBZO VacSTO
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respective dopant arrangements of 1NN–2NN and 1NN–1NN exhibit an energy difference of -

0.42 eV. We predict that the binding of oxygen vacancies with dopants for a given case would 

vary depending on the precise location of dopants and oxygen defects, which can be attributed to 

the interface atomic relaxation and dissimilar NN environment encountered at the interface. 

A contrasting picture is however uncovered at the SrO-ZrO2 interface. Vacancy sites 6, 7, 

and 8 examined at this interface exhibit endothermic vacancy formation. The basic reason for this 

behavior is that these vacancy sites on the ZrO2 side are located in a region of stable electrostatic 

interaction resulting in endothermic formation energies. For instance, site 8 is very close to the 

dislocation line, but is located in a region where there are no additional oxygen ions from either 

side of the interface. Removal of oxygen at this site would result in a local environment that is 

oxygen poor leaving neighboring metal ions with a smaller number of counterions resulting in 

their undercoordination. At vacancy sites 6 and 8 (sites are distinguished by notation 6a, 6b, 8a, 

and 8b), dissimilar dopant arrangements such as 1NN–1NN, 1NN–2NN, and 2NN–2NN resulted 

in minor differences in formation energies. This outcome emphasizes that dopant arrangement 

would have minimal influence on vacancy formation energies at the SrO-ZrO2 interface. That is, 

vacancy formation energy would be primarily governed by its location at the interface with 

marginal influence from the neighboring dopant arrangement.  

A different story unfolds at the BaO-TiO2 interface, wherein a mix of exothermic and 

endothermic formation energies are uncovered. Vacancy sites 9, 10, and 12a exhibit exothermic 

vacancy formation, whereas sites 11, 12b, 13 and 14 demonstrate endothermic vacancy formation. 

As observed before, the main reason is the specific vacancy location. However, contrasting 

behavior is observed as compared to ZrO2-TiO2 and SrO-ZrO2 interfaces. For instance, vacancy 

site 9, wherein the oxygen ion is located on top of the larger Ba ion is exothermic. This site is 

comparable in nearest neighbor environment with vacancy sites 1 and 6 in SrO-ZrO2 and SrO-

ZrO2 interfaces, respectively, both of which are endothermic. Since this region is electrostatically 

stable due to counterions bonded to each other, one would expect endothermic vacancy formation 

at site 9, similar to that observed at sites 1 and 6. However, at BaO-TiO2 interface, since the Ba 

ion is very large, the removal of oxygen ion decreases the strain at the interface, which facilitates 

exothermic vacancy formation. Similar behavior is uncovered at vacancy site 10. Nonetheless, 

vacancy sites 11, 13, and 14 exhibit endothermic vacancy formation because removal of oxygen 

ion from regions where they are not directly bonded with larger Ba ions requires greater energy. 
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We further investigated this behavior to comprehend the fundamental factors that result in 

dissimilarities and commonalities among the various BZO/STO interfaces and how vacancy 

formation is influenced not only by the vacancy location, but also by the interface layer chemistry 

and nearest neighbor dopant arrangement. To this end, for vacancy site A shown in Figure 3, we 

computed oxygen vacancy formation for ZrO2-TiO2, SrO-ZrO2, and BaO-TiO2 interfaces for 

dissimilar dopant arrangements, which is given in Table 2. Across the three aforementioned 

interfaces, since vacancy site A has similar nearest neighbor environment involving unfavorable 

anion–anion electrostatic interactions or the so-called chemically frustrated regions, this approach 

will allow us to distinguish the role of basic factors governing vacancy formation. For instance, 

we would expect that oxygen vacancy formation at site A in the neighborhood of dopants in 

chemically frustrated regions would be exothermic since the removal of oxygen from a repulsive 

interaction will be energetically favorable. This is observed at ZrO2-TiO2 interface, wherein higher 

density of oxygen ions and repulsive anion–anion interactions result in exothermic vacancy 

formation for 1NN–1NN and 2NN–2NN dopant configurations, both in ZrO2 and TiO2 layers 

(Table 2). On the contrary, at SrO-ZrO2 and BaO-TiO2 interfaces, endothermic oxygen vacancy 

formation is uncovered for 1NN–1NN dopant arrangement, revealing that the presence of larger 

trivalent dopants at 1NN along with larger Sr or Ba ions at the interface creates enough strain to 

raise the system energy and result in endothermic formation tendencies. In addition, at BaO-TiO2 

interface, in contrast to endothermic formation energy for 1NN–1NN dopant arrangement, 1NN–

2NN yields exothermic vacancy formation because one of the larger dopants is moved further from 

the defect location reducing the strain. Overall, these results reveal that in addition to the precise 

location at the interface, the nearest neighbor environment, the interface layer chemistry, and the 

dopant arrangements are critical in governing oxygen vacancy formation at mismatched BZO/STO 

interfaces.  

 

Table 2. For three different interfaces, oxygen vacancy formation energies (<+) in doped 
BZO/STO heterostructures with various dopant arrangements for oxygen vacancy at site A, which 
is shown in Figure 3. 
 

Interface Dopant location  Dopant position S@ (eV) 

ZrO2-TiO2  TiO2 1NN–1NN -0.20 



 19 

ZrO2-TiO2  TiO2 2NN–2NN -1.11 

ZrO2-TiO2  ZrO2 1NN–1NN -0.47 

ZrO2-TiO2  ZrO2 2NN–2NN -0.67 

SrO-ZrO2 ZrO2 1NN–1NN 0.36 

BaO-TiO2 TiO2 1NN–1NN 1.30 

BaO-TiO2 TiO2 1NN–2NN -1.01 
   

These findings demonstrate a broad range of oxygen vacancy formation energies at 

BZO/STO interfaces that are contingent on a combination of factors that include nearest neighbor 

environment and interface layer chemistry. These results shed light on the complexity associated 

with disentangling the fundamental aspects of oxygen vacancy formation at mismatched oxide 

interfaces, which is noticeably different than that observed in the grain interior.60 It is likely that 

the actual scenario is even more complex at oxide heterointerfaces, specifically due to factors such 

as strain, temperature, oxygen partial pressure, and dopant segregation, which could further 

influence the vacancy formation energies. Such complex behavior has been observed in other 

oxide heterostructures60 and reveals that STO/BZO heterostructures are likely to have a notable 

fraction of oxygen vacancies, considering that several locations on either side of the interface 

display exothermic vacancy formation energies. In addition, present calculations are performed at 

0 K, revealing that at higher temperatures and in experimental conditions, a higher oxygen vacancy 

fraction is expected at such mismatched oxide heterostructures. It is worth noting that calculations 

herein are conducted for dilute fraction of dopants and defects. At higher fractions, formation of 

oxygen vacancy at a given location is likely to impact the formation energies of additional 

vacancies in the neighborhood owing to vacancy–vacancy and vacancy–dopant interactions.59 

Addressing the complexity associated with higher defect concentration would require large 

supercells and demand high computational resources, both of which are beyond the scope of this 

work. Nonetheless, these results make a compelling case to pursue such work in the future. In 

general, results herein underpin the complexity involved in understanding defect behavior at 

mismatched oxide heterointerfaces,64 further revealing that studying oxygen vacancy formation at 

such interfaces is a fundamental prerequisite to identify ionic transport mechanisms in thin film 

oxide electrolytes. 
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Figure 6. For BZO/STO heterostructures, (a) total electronic density of states (DOS) for the four 
interfaces and (b) zoomed region in total DOS around the band gap. Partial DOS projected onto 
Ba, Zr, O, Sr, and Ti atoms in (c) BaO-SrO (d) BaO-TiO2 (e) SrO-ZrO2 and (f) ZrO2-TiO2 
interfaces. Only spin-up channel is shown. In all cases, the Fermi level is shifted to 0 eV. 
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3.4 Electronic structure and charge transfer 

 Detailed density of states (DOS) analysis was performed to gain insights into the electronic 

structure of the material and study the electron occupancies below and above the Fermi level. In 

all cases, Fermi level is set to 0 eV, so states with negative and positive energies indicate occupied 

and unoccupied (virtual) orbitals, respectively. To interpret the influence of dissimilar interfaces 

and resulting disparate bonding on the electronic structure, we studied the total DOS for BaO–

SrO, BaO–TiO2, SrO–ZrO2, and ZrO2–TiO2 interfaces, which is shown in Figure 6a, whereas 

Figure 6b shows amplification of DOS at and around the Fermi level. Evidently, the DOS for 

various interfaces exhibit similar features around the Fermi level and comparable band gaps. 

Nonetheless, the BaO–TiO2 interface shows occupancies in the band gap, primarily due to the 

partially filled Ti 3d states. To further provide a detailed view of the electronic structure, DOS 

were projected on the Sr, Ti, O, Ba, and Zr ions and their respective orbitals. Figure 6c, 6d, 6e, 

and 6f offers projected DOS for BaO–SrO, BaO–TiO2, SrO–ZrO2, and ZrO2–TiO2 interfaces, 

respectively. Predominant contribution to the valence band in these interfaces comes from O, with 

somewhat noticeable contribution from Ti and minor contributions from Ba, Sr, and Zr ions. The 

conduction band primarily contains contribution from Ti along with noticeable presence of Zr, as 

well as minor contributions from O, Ba, and Sr atoms. The overlap of various orbital signatures 

from different species in the valence band reveal strong interfacial chemical bonding, which is 

evident in interface stability analysis and interface formation energies reported earlier. Ti3+ defect 

states are likely to be observed in reducing environment, wherein an oxygen vacancy is formed in 

the neighborhood, which has two electrons associated with the vacant site.86 These two electrons 

are often trapped by neighboring Ti4+ ions, reducing them to Ti3+. As evident from Figure 6, at 

the BaO–TiO2 interface, Ti3+ polarized states appear within the band gap, which offers the 

possibility of introducing electron conductivity in the material. However, since the main function 

of thin film oxide electrolyte is high ionic conductivity, presence of electronic conductivity in the 

electrolyte could create an internal short and result in a voltage drop, which is detrimental to the 

overall performance of the SOFCs. At the BaO–TiO2 interface, since oxygen vacancy formation 

is exothermic in some cases, it is likely that this interface would exhibit Ti3+ polarized states. These 

results reveal that for designing thin film electrolytes for SOFC using the BZO/STO 

heterostructures, BaO–TiO2 interface should be avoided. 
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Figure 7. Total DOS for (a) ideal ZrO2-TiO2 interface with vacancy defect on either side and (b) 

doped ZrO2-TiO2 interface with vacancy defect on either side. (c) Total DOS for vacancy defects 

in doped BaO–TiO2 and SrO–ZrO2 interfaces. Only spin-up channel is shown. In all cases, the 

Fermi level is shifted to 0 eV. 
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In ZrO2–TiO2, BaO–TiO2, and SrO–ZrO2 interfaces, we further compared DOS before and 

after the inclusion of oxygen vacancies and corresponding dopants to study the modifications in 

the electronic states near the Fermi level. This analysis was limited to most favorable oxygen 

vacancy formation in ease case. For instance, DOS for ideal ZrO2–TiO2 interface with vacancy 

defect on either side is given in Figure 7a and DOS for doped ZrO2–TiO2 interface with vacancy 

defect on either side is offered in Figure 7b. For the undoped (ideal) case (Figure 7a), while 

slightly higher occupancies are observed in the case of oxygen vacancy in TiO2 side of the 

interface, the overall features for both the cases are more or less similar. For the doped case (Figure 
7b), similar behavior is observed indicating that these ZrO2–TiO2 interface easily accommodates 

oxygen vacancy defects with and without dopants. Although we have not shown the DOS plots for 

the ideal BaO–TiO2 and SrO–ZrO2 interfaces, analogous to the ZrO2–TiO2 interface, doped BaO–

TiO2 and SrO–ZrO2, interfaces (Figure 7c) do not demonstrate any remarkable changes in DOS 

features when compared to the undoped cases. One fundamental difference is that the formation 

energies in doped ZrO2–TiO2 and BaO–TiO2 interfaces are exothermic (Table 1), whereas those 

in corresponding undoped cases are endothermic (Figure 4). In contrast, for the SrO–ZrO2 

interfaces, formation energies at both the undoped and the doped cases are endothermic, which 

indicates that doping is likely to allow for facile vacancy formation at ZrO2–TiO2 and BaO–TiO2. 

 To examine the charge redistribution and interface charge transfer between STO and BZO, 

charge density differences before and after the charge transfer were computed. The charge density 

difference (∆U) was computed using 

 

∆U = U(!"#/$%#) − U(!"#) − U($%#)										(4) 
 

where U(!"#/$%#), U(!"#), and U($%#) correspond to the charge density of the BZO/STO 

heterostructure, isolated BZO, and isolated STO, respectively. In this formalism, ∆U demonstrates 

the charge density variations in STO and BZO when they are brought in contact. For the case of 

heterostructure with dopants and defects, various terms in Equation 4 were modified accordingly. 

For the heterostructures in their ground state (Figure 8), while a common trend of charge transfer 

from BZO to STO is observed, the qualitative features of charge density difference exhibit some 

dissimilarity. That is, in BaO–SrO (Figure 8a) and SrO–ZrO2 (Figure 8b) interfaces, charge has 
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entirely migrated to the STO structure, whereas in BaO–TiO2 (Figure 8c) and ZrO2–TiO2 (Figure 
8d) interfaces, charge accumulation reaches as far as the oxygen atoms in the second row of STO. 

The observed fundamental trend of charge transfer from BZO to STO is further corroborated in 

the 2D difference charge density slices given below the respective 3D plots in Figure 8. Using this 

strategy, we can elucidate charge migration at the interface guided by various defects. To this end, 

SI Figure 1 offers top views of charge density difference for select few cases. Depicted in SI 
Figure 1a is the charge density difference for the ideal ZrO2–TiO2 interface, i.e., without vacancies 

or dopants. When compared with vacancy and dopants on the TiO2 side for the most stable location 

(SI Figure 1b) and with vacancy and dopants on the ZrO2 side for the most stable location (SI 
Figure 1c), basic difference can be deduced. For defects on the TiO2 side, the dopant atom in the 

center has accumulated charge from the hole. Overall, the charge difference is more grouped 

together by atoms, wherein the dopants and vacancy have greater charge distributions on the TiO2 

side. For ZrO2–TiO2 interface, the vicinity of misfit dislocation has created extra charge depletion 

around oxygen atoms on the TiO2 side of the interface, allowing their removal to be energetically 

favorable. For defects on the ZrO2 side, a qualitatively similar charge distribution profile is 

uncovered. For the BaO–TiO2 interface, given in SI Figure 1d and SI Figure 1e is the charge 

density difference for the ideal and that with vacancy and dopants on the TiO2 side for the most 

stable location, respectively. For the ideal case, it is evident that charges are localized at certain 

locations near the interface from an oxygen vacancy that could potential be placed near the dopants 

that formed with high stability. This location is identified as the one that is on the misfit dislocation 

line, which offers opportunities for vacancies to form spontaneously. From the charge density 

difference in the doped heterostructure, the large clusters have now distributed charge, granting 

higher occupancies for both sides of the interface. Overall, in all cases with defects, a general trend 

of charge transfer from BZO to STO is observed, which is consistent with the ideal cases. 

 

 

Figure 8. For BZO/STO heterostructure, three-dimensional (top panel) and two-dimensional 
(bottom panel) charge density difference plots for (a) BaO–SrO (b) ZrO2–SrO (c) BaO–TiO2 and 
(d) ZrO2–TiO2 interfaces. Atomic color scheme is same as in Figure 1. Yellow and cyan 
isosurfaces indicate regions of charge accumulation and depletion, respectively. The isosurface 
value is 0.2× 10−2 e/Å3. 
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4. Conclusions 
Using first principles density functional theory, we investigated the thermodynamic 

stability of BaZrO3(110)/SrTiO3(100) heterostructures and predicted the atomic scale structure of 

misfit dislocations. Overall, we have found that BaO–SrO, SrO–ZrO2, BaO–TiO2, and ZrO2–TiO2 

interfaces are thermodynamically stable. A periodic misfit dislocation pattern is uncovered for all 

possible interface terminations. To understand the fundamental role of interface layer chemistry, 

formation energies of oxygen vacancy defects were determined. Across all the four interfaces, 

oxygen vacancy formation is energetically favorable in SrTiO3 side of the interface in ideal 

heterostructures. In heterostructures with oxygen vacancy defects and trivalent dopants, we found 

that in addition to the precise location at the interface, the nearest neighbor environment, the 

interface layer chemistry, and the dopant arrangements are critical in governing oxygen vacancy 

formation. Exothermic and endothermic oxygen vacancy formation energies are uncovered, with 

the former primarily associated with chemically frustrated regions. The charge transfer mechanism 

from BaZrO3 to SrTiO3 is observed for both defect-free and defective interfaces. Fundamental 

insights offered in this work highlight the importance of understanding the atomic and electronic 

(a) (b) (c) (d)
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structure of oxide interfaces and correlating it with oxygen vacancy defect formation, which is 

critical in evaluating ionic transport in solid oxide fuel cell electrolytes based on oxide thin films. 
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